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ABSTRACT 

Additive manufacturing (AM) has gained considerable academic and industrial interest due to its 

ability to produce parts with complex geometries with the potential for local microstructural 

control. However, due to the large number of material and process variables associated with AM, 

optimization of alloying compositions and process parameters is an arduous task. There is a 

fundamental gap in understanding how changes in process variables and material properties affect 

additively manufactured parts. An optimization framework to determine process parameter ranges 

for building porosity-free parts is introduced here and validated for a newly developed ultra-high 

strength steel alloy. This framework utilizes the computationally inexpensive Eager-Tsai model, 

calibrated with single track experiments, to predict the melt pool geometry. A geometric criterion 

for determining maximum allowable hatch spacing is also developed to avoid lack of fusion 

induced porosity in the as-printed parts. This process optimization framework is then applied to 

four binary nickel-based alloys, namely, Ni-20at.% Cu, Ni-5at.% Al, Ni-5at.% Zr, and Ni-8.8at.% 

Zr in order to study the effects of alloying composition and material properties on printability and 

solidification microstructures in AM. These compositions are selected to represent binary 

isomorphous, weak solute partitioning, strong solute partitioning, and eutectic alloying conditions 

respectively. Single track and bulk experiments are conducted to quantify the effects of varying 

material properties such as solidification temperature ranges, alloy melting temperatures, and other 

solidification conditions on resultant microstructures across the laser powder bed fusion (L-PBF) 

parameter space. A second layer is added to the parameter optimization framework to predict 

microsegregation across the laser power – scan speed parameter space and is validated for each of 

these alloys to determine how material properties affect printability and microstructure in L-PBF. 

Finally, the effect of post processing treatments on additively manufactured ultra-high strength 
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steel are studied to refine and homogenize microstructural features and further improve mechanical 

properties. This knowledge will be vital in optimizing alloy chemistry, process parameters, and 

post processing schedules to design alloys specifically for additive manufacturing, as well as to 

provide a path toward local microstructure control. 
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INTRODUCTION* 

Laser Powder Bed Fusion 

Several additive manufacturing processes have been designed to produce metallic materials. 

These processes can be categorized based on feedstock and feeding mechanisms. This work 

focuses on Laser Powder Bed Fusion (L-PBF) processes. Laser powder bed fusion (L-PBF) is an 

additive manufacturing (AM) process with the ability to manufacture metallic parts with complex 

geometries that would be challenging or impossible to produce with traditional manufacturing 

techniques. L-PBF has been used to fabricate a variety of alloy systems originally designed for 

traditional manufacturing processes such as  nickel-based super alloys [1–5], Al-Si-Mg alloys 

[2,6,7], austenitic steels [2,8], Ti-6Al-4V [2,9–11], as well as many other alloys [12–21].  

Powder bed fusion AM is popular due to its ability to produce finely detailed near net-shaped 

parts with high accuracy. This is due to the small energy source size, fine distribution of powder 

particles (typically ranging between 10 – 60 µm for L-PBF) used in the process, and thin layering 

strategy (typically between 20 – 100 µm) [2,22]. During laser powder bed fusion, a thin layer of 

powder is spread onto a substrate by a roller. This layer is then subjected to laser rastering in a 

pass-by-pass motion. The roller then deposits a new layer of powder on top of the previous layer,
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 and the cycle is repeated. L-PBF is typically conducted in an inert environment such as an 

argon or nitrogen atmosphere.  

There are many variable process parameters in L-PBF. Some of these parameters include the 

following: laser power, scanning speed, hatch spacing, powder layer thickness, scanning strategy 

(unidirectional, bidirectional, zigzag, island, etc.), hatch angle (the change in rastering angle 

between each subsequent layer), substrate temperature, and many others. Each of these variables 

can have significant effects on the microstructural and mechanical properties of as-built parts 

[2,23–25]. Improper selection or combination of these parameters can lead to an increased amount 

of porosity or other defects in the build [2,23–25]. 

 

Figure 1. A schematic of the selective laser melting process showing the laser source, powder 

beds, recoater blade or roller, and build chamber [26].  

Defects in AM 

The formation of defects in additive manufacturing has significant effects on the mechanical 

properties of as-built parts. Common defects include porosity, surface roughness, and internal 

stress. These defects and their formation mechanisms are generalizable to many different alloying 

systems and AM processes. The formation of porosity in AM can have deleterious consequences 
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to ductility and fatigue life of as-printed parts [2,25]. Surface roughness can similarly reduce the 

fatigue life in many alloy systems. High internal stresses can cause parts to warp if subjected to 

post-processing heat treatments and reduce the ductility of as-printed parts. The following section 

will discuss porosity formation mechanisms and possible mitigation strategies. 

Lack of Fusion 

Lack of fusion is a common porosity formation mechanism in all additive manufacturing 

processes. As the name suggests, lack of fusion is caused by insufficient melting during deposition, 

creating a void inside the bulk specimen. This is typically due to poor process parameter selection. 

For L-PBF, proper selection of power, speed, hatch spacing, and layer thickness is required to 

avoid lack of fusion porosity. High power melts more material and is associated with large melt 

pools. High scan speed reduces the amount of time the material is exposed to the heat source and 

is associated with reduction in melt pool size. The morphology of the melt pool depends heavily 

on the dominant mode of heating. At low power, conduction through the substrate and convection 

in the melt pool are the dominant modes of heat transfer, and the molten pool will take a 

semicircular to elliptical shape [2,27,28]. However, at high laser powers melt pool depth will 

increase exponentially, whereas the width of the melt pool will continue to increase based on 

conduction mode heating [27,29]. This is because of the effect of vaporization on heat transfer in 

a process known as keyholing, which will be discussed more in the following section. These 

changes in melt pool size also effect lack of fusion based porosity. Small melt pool widths require 

the selection of small hatch spacing values for neighboring tracks to overlap. Melt pools must be 

deep enough to penetrate the previous layer of material for suitable layer fusion. This means that 

parameters must be adjusted for different layer thicknesses to avoid lack of fusion.  
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Several studies attempt to predict melt pool dimensions in various materials to avoid lack of 

fusion porosity with reasonable success. Mukherjee et al. [30] proposed a dimensionless equation 

to predict lack of fusion based porosity in parts built using L-PBF. This equation fit reasonably 

well with literature values for lack of fusion porosity in Ti-6Al-4V. Dimensionless equations in 

AM are used in an attempt to generalize predictions across material systems. However, some of 

the thermophysical material properties required to use this equation, such as Marangoni number 

(this number quantifies the shear stress driving fluid flow in the molten pool) and absorption 

coefficients for the liquid and solid states of the material, are not readily available for less popular 

alloys. Other studies have attempted to use conduction based models pulled from welding literature 

to predict melt pool morphology [2,31]. Although these models do not consider powder on the 

surface of the substrate or the other modes of heat transfer discussed earlier, they give reasonable 

predictions of melt pool morphology at low energy densities. Due to the influence of keyhole mode 

heating at high energy densities, conduction based models are not accurate at high energy densities 

[2]. Using models to predict lack of fusion based porosity for proper selection of process 

parameters is currently a hot topic of research [2,10,27,30–32]. Much work is needed to accurately 

predict melt pool morphology and avoid costly experimentation. 

Keyholing and Vaporization 

The concept of keyholing is not unique to additive manufacturing, and is well documented in 

welding literature [33]. This process involves the use of high energy input vaporizing metallic 

material in the weld pool. The vaporized material then absorbs more energy due to a process called 

the “Inverse Bremsstrahlung” process [34]. This increase in energy absorbed from the power 

source then causes the vaporization of more material in a cyclical process. Since power source 

distributions in laser beam welding and additive manufacturing can typically be represented by a 
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Gaussian distribution profile, implying the intensity of the power source is concentrated at the 

center, this keyholing phenomenon results in a deep and narrow melt pool. These keyholing melt 

pools are unstable and can collapse, entrapping inert gas and creating pores within a build 

[27,35,36]. An image of a keyhole melt pool and its resultant porosity is displayed in Figure 2b. 

Keyholing induced porosity is typically larger than 50 µm, and can have globular shapes or sharp 

edges. 

Keyholing typically occurs at high energy densities. This means that keyholing occurs at 

combinations of high laser powers and low scan speeds. Matin et al. [37] showed that keyhole 

induced porosity can occur during laser turning points during L-PBF processing of Ti-6Al-4V 

components. This is due to the reduction in scanning velocity while laser power remains constant 

as the laser approaches a turning point, resulting in increased energy input and keyhole mode 

porosity formation [37]. They reported that a linear reduction in laser power during these turning 

point approaches successfully mitigates the formation of these pores [37]. 

 
 

(a) (b) 

Figure 2. Optical microscope images of different types of pores characteristic to additive 

manufacturing [2]: a) Lack of fusion and gas entrapped porosity in AM part [38]. b) Keyholing 

induced porosity in a single track produced by laser powder bed fusion [27]. 
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Balling 

High variance in melt pool width has been observed to occur at high scan speeds in single-

track scans for L-PBF manufacturing [2,39]. Single-tracks printed at high scan speeds can form as 

molten droplets instead of a continuous molten pool. As scanning speed increases, the melt pool 

elongates and becomes unstable. In order to maintain uniform capillary pressure, the molten pool 

to breaks up into small droplets [2]. This melt pool instability is known as Plateau-Rayleigh 

capillary instability and is due to the tendency of liquids to minimize their surface area. The molten 

droplet effect in AM is known as balling. In order to mitigate this effect, the maximum allowable 

molten pool length can be defined by the ratio L/D ≥ π, where L is melt pool length and D is melt 

pool depth [40].  An SEM micrograph showing the effect of scan speed on track morphology is 

displayed in Figure 3. The balling phenomenon is clearly observable in tracks with scan speed 

above 300 mm/s. This phenomenon can result in porosity and surface roughness due to the uneven 

melt pool structure. Limiting scan speed and implementing high enough laser power to maintain 

the length to depth melt pool dimension ratio can mitigate the balling effect. 

 

Figure 3. An SEM micrograph showing the effect of scan speed on track morphology. The 

balling phenomenon is clearly observable in tracks with scan speed above 300 mm/s [2,39]. 
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Parameter Optimization for Porosity 

Optimization of process parameters to fabricate porosity-free samples is typically achieved via 

a broad sweep of experiments at many parameter sets [41–44], which is an arduous and time 

consuming procedure. Several model-based approaches to predicting melt pool dimensions have 

been proposed in order to reduce the experimental requirements for determining suitable process 

parameters [10,31,32,45,46]. These range from computationally intensive and lengthy [45,46] to 

simple and fast analytical models [31,32]. However, literature on bridging the gap between melt 

pool dimension predictions and building porosity-free parts is sparse. Some studies have suggested 

using optimal melt pool dimension ratios to determine variables such as hatch spacing [32,47]. 

This approach still requires laborious experimentation to determine these optimal ratios and does 

not account for porosity formation mechanisms such as balling or keyholing. Establishing a 

framework to implement model-based approaches to building porosity-free parts is therefore 

essential.  

Abrahams recently discovered a relatively inexpensive, low alloy, ultra-high strength 

martensitic steel called AF9628 [48]. It takes advantage of the formation of an -carbide phase 

resulting in the observed ultra-high strength levels. The material displays tensile strengths in 

excess of 1.5 GPa with around 10% tensile elongation [49,50]. With proper microstructural 

refinement, the strength level can exceed 2.0 GPa in AF9628 [51]. Due to the ease of fabrication 

and low cost of constituent elements, AF9628 has attracted significant industrial interest in the last 

few years. There is also some interest in producing geometrically complex high strength steel parts. 

However, currently there is no known work describing process-structure-property relationships for 

AF9628 in the context of additive manufacturing. This warrants a systematic study focusing on 
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the effects of additive manufacturing process parameters on the microstructural evolution and 

resulting mechanical properties of this new martensitic steel.  

The present work utilizes the simple analytical Eagar-Tsai [52] model for predicting melt pool 

geometry, combined with single track experiments, and a geometrical hatch spacing selection 

criterion developed in this work to investigate the range of process parameters for AF9628, which 

consistently lead to full densification of SLM parts. The microstructure and mechanical properties 

are then characterized to determine the overall feasibility of SLM processing for bulk AF9628 

samples, and to investigate the role of process parameters in the resulting mechanical properties.  

Microstructural Challenges 

Alloy Composition and L-PBF Process Parameters 

Alloy systems historically used in L-PBF vary widely in both the ranges of manufacturing 

process parameters required to build fully dense parts as well as their microstructural responses to 

L-PBF processing. Nickel-based superalloys such as Inconel 718®, for example, can display 

cellular-dendritic microsegregation that results from the high cooling rates during solidification 

associated with L-PBF [2,5,53,54]. On the other hand, Ti-6Al-4V does not typically display 

microsegregation structures in the as-fabricated condition [55]. Differences in microsegregation 

between alloys have typically been attributed to the solidification ranges and partition coefficients 

of the alloys being processed [2], though these effects have not been sufficiently quantified for 

AM. Microsegregation can have an impact on the mechanical properties and performance of 

fabricated parts. In nickel-based superalloys, microsegregation of niobium can lead to the growth 

of δ and laves phases which are detrimental to the performance of these alloys [1,2,5,53]. 

Mitigation of these issues has generally consisted of identifying optimized process parameters that 

circumvent the formation of microsegregation structures [56,57], or implementing post processing 
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heat treatments to resolve them [1,2,5,53,58,59]. However, post processing treatments can result 

in coarse grain structures, and may not be able to resolve the formation of detrimental phases that 

are stable at high temperatures such as δ phase and MC carbides in nickel-based superalloys [5,53]. 

Therefore, the ideal strategies for mitigating the formation of such detrimental phases are 

preventing microsegregation by using optimized process parameters or by tailoring alloy 

composition. 

In addition to differences between alloy systems, the selection of process parameters can have 

a significant impact on microstructural development [2,56,60]. Using a laser rapid directional 

solidification model that they developed, Liang et al. [60] predicted an increase in the 

microsegregation of tungsten at low scan speeds and high laser powers in the single crystal nickel-

based super alloy SRR99. Karayagiz et al. [56] developed a framework coupling a finite element 

thermal model with a non-equilibrium phase field model in order to accurately predict 

microsegregation in single track scans of an L-PBF fabricated Ni-Nb alloy. They found that 

cellular-dendritic growth structures varied in both size and solute segregation depending on the 

linear energy density used for each laser scan [56]. Cellular structures with Nb-rich boundaries 

were observed at high energy densities, whereas planar growth was shown to dominate the 

microstructures of low energy density Ni-Nb single tracks [56]. However, these predictions target 

single laser scans due to the complex thermal histories associated with the layer-by-layer 

development of L-PBF which can be difficult and computationally expensive to model. 

Additionally, current literature has focused on predicting microstructural evolution as a function 

of interface growth velocities (R) and thermal gradients (G), which do not easily translate to usable 

input parameters for the L-PBF process such as laser power and scan speed [56,61]. The 
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establishment of a simple approach to evaluate bulk solidification microstructures across the L-

PBF parameter space is therefore highly valuable. 

There is substantial interest in designing new alloys to address the complex challenges posed 

by additive manufacturing [62]. To develop new alloys, an understanding of how compositional 

and material property changes affect additively manufactured parts is critical. This work utilizes 

the previously established parameter optimization framework [21] combined with experimental 

single track microsegregation data in order to develop processing maps for both densification and 

microstructure in L-PBF. Processing maps are then developed for four binary nickel-based alloys, 

namely, Ni-20at.% Cu, Ni-5at.% Al, Ni-5at.% Zr, and Ni-8.8at.% Zr in order to represent binary 

isomorphous, weak solute partitioning, strong solute partitioning, and eutectic alloying conditions, 

respectively. Quantitative wavelength dispersive spectroscopy (WDS) observations of both single 

track and bulk experiments are used to validate the processing maps as well as to elucidate the 

effects of material properties and alloying conditions on printability and microstructure in L-PBF. 

An empirical model is developed by exploiting the dataset generated in this study using materials 

informatics to accurately predict dendritic microsegregation structures as a function of L-PBF 

process parameters and easily accessible material property inputs. 

Post Processing Heat Treatments for AF9628 

Several recent studies have attempted AM of martensitic steels using LPBF. Dilip et al. [63] 

fabricated the martensitic HY100 steel using LPBF, and achieved near-fully dense (99.7% density) 

parts. However, heterogeneous microstructures with the mixture of tempered and untempered 

martensite bands were observed in the as-printed parts [63]. These bands were attributed to the 

thermal cycling effects of layer by layer deposition associated with the LPBF process [63]. As-

printed HY100 parts displayed significant tensile anisotropy, showing greater ultimate tensile 
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strength (UTS) and lower ductility in samples loaded perpendicular to the building direction (BD) 

compared to those loaded parallel to the BD [63]. Along both of the directions tested, as-printed 

specimens had greater yield strength (YS) and UTSs but significantly lower ductility in 

comparison to their wrought counterparts [63]. Jelis et al. [64] investigated anisotropy in the 

microstructure and mechanical properties of LPBF fabricated AISI 4340 steel. As-printed AISI 

4340 displayed tensile anisotropy and microstructural tempering bands similar to what was found 

in HY100 [63,64]. These specimens were found to have lower YSs and UTSs but greater ductility 

than as-wrought AISI 4340 [64]. Directional dependence of mechanical properties and 

microstructural inhomogeneity observed in LPBF low alloy steel parts can be detrimental to part 

performance. Understanding how to mitigate these effects while also targeting traditionally 

processed material property standards will enhance the feasibility of using these materials and 

parts in industrial applications. 

In order to address the aforementioned issues, both of the studies also performed post-

processing heat treatments on HY100 [63] and AISI 4340 [64]. Dilip et al. [63] tested several heat 

treatment schedules on as-fabricated specimens: three direct temper treatments at different 

temperatures (620 °C, 650 °C, or 670 °C for 2 hours followed by furnace cooling), and three 

quench and temper treatments with varying tempering temperatures (900 °C for 1 hour followed 

by water quenching, then tempering at 620 °C, 650 °C, or 670 °C for 2 hours followed by furnace 

cooling). They were able to replicate the mechanical properties of traditionally processed HY100 

as well as homogenize the microstructure of the LPBF specimens with a water quench and temper 

treatment at 650 °C [63]. With a heat treatment schedule of: stress relief, normalization, 

austenitization and oil quenching, and double tempering, as-printed AISI 4340 was found to have 

superior mechanical properties compared to the wrought material [64]. These results indicate that 
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post processing heat treatments are relatively successful at improving the mechanical properties of 

LPBF low alloy steels. 

Wrought AF9628 exhibits tensile strengths above 1.5 GPa with ~10% elongation [49,50]. 

Vaughan et al. [51] reported that by controlling prior austenite and martensite grain sizes via equal 

channel angular processing (ECAP), the tensile strength of AF9628 can be controlled and can even 

exceed 2.0 GPa with a strain to failure levels over 6%. They also reported a quench and temper 

heat treatment schedule for as-forged AF9628 that resulted in 1.77 GPa UTS and 11.5% elongation 

[51]. AF9628 is relatively easy and less expensive to fabricate compared to its alloyed steel 

competitors. These properties have rendered this new steel an attractive alternative for industrial 

applications. In the interest of producing geometrically complex high strength steel parts, Seede et 

al. [21] explored the potential for AF9628 to be fabricated via LPBF. They reported a range of 

parameter sets that resulted in fully dense (> 99% density) parts. Melt pool structures with 

tempered and untempered martensitic regions were observed in the as-fabricated specimens. 

Cellular solute segregation structures were observed in both the powder and as-printed specimens, 

however, it is unknown whether these impacted the mechanical properties of the material [21]. Up 

to 1.4 GPa UTS with 10% elongation was reported for LPBF AF9628 specimens, and tensile 

anisotropy was observed [21]. It is therefore possible that the melt pool morphology and chemical 

segregation found in as-printed AF9628 result in the observed differences in mechanical properties 

(i.e. lower UTS) compared to the as-forged and heat-treated ingot metallurgy materials. 

Additionally, no post processing heat treatments and their effects on the mechanical properties 

have been reported to date for the LPBF AF9628 materials. 

To assess the differences in mechanical properties between traditionally processed AF9628 

compared to the additively manufactured material and pinpoint the potential reasons, the present 
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work characterizes the effects of post processing heat treatments on the microstructure and 

mechanical properties of LPBF AF9628 martensitic steel. This work also presents the impact 

toughness of additively manufactured AF9628 for the first time, which is an important property 

for practical applications, and demonstrates the effects of subsequent heat treatments on the 

toughness. 
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PROPOSED PARAMETER OPTIMIZATION FRAMEWORK* 

Porosity Optimization Framework for AF9628 Ultra-High Strength Steel 

Analytical Model to Predict Melt Pool Dimensions 

To determine the printability region of AF9628, i.e. the region in the laser power-scan speed 

parameter space where printing fully dense parts is possible, a broad sweep of the parameter space 

must be performed, either experimentally or numerically. For this purpose, the low fidelity but 

simple and computationally inexpensive Eagar-Tsai (E-T) analytical model is used to predict melt 

pool dimensions. Prediction of melt pool dimensions is the first step in the SLM parameter 

optimization framework because melt pool size either dictates or is a signature for parts’ 

susceptibility to processing-induced porosity such as keyhole porosity or lack of fusion porosity 

[2]. The goal of selecting a simple, but fast and reasonably predictive, model to predict melt pool 

dimensions, instead of using a high fidelity, sophisticated finite element analysis that captures the 

majority of the governing physics, is to eventually develop a simple process parameter 

optimization framework that is easily implementable by additive manufacturing practitioners.  

The E-T model describes the impact of welding process parameters on the geometry and 

temperature distribution of weld melt pools [52]. The model represents the welding process as a 

traveling heat source with a Gaussian profile over a semi-infinite flat plate and then calculates the 

temperature distribution across the plate [65]. This model has been reported in the literature to be 

a good representation of the melt pool for the SLM process [35,65,66]. To estimate the temperature 

distribution, and hence the melt pool dimensions (width and depth), the E-T model takes two 
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categories of inputs into consideration: heat-source parameters (i.e. laser power ‘P’, scan speed 

‘v’, and a Gaussian-distributed laser beam diameter ‘d’ which corresponds to four standard 

deviations of the Gaussian profile of the beam) and material properties  taken as constant (i.e. 

thermal conductivity ‘k’, specific heat capacity ‘Cp’, density ‘’, melting temperature ‘Tm’, and 

absorptivity ‘A’). The E-T model is limited by the existence of two sources of uncertainty; 

parameter uncertainty in the material properties, especially for newly developed materials like 

AF9628, and structural uncertainty also known as model inadequacy, model bias, or model 

discrepancy. Structural uncertainty comes from the simplifying assumptions in the model, i.e. the 

temperature-independent material properties, the neglect of latent heat evolution during melting 

and/or boiling, and the semi-infinite plate assumptions [67]. These two types of uncertainty can 

drastically affect the accuracy of melt pool predictions.  

To overcome the uncertainty problem, a statistical calibration methodology is used here to 

construct a surrogate statistical model that accounts for these sources of uncertainty. This 

methodology consists of two stages: the first is constructing the surrogate model for the E-T model 

using Gaussian process regression, and the second is combining this model with experimental 

single-track measurements to perform statistical calibration of the unknown or inaccurate 

parameters. Model inadequacy in describing the physical behavior of the experimentally 

characterized melt pools is accounted for using a discrepancy function so that predictions from the 

calibrated model agree with the experimental measurements. The methodology implemented here 

is based on the Kennedy and O’Hagan [68] framework for the calibration of computer models 

which has been successfully applied to the calibration of a finite element thermal model of an SLM 

melt pool [69,70]. 
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Single Track Sampling 

To initialize the model calibration process and eventually accurately predict melt pool 

dimensions in the laser power ‘P’ and scan speed ‘v’ processing space, single-track experiments 

were designed based on the initial predictions of the E-T model, and the available SLM additive 

manufacturing system specifications (Pmin, Pmax = {29, 260 W} and vmin, vmax = {50, 2500 mm/s}). 

Pmax and vmax were taken as the available machine limit, and vmin was selected as 50 mm/s in order 

not to have prohibitively slow printing speeds. Pmin was selected as the minimum amount of power 

required to achieve a melt pool depth equal to one layer thickness of material at vmin. 

The initial material property inputs for the E-T model were selected as follows: thermal 

conductivity ‘k’ and specific heat capacity ‘Cp’ were approximated for AF9628 using the 

properties of HY-100 steel which is another type of low alloy martensitic steel. These properties 

were selected at melting temperature in the solid state as an approximate reference point. HY-100 

steel has, at melting, a thermal conductivity of 35.73 (W/m*K) and specific heat capacity of 705 

(J/kg*K) [71]. The absorptivity of the substrate with a layer of AF9628 powder was approximated 

using reported experimental measurements of 316L steel powder absorptivity measured with a 1 

µm wavelength laser and a powder layer thickness of 100 µm [72]. The value of absorptivity used 

is 68% [72] which should not differ significantly from one steel type to another.  

Figure 4a displays the initial printability criteria which are based on predicted melt pool 

dimensions using the uncalibrated E-T model, and the process parameter sampling distribution for 

single-track experiments. These criteria were chosen based on literature-defined optimal melt pool 

dimension relationships: D/t = 1 and D/t = 1.5 were chosen as the lack of fusion and optimal track 

specifications [32,73], respectively, where D is the depth of the melt pool and t is the powder layer 

thickness (37 µm). The first criterion is selected so that the laser beam melts, at minimum, a 
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material layer as thick as the powder layer to guarantee no lack of fusion between two successive 

printed layers. Roehling et al. [74] reported that keyholing occurs at an aspect ratio of D/W > 1.5, 

where W is the melt pool width. However, this aspect ratio was too small to appear in the selected 

processing space for the uncalibrated E-T model. Therefore, the keyholing condition D/W = 2.2 

was plotted as a reference.  

 

(a) (b) 

Figure 4. (a) A plot of the selective laser melting parameter space, for our commercial AM 

system, with the predictions of the uncalibrated E-T model and the selected single-track 

sampling points for the experiments. b) Selected AF9628 single-track cross-sectional images 

demonstrating different types of melt pool characteristics that can be considered as signatures 

for different defect structures. Top Left: melt pool that will lead to lack of fusion, Top Right: 

melt pool that is likely to lead to keyholing porosity, Bottom Left: an ideal melt pool that may 

result in porosity-free parts with white arrows signifying width (W) and depth (D) 

measurements, Bottom Right: melt pool showing balling. 

 

P = 58 (W), V = 1.142 (m/s) P = 200 (W), V = 0.476 (m/s)

P = 189 (W), V = 0.853 (m/s) P = 250 (W), V = 2.388 (m/s)
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Three regions were chosen for separate sampling strategies for the single-track experiments in 

the predicted processing space (separated by the dashed lines in Figure 4a. The first region was 

selected based on the laser scan speeds that contained vmin = 50 mm/s and the calculated scan speed 

at Pmax (v = 1145 mm/s, shown by vertical dashed line) to satisfy D/t ≥ 1.5. This region is expected 

to contain the majority of the final optimal printabilty region (provided that the E-T model 

predictions are reasonably accurate). The second region was limited to scan speeds between v = 

1145 mm/s and v = 2050 mm/s, the later of which is the speed at which D/t ≥ 1.0 at Pmax. The third 

region contained the rest of the parameter space (v = {2050, 2500 mm/s}), which is unlikely to 

result in porosity-free prints, but included to validate and better calibrate the model. Forty single 

tracks were sampled over the entire parameter space: 20 in the first region, 14 in the second, and 

6 in the third. More single tracks could be selected for sampling but the total was limited to 40 to 

minimize the time to characterize all the tracks. Latin hypercube sampling was implemented in the 

first region of the parameter space in order to maximize the representation of this region [75]. 

Grid-based parametric sampling was selected for the second and third regions. Examples of a few 

selected single-track cases are presented in Figure 4b. 

Statistical Calibration of the Model 

The first stage of the Kennedy and O’Hagan framework for the calibration of computer 

simulation models is to construct a multivariate Gaussian process surrogate model to the E-T 

model that is computationally less expensive than the E-T model. To develop this surrogate model, 

500 samples were generated from the E-T model according to a Latin hypercube sampling strategy. 

In this strategy, the inputs are split into three groups based on their measurability: control 

parameters, calibration parameters, and fixed parameters. Control parameters, i.e. laser power ‘P’ 

and scanning speed ‘v’, are varied according to the SLM system specifications and minimum P 
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and v values selected (Pmin, Pmax = {29, 260 W} and vmin, vmax = {50, 2500 mm/s}). Unobservable 

calibration parameters, i.e. thermal conductivity ‘k’, specific heat capacity ‘Cp’ and absorptivity 

‘A’, are varied as follows: kmin, kmax = {20, 120 W/m*K}, Cp,min, Cp,max = {450, 880 J/kg*K}, and 

Amin, Amax = {0, 100%}. Since the E-T model assumes conduction mode heat transfer and does not 

take melt pool convection into account, the optimal effective thermal conductivity value for the E-

T model is inflated compared to the initial value. For this reason, a large upper bound (120 W/m*K, 

in order to accommodate the convective heat transfer) and a lower bound (20 W/m*K) close to the 

initial value from the literature [71] were selected for calibration purposes. The range for specific 

heat capacity was selected based on a lower bound representing the specific heat capacity at 

melting temperature for the solid material (approximated from HY-100), and an upper bound 

representing an effective specific heat capacity of melting. The effective Cp of melting is simply 

calculated as the slope of a linear fit to enthalpy vs temperature bounded between room 

temperature in the solid state and melting temperature in the liquid. Beam size ‘d’, density ‘’, and 

melting temperature ‘Tm’ were kept constant at 80 m, 7800 kg/m3, and 1773 K, respectively. 

Density and melting temperature values were reported by the powder manufacturer. 

In the second stage, the surrogate model is calibrated using a Bayesian framework with the 

single-track measurements of the melt pool dimensions (width and depth) so that the model 

predictions agree with the experimental data. Calibration consists of a search for hyperparameters 

of the surrogate model that result in minimized prediction error. Due to the limitations of the 

thermal model, the error between the calibrated model predictions and the experimental 

measurements is still large in some regions of the processing space. A discrepancy function is then 

added to further reduce the prediction error of the model. To assess the performance of the 

calibrated model, a detailed representation of the error over the search space is plotted in the form 
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of two contour-maps of the absolute prediction error, displayed in Figures 5a and 5b. The mean 

absolute prediction error (MAPE) for width is 2.77%±2.54% and for depth is 11.95%±14.83%. 

The minimum and maximum prediction error for width is 0.12% and 13.67%, and for depth is 

1.46% and 75.55% respectively. Although the original E-T model predicts all three melt pool 

dimensions (width, depth and length), only width and depth are experimentally measured (due to 

the difficulty in measuring the melt pool length experimentally in single tracks). Therefore, the 

surrogate model is calibrated using only the width and depth experimental measurements and can 

only be used to accurately predict these two melt pool dimensions. The predicted melt pool 

dimensions are then used to build the keyholing, lack of fusion, and hatch spacing criteria, and 

associated boundaries in the printability map, as described above. 

 

(a) (b) 

Figure 5. Absolute prediction error contour maps of the E-T model after statistical calibration 

as compared to the experimental measurements for (a) melt pool width and (b) melt pool depth. 
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The mean absolute prediction errors (MAPE) for width and depth are 2.77% and 11.95%, 

respectively. 

 

Geometric Hatch Spacing Criteria 

The calibrated Eagar-Tsai model allows for reasonably accurate predictions of melt pool 

dimensions across the defined parameter space. This data can be utilized to determine hatch 

spacing values that promote full interlayer fusion for a given parameter set. Some studies have 

suggested that hatch spacing can be selected using an optimal ratio of width/hatch spacing [32,47]. 

The present study takes a different approach: we propose and test a geometrically derived hatch 

spacing criterion to calculate the maximum allowable hatch spacing to promote full fusion for a 

given melt pool width, melt pool depth, and layer thickness. Then we determine the maximum 

hatch spacing for all laser power and speed combinations in the printability/processing maps using 

the E-T model predictions of melt pool width and depth. 

In the interest of promoting fusion between melt pools with a conservative approach to 

selecting hatch spacing, the transverse shape of each melt pool is assumed to be a parabola with 

width (W) and depth (D), as is illustrated in Figure 6a. This initial assumption only takes account 

of the section of the melt pool that has penetrated the substrate. The parabola intersects the 

substrate surface at x = W/2, therefore, the melt pool can be characterized as a function of W, D, 

and x as: 

𝑦(𝑥) =
4𝐷

𝑊2 𝑥
2     (1) 

The initial melt pool is situated at the origin of our reference frame with a neighboring melt pool 

having a vertex at a distance equal to the hatch spacing (h) along the x direction. These melt pools 
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intersect at x = h/2, and their overlap depth (OD) with respect to the substrate can be calculated as 

OD = D – y (h / 2). A formula for overlap depth can now be derived as: 

𝑂𝐷 = 𝐷(1 −
ℎ2

𝑊2)    (2) 

A full melt pool, the top and bottom of which are both parabolas with equal widths, is then taken 

into consideration, as illustrated in Figure 6b. This melt pool is similarly situated at a distance h 

from a neighboring melt pool. The overlap height (OH) of these melt pools can be calculated in a 

similar fashion to the overlap depth, and a relationship between OD and OH is established: 

𝑂𝐷

𝐷
=

𝑂𝐻

𝐻
     (3) 

In order to have full melting during deposition of the second layer, the melt pool overlap depth of 

the second layer and overlap height of the first must be equivalent to at least the 2nd layer’s effective 

substrate height, also equal to H. In other words, OD + OH = H. The overlap depth can then be 

calculated as: 

𝑂𝐷 =  
𝐻 ∗ 𝐷

𝐻+𝐷
     (4) 

Since the melt pool height is not a convenient variable to predict or measure, the conservative 

assumption is made that the melt pool height is equal to the layer thickness (t): 

𝑂𝐷 =  
𝑡 ∗ 𝐷

𝑡+𝐷
     (5) 

Plugging this result into eqn. 2, a relationship between maximum hatch spacing (hmax), melt pool 

width, melt pool depth, and layer thickness can be obtained: 

ℎ𝑚𝑎𝑥 = 𝑊√1 −
𝑡

(𝑡+𝐷)
    (6) 
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Thus, a maximum value for hatch spacing can be calculated at any given point in the process 

parameter space. 

 

(a) (b) 

Figure 6. An illustration of (a) the transverse cross section of the bottom half of two melt pools 

approximated to be parabolas with a reference axis, and (b) the transverse cross section of two 

melt pools with both their top and bottom halves approximated by parabolas. W: Width of the 

melt pool, D: Depth of the melt pool, H: Height of the melt pool, h: Hatch spacing – the distance 

between the centers of two successive laser passes, OH: Overlap height of two melt pools, OD: 

Overlap depth of two melt pools.   

 

Experimental Methods 

Custom gas atomized AF9628 powder was acquired from Nanoval GmbH & Co. KG. The 

composition of AF9628 was determined by inductively coupled plasma atomic emission 

spectroscopy (ICP-AES) in both the bulk and powder samples, displayed in Table 2. Single tracks, 

cubes, and tension samples were printed using a 3D Systems ProX DMP 200 Laser Type (fiber 

laser with a Gausian profile, λ = 1070 nm, and beam diameter = 80 µm) additive manufacturing 

system purged with high purity argon. Both the cubes and tensile specimens were printed using a 
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bi-directional scan strategy with a hatch angle of 45°. A constant layer thickness of 37 µm was 

used which is equal to the D80 of the as-received powder, where Dxx is the size of the cumulative 

distribution of the powder at XX percent. Single tracks were printed on a forged AF9628 base 

plate normalized at 1010 °C for two hours, then air cooled. The single tracks were 10 mm in length 

with 1 mm spacing between each track. Three cross sections were cut from each track using wire 

electrical discharge machining (EDM), and then polished down to 0.25 µm with water-based 

diamond suspension polishing solutions. A 4% Nital (4 ml HNO3, 96 ml ethyl alcohol) etchant 

was used to reveal microstructural features in the single tracks for optical microscopy. Cubes and 

tension specimens were printed on forged and machine annealed AF9628 base plates. The cubes 

were polished and etched using the same method as the single tracks for microstructural evaluation. 

Optical microscopy (OM) was carried out using a Keyence VH-X digital microscope equipped 

with a VH-Z100 wide range zoom lens. Scanning electron microscopy (SEM) was carried out 

using a FEI Quanta 600 Field Emission SEM. Wavelength dispersive spectroscopy (WDS) was 

performed with a CAMECA SXFive electron probe microanalyzer equipped with a LaB6 electron 

source. A quantitative WDS composition map of AF9628 powder was obtained at settings of 15 

kV, 100 nA, and 110 µs pixel dwell time with a 0.1 µm step size. WDS maps are displayed in 

atomic %. 

Cubes with dimensions 888 mm were printed using a range of process parameters for 

microstructural analysis. Cube density was measured according to the ASTM B962-15 

Archimedes method using ethanol to attain submerged weight. Three OM images of the vertical 

cross section of each cube (with respect to the building direction) were taken for area percent 

porosity measurements. The measured values were averaged from these three images. Optical 

micrographs were processed with the ImageJ® software [76] in order to calculate the area percent 
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porosity in each image. X-ray Diffraction (XRD) patterns of the polished cubes were obtained 

using a Bruker D8 Discover X-ray Diffractometer with a Vantec 500 detector and Cu K-α X-ray 

source.  

Electron backscattered diffraction (EBSD) imaging was performed using a FEI Quanta 200 

Field Emission SEM equipped with an EDAX Team® EBSD detector. EBSD images were 

retrieved at 20 kV, 500x magnification, and a step size of 400 nm. Post processing of the 

crystallographic data was conducted in EDAX’s Orientation Imaging Microscopy (OIM) Analysis 

software with the steps listed as follows: grain confidence index standardization (angle: 5°, size: 

2); neighbor confidence index correlation (≥0.1); neighbor orientation correlation; and a single 

iteration of grain dilation. 

Wire electric discharge machining (EDM) was used to cut flat tensile specimens with 26 mm 

overall length, 7 mm grip width, 3 mm gauge width, 8 mm gauge length, and 0.7 mm gauge 

thickness from rectangular prisms (101030 mm) printed in the horizontal and vertical directions 

with respect to the building direction, where horizontal and vertical orientations are perpendicular 

and parallel to the building direction respectively. Tensile testing was conducted using an MTS 

810 servohydraulic test frame at room temperature, and an extensometer with ceramic extension 

rods in direct contact with the gauge section of the specimens recording axial strain. Specimens 

were loaded at a strain rate of 5x10-4 s-1 until fracture. Process parameters for the specimens were 

selected from the optimal cube parameters. 
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Microstructure and Phase Diagram Feature Framework 

Alloy Selection 

There are currently no generally recognized criteria for the development or selection of alloy 

systems tailored to AM. However, insight can be gained from welding literature and studies on 

rapid solidification [77]. A key challenge is posed by microsegregation from dendritic 

solidification which can cause solidification cracking and undesirable phase formation in AM. 

This phenomenon depends on the speed of the solidification front and the equilibrium partition 

coefficient (ke). The equilibrium partition coefficient is the ratio of solid and liquid solute 

concentrations in an alloy system (ke = Cs/Cl). Under non-equilibrium rapid solidification 

conditions, such as those typical in L-PBF, the partition coefficient is velocity dependent [78]. 

This indicates that an increase of solidification speed through the increase in laser scan speed is 

expected to reduce microsegregation, as has been demonstrated in the literature [56]. However, it 

may not be feasible to process certain alloys at high enough speeds to completely resolve dendritic 

solidification. When designing alloys for AM, the equilibrium partition coefficient can be utilized 

to control microsegregation. An alloy with a ke ≈ 1 may not require high printing speeds as 

microsegregation is not expected to occur. It may therefore be possible to use simple equilibrium 

phase diagram features to select potential alloy systems that would not exhibit solute trapping. 

Similarly, eutectic alloys solidify into two solid phases without passing through a liquid plus solid 

region which would circumvent microsegregation. The coupled phases that grow during eutectic 

solidification become more refined with increasing cooling rate, and often display excellent 

mechanical properties [79,80]. The microstructural complexity and the differences in alloy 

compositions of multicomponent commercial alloys can make generalized analysis of printability 

across alloy systems difficult.  For these reasons, the following four binary alloys are selected as 
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simple model alloy systems for L-PBF processing to assess the role of alloy composition, various 

phase diagram features and material physical properties on the printability and microstructure 

evolution during AM. Binary phase diagrams for these alloys are displayed in Figure 7 [81–83], 

and relevant material properties calculated using CALPHAD Thermo-Calc software [84] can be 

found in Table 1. 

• Ni-20at.% Cu: A Ni-Cu alloy is selected due to its fully isomorphous system. This 

alloy is expected to exhibit microsegregation due to its non-unity partition coefficient 

(ke = 0.74) and moderate solidification range (20 K). The lack of secondary phase 

formation during solidification in this alloy will serve to contrast with microstructural 

development in the multi-phase alloy systems selected below. 

• Ni-5at.% Al and Ni-5at.% Zr: In order to investigate the effect of an alloy’s partition 

coefficient on the homogeneity of AM microstructures, two nickel-based alloys with 

equivalent binary composition Ni95X5 (at.%), where X is the solute element, are 

selected. The Ni-Al and Ni-Zr systems are ideal for testing partition coefficient effects 

due to the significant difference in solute partitioning. Ni-5at.% Al is expected to 

display little to no microsegregation as its liquidus and solidus are nearly identical for 

all temperatures and its ke = 0.96. However, significant microsegregation is expected 

in the Ni-5at.% Zr alloy due to the large freezing range (172 K) and low partition 

coefficient (ke = 0.11).  

• Ni-8.8at.% Zr: This composition of the Ni-Zr system is selected in order to study and 

contrast the effects of L-PBF processing conditions on a eutectic alloy in comparison 

with the previously selected alloys. Eutectic alloys exhibit coupled growth between two 

phases that exchange mass ahead of the solidification front. Under very rapid 



 

28 
 

solidification conditions, microstructural formation can become dominated by 

nucleation of the uncoupled solid phases. This effect is termed anomalous growth and 

is due to solidification time scales becoming too short for effective diffusion to occur 

ahead of the solidification front [85,86]. If this does not occur, microsegregation is not 

expected to be observed in the eutectic alloy. Instead, a fine lamellar structure may be 

expected due to the high cooling rates characteristic of the L-PBF process [2]. 
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Figure 7. Binary phase diagrams of the four alloys used in this study: Ni-20at.% Cu, Ni-5at.% 

Al, Ni-5at.% Zr, and Ni-8.8at.% Zr [81–83]. The dashed red lines indicate the alloy composition 

within each of the phase diagrams. 

 

 

 

 

 



 

30 
 

 

 

Table 1. Material properties of the four alloys used in this study: Ni-20at.% Cu, Ni-5at.% Al, Ni-

5at.% Zr, and Ni-8.8at.% Zr. The values in this table were calculated using CALPHAD Thermo-

Calc software [84]. 

Alloys (at.%) Solidification 

Range (∆𝑻) 

Partition 

Coefficient (ke) 

Melting Temperature 

(˚C) 

Ni-20at.% Cu 20 0.74 1377 

Ni-5at.% Al 0.2 0.96 1417 

Ni-5at.% Zr 172 0.11 1327 

Ni-8.8at.% Zr 0 1 1167 

 

Microsegregation Processing Maps 

The calibration framework outlined in Section 2.2.2. provides processing maps detailing 

porosity formation regions in the L-PBF parameter space. However, these maps do not provide 

information detailing changes in microstructural features across the parameter space. One 

difficulty in characterizing microstructural feature differences is the quantification of these 

features. Microsegregation of solute elements can be measured using energy dispersive (EDS) or 

wavelength dispersive spectroscopy (WDS), however, generating this data for a large number of 

samples is preventatively costly and time consuming. Primary dendrite arm spacing (PDAS) in 

microsegregation structures has been demonstrated to be dependent on both laser power and scan 

speed in L-PBF [56]. However, PDAS can vary significantly at different locations within a single 

melt pool [56]. It is therefore crucial to note that PDAS is used as a convenient quantifiable value 
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with the intent of qualitatively mapping microsegregation across the parameter space. PDAS 

values measured in single tracks will likely not be representative of PDAS values in bulk parts. 

However, a decreasing trend in PDAS values within the parameter space is expected to indicate a 

decrease in overall microsegregation within a part. In order to map microsegregation in each alloy 

across the laser power-scan speed parameter space, PDAS is measured in each of the 46 single 

tracks printed for all four alloy systems. Interpolation over the laser power-scan speed parameter 

space is then conducted on the PDAS dataset via multilevel B-splines approximation using the R 

function mba.surf in the MBA package [87] in order to generate heat maps based PDAS values in 

the laser power-scan speed parameter space. Observations of planar growth instead of cellular-

dendritic growth structures are indicated by zero values in the heat map. These maps are validated 

by WDS composition maps of the single tracks and cubes. Lastly, the heat maps are combined 

with the porosity-free processing maps to detail a processing region that will result in full density 

parts with desired microstructural outcomes. 

 

Materials Fabrication and Characterization 

Gas atomized Ni-5at.% Al, Ni-20at.% Cu, Ni-5at.% Zr, and Ni-8.8at.% Zr powder provided 

by Nanoval GmbH & Co. KG were used to manufacture L-PBF single tracks and cubes. These 

specimens were printed using a 3D Systems ProX DMP 200 commercial L-PBF system (fiber laser 

with a Gaussian profile λ = 1070 nm, and nominal beam diameter = 80 µm).  

Single tracks were printed on a base plate of the same composition as each respective alloy. 

Base plates were all procured in the as-cast condition. The Ni-5 at.% Al as-cast base plate was 

subjected to homogenization at 1100 ˚C for 1 hour, 50% cold rolling, and recrystallization at 700 

˚C for 1 hour. The Ni-20 at.% Cu as-cast base plate was subjected to homogenization at 1100 ˚C 
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for 1 hour, 50% cold rolling, and recrystallization at 800 ˚C for 1 hour. The Ni-5 at.% Zr as-cast 

base plate was subjected to homogenization at 1000 ˚C for 1 hour and 38% hot rolling at 850 ˚C.  

The Ni-8.8 at.% Zr as-cast base plate was subjected to homogenization at 850 ˚C for 1 hour and 

12.6% hot rolling at 800 ˚C. Single tracks were 10 mm in length with 1 mm spacing between 

tracks, and each material was printed at the same 46 combinations of laser power and scan speed 

with a constant powder layer thickness of 49 µm, which roughly corresponds to the d80 of the 

powders (the 80th percentile of the powder size distribution). Cross sections of the single tracks 

were cut using wire electrical discharge machining (EDM), and these specimens were polished 

down to 0.25 µm with water-based diamond suspension polishing solutions, and vibratory polished 

with 0.04 µm colloidal silica for 2 hours. Kalling’s Solution No. 2 (5 g CuCl2, 100 mL HCl, and 

100 mL ethanol) was used to etch the single tracks to obtain optical and backscattered electron 

micrographs. Melt pool dimensions were taken from the average values measured in cross 

sectional images of each single track at three locations. Primary dendrite arm spacing (PDAS) was 

imaged using backscattered electron micrographs of the single track cross sections in the as-etched 

condition. At least 20 PDAS measurements were made at the melt pool edge of each single track. 

Three cross sections of each single track were used for analysis of PDAS to ensure that the 

observations were representative of the entire melt pool. Single tracks displaying planar growth 

were marked as having a PDAS of 0 µm. Square cubes (888 mm) were printed using the process 

parameters listed in Table 4 for microstructural analysis.  

Optical microscopy (OM) was carried out using a Keyence VH-X digital microscope equipped 

with a VH-Z100 wide range zoom lens. Wavelength dispersive spectroscopy (WDS) was 

performed with a CAMECA SXFive electron probe microanalyzer equipped with a LaB6 electron 

source. Quantitative WDS composition maps were obtained at settings of 15 kV, 50 nA, and 110 
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µs pixel dwell time with a 0.1 µm step size. WDS was carried out on specimens in the as-polished 

condition, and WDS maps are displayed in atomic% (at.%). Backscattered electron images were 

taken using a FEI Quanta 600 SEM equipped with a field emission electron source.  
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POST-PROCESSING TREATMENT FOR AF9628 ULTRA-HIGH STRENGTH STEEL* 

Experimental Methodology 

Laser Powder Bed Fusion of AF9628 

AF9628 powder was gas atomized by Nanoval GmbH & Co. KG. The manufacturer reported 

the cumulative size distribution of the powder at 50% (i.e. D50) and 80% (i.e. D80) as 25.8 µm 

and 37 µm respectively. Inductively coupled plasma atomic emission spectroscopy (ICP-AES) 

was conducted to measure the composition of both the powder and as-printed LPBF samples and 

is displayed in Table 2. A 3D Systems ProX DMP 200 commercial LPBF system with a Gaussian 

profile fiber laser, nominal beam diameter of 80 µm, and a wavelength λ of 1070 nm was used for 

printing in a high purity argon atmosphere to prevent oxygen contamination. Cubes for 

microstructural analysis and rods for tension samples and Charpy impact blocks were printed using 

this instrument. A bi-directional scan strategy with a layer rotation of 90° was used for all 

specimens. The specimens were printed based on one of the optimal parameter sets previously 

reported by Seede et al. [21], namely, the laser power of 175 W, scan speed of 1 m/s, hatch spacing 

of 70 µm, and 37 µm layer thickness (which is the D80 of the powder). The material of the base 

plate was forged and machine annealed AF9628 steel and all specimens were printed on these base 

plates. An illustration of the orientation, sample dimensions, and distribution within the platform 

for the laser powder bed fusion manufactured tension and Charpy blocks is displayed in Figure 8a. 

Table 2. AF9628 martensitic steel composition in the powder and as-printed conditions 

determined using Inductively Coupled Plasma – Atomic Emission Spectroscopy (ICP-AES) 

analysis and combustion-infrared absorbance.
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Elements (wt.%) Standards [48] Powder As-Printed 

Fe1 Balance 93.29 93.53 

Ni <3.00 1.03 0.97 

Cr 2.00-3.00 2.69 2.61 

Mo 0.50-1.50 0.92 0.92 

Si <1.25 1.01 0.90 

Mn <1.00 0.55 0.65 

C2 0.24-0.32 0.26 0.23 

V 0.05-0.35 0.07 0.09 

Cu <0.15 0.14 0.08 

Al <0.025 0.02 0.01 

Co - 0.02 0.01 

1: Determined by difference 

2: Determined using combustion-infrared absorbance 

 

Post-Processing Treatments 

As discussed in the introduction, Vaughan et al. [51] reported a successful quench and temper 

treatment schedule for as-forged AF9628 bulk material. These findings formed the basis for the 

heat treatment schedules selected for this work. Additionally, the LPBF process often results in 

significant residual stress accumulation in as-printed parts and may lead to warping or cracking 

during heat treatment [2]. As such, three heat treatment schedules were selected for testing; two 

include an initial stress relief heat treatment while one does not, following the schedule reported 



 

36 
 

in the literature [51]. The following heat treatments were applied to the printed cubes and tensile 

test specimens in the as-printed condition, and are labeled HT1, HT2, and HT3 for the remainder 

of this study. To determine whether a normalization step is necessary prior to austenitization and 

quenching in the as-printed samples, the heat treatment schedule labeled HT1 includes a 

normalization heat treatment while HT2 does not. HT1 and HT2 heat treatment schedules also 

include a stress relief step before the normalization step while HT3 begins directly with 

normalization to determine whether the step is required to mitigate heat treatment induced 

cracking. These heat treatments are listed below and illustrated in Figure 8b for visual clarity. 

• HT1: Stress relief (680 °C for 2 hours then air cooled), normalization (1010 °C for 2 

hours then air cooled), austenitization (1010 °C for 1.5 hours then water quenched), 

and tempering (200 °C for 4 hours then air cooled). 

• HT2: Stress relief (680 °C for 2 hours then air cooled), austenitization (1010 °C for 1.5 

hours then water quenched), and tempering (200 °C for 4 hours then air cooled). 

• HT3: Normalization (1010 °C for 2 hours then air cooled), subcritical annealing (680 

°C for 4 hours then air cooled), austenitization (1010 °C for 1.5 hours then water 

quenched), and tempering (200 °C for 4 hours then air cooled). This treatment follows 

exactly what was reported by Vaughan et al. [51] for as-forged AF9628 steel and 

termed a “baseline” treatment in the study. 
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(a) 

 

(b) 

Figure 8. a) An illustration of the orientation, sample dimensions, and distribution within the 

platform for the laser powder bed fusion manufactured tension and Charpy blocks printed in this 

study. b) An illustration of the three heat treatments applied to laser powder bed fusion 
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manufactured samples of AF9628 martensitic steel. These heat treatments are labeled HT1, HT2, 

and HT3. 

Microstructural Characterization 

888 mm3 square cubes were printed using the process parameters described in Section 2.1 

to perform microstructural analysis. Density of these cubes was measured in the as-printed 

condition using the Archimedes method (ASTM B962-15) with ethanol as the displacement liquid. 

As-printed specimens were observed to have greater than 99% density, with an average density of 

99.4%. Wire electrical discharge machining (EDM) was used to cut cross sections of the cubes in 

each condition (as-printed, HT1, HT2, and HT3). These cross sections were polished using 

diamond suspension solutions down to 0.25 µm. Vilella’s reagent (1 g picric acid, 5 ml HCl, 100 

ml ethyl alcohol) was used to reveal melt pool boundaries and prior austenite grains for OM. A 

4% Nital (4 ml HNO3, 96 ml ethyl alcohol) etchant revealed martensitic laths for SEM analysis. A 

Keyence VH-X digital microscope equipped with a VH-Z100 wide range zoom lens was used to 

acquire optical micrographs of the material. A FEI Quanta 600 Field Emission SEM was used to 

obtain SEM micrographs. Quantitative WDS composition maps of AF9628 were obtained using a 

CAMECA SXFive electron probe microanalyzer equipped with a LaB6 electron source, operated 

at 15 kV, 50  nA, and 110 µs pixel dwell time with a 0.1 µm step size. XRD patterns for each 

condition were measured using a Bruker D8 Discover X-ray Diffractometer equipped with a Cu 

K-α X-ray source and a Vantec 500 area detector. The measurements were conducted with a step 

size of 0.01˚, a scanning rate of 1.5˚ per minute, and a maximum power of 40 kV. EBSD maps 

were collected from the as-printed materials with an FEI Quanta 200 Field Emission SEM using 

an EDAX Team® detector. These data were post-processed using EDAX’s Orientation Imaging 

Microscopy (OIM) Analysis software. EBSD maps of the heat-treated material were taken with a 
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Tescan FERA-3 SEM and post processed using the Oxford® software AZtecCrystal. EBSD images 

of the materials in all conditions were obtained at settings of 500x magnification, 20 kV, and 400 

nm step size. Prior austenite grain (PAG) maps were extracted from EBSD data according to a 

grain boundary thresholding criteria reported to accurately characterize PAG size [51,88,89]. This 

criterion, selected for its simplicity, isolates martensite misorientation angles between 15-48˚ to 

reconstruct parent PAG boundaries [51]. The grain boundary maps constructed by this method are 

used to determine PAG sizes in each condition of AF9628 using the ASTM E112-13 Heyn lineal 

intercept procedure. Martensite lath sizes were calculated at misorientation angles below 15˚ using 

the Oxford® software AZtecCrystal. 

Mechanical Property Characterization 

Vickers microhardness measurements were conducted using a LECO® LM300AT 

microhardness tester. Microhardness indentations were performed at 
1

13
 kg/s at 0.4 mm intervals 

along the building direction in the 888 mm cubes used for microstructural analysis. Rectangular 

prisms were printed with the following dimensions for tensile and Charpy impact samples, 

respectively: 101030 mm, and 121258 mm. Flat dog bone shaped tensile specimens were 

EDM cut in the following dimensions: 26 mm overall length and 8 mm x 3 mm x 0.7 mm gauge 

dimensions. Charpy impact samples were wire EDM cut according to ASTM E23-07a Type A V-

notch standards. An MTS 810 servohydraulic test frame was used to test the samples to failure 

under tension at room temperature. The axial strain was recorded using an MTS extensometer 

directly attached to the gauge section of each specimen. Three specimens in each condition were 

loaded at an effective strain rate of 5x10-4 s-1 until fracture. Charpy impact testing was conducted 

at -40 °C for 3 samples in each condition using a Tinius Olsen Model 74 Charpy impact tester with 

a Model 892 display.
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RESULTS AND DISCUSSION* 

AF9628 Parameter Optimization 

Powder Characterization 

Gas atomized AF9628 powder size distribution and morphology can be seen in Figures 9a and 

9b. Microdendritic features, grain boundaries, and satellite particles can be observed in the high 

magnification SEM image presented in Figure 9b. The manufacturer reported that the powder had 

a D50 of 22.6 µm and a D80 of 37 µm. Etched cross sections of the powder revealed a martensitic 

lath dominated microstructure and light regions running through these laths, as can be seen in 

Figure 10. WDS maps of unetched cross sections of the powder are displayed in Figure 10 and 

reveal that these regions contain segregated amounts of Cr, Ni, Si, Mo, Mn, and V, and a 

corresponding depletion of Fe.
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(a) (b) 

Figure 9. Back-scattered electron images of gas atomized AF9628 powder particles. (a) A low 

magnification image showing the powder size distribution. (b) A high magnification image 

showing the surface morphology of a characteristic powder particle. 

 

Segregation of constituent elements occurs during solidification, and is typically observed as 

a cellular structure due to the rejection of solute elements to the liquid phase [59]. After 

solidification, these regions of segregation are likely to reside within larger austenite grains. Due 

to rapid cooling in the gas atomization process [60], martensite begins forming within prior 

austenite grains [23,61]. These martensitic laths appear to cross through light regions of 

segregation as displayed in Figure 10. 

 

50 µm 10 µm
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(c) 

Figure 10. Back-scattered electron images of an etched, gas atomized AF9628 powder particle 

are displayed in (a) and (b) revealing martensitic laths and white segregation. The yellow dotted 

box overlaid in (a) is a visual reference for the WDS maps in (c). The yellow arrows indicate 

white segregation regions crossing over martensitic laths. Each map in (c) has a scale bar to its 

right representing the chemical composition in at.%. 

 

Process Parameter Optimization  

In order to validate the boundaries of the printability region predicted by the calibrated E-T 

model, experimental single tracks were classified as tracks likely to feature either keyholing, 

balling, lack of fusion or as good tracks, and plotted in the laser power – laser scan speed 

processing space in Figure 11a. Representative images of single tracks in each condition (lack of 

fusion, keyholing, good track, and balling) are displayed in Figure 4b. Balling and keyholing 

single-tracks were identified qualitatively based on their characteristic melt pool shapes, as shown 

in Figure 4b and previously described in detail [2,29,39,90,91]. Lack of fusion tracks were 

classified based on the criterion of experimentally measured D ≤ t.  
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Figure 11. Process parameter maps with different keyholing criteria (W/D ≤ 1.2, 1.5, 2.0) and 

a lack of fusion criterion (D ≤ t) predicted by the calibrated Eager - Tsai model, and a balling 

region fit to single track experiments using a Support Vector Machine (SVM) classifier. (a) 

Experimentally characterized and classified single-track experiments for keyholing, lack of 

fusion, balling, and good tracks, marked with different symbols and colors in the process 

parameter map. (b) Maximum hatch spacing contours to achieve porosity-free printed parts 

calculated using the geometric hatch spacing criterion introduced in section 2.1.4. (c) Laser 

power and scan speed combinations selected in the good track region for printing cubes (and 

corresponding maximum hatch spacing in (b)), and their densities measured using Archimedes 

method plotted in the process parameter map. D: Melt pool depth, W: Melt pool width, t: powder 

layer thickness, hmax: Maximum hatch spacing to achieve porosity-free parts, ρ: Density. 

 

Figure 11a also displays the process parameter map (shaded regions) constructed with different 

keyholing criteria (W/D ≤ 1.2, 1.5, 2.0) and a lack of fusion criterion (D ≤ t), using the D and W 

values predicted by the calibrated E-T model. The balling region displayed in Figure 11a is fit to 

single track experiments using the SVM mentioned in section 2.1. The keyholing criterion W/D < 

1.2 fits all of the experimentally identified keyholing tracks except for one and did not misclassify 

any tracks as having undergone keyholing. The criteria W/D < 1.5 and W/D < 2.0 misclassified 3 

and 4 single tracks, respectively, as having undergone keyholing. Based on its successful single-

track characterization, the W/D criterion of 1.2 was chosen to be the upper boundary for the 

printability region.  

The process parameter map introduced in Figure 11a is presented in Figure 11b with maximum 

hatch spacing contours calculated using the geometric hatch spacing criterion discussed in Section 
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2.1.4. Based on the good track regions identified in Figure 11a and the calculated maximum hatch 

spacing for a given laser power and scan speed set, the parameters to print cubes were selected 

within the good print region (white colored region in Figure 11b), the regions of each keyholing 

criteria, and one selection below the lack of fusion line as illustrated in Figure 11c. These selections 

were made in order to determine the effect of varying regions of process parameters on part 

porosity. The maximum hatch spacing for each cube parameter set was calculated based on the 

calibrated E-T predictions of melt pool dimensions. The calculated maximum hatch spacing was 

rounded down to the nearest multiple of 5 m for each cube in order to test the feasibility of this 

criteria. The parameter set and measured Archimedes density of each cube are listed in Table 3. 

Table 3. A list of the processing parameters (laser power, scan speed, hatch spacing (h), and layer 

thickness (t)) selected to print cubes with the dimensions of 8 mm x 8 mm x 8 mm for AF9628 

ultra-high strength steel in and near the good track region in Figure 11. These parameters were 

determined by the proposed optimization framework. A list of calculated linear energy density 

(LED) and volumetric energy density (VED) for each parameter set, and the density of the printed 

cubes measured using the Archimedes method are also displayed. 

Cube 

Power 

(W) 

Speed 

(mm/s) 

h 

(m) 

Layer Thickness, 

t (m) 

LED 

(J/m) 

VED 

(J/mm3) 

Archimedes 

Density (%) 

1 73 250 90 37 292.00 87.7 74.47 

2 93 500 65 37 186.00 77.3 87.89 

3 105 500 80 37 210.00 70.9 94.82 

4 125 500 100 37 250.00 67.6 98.64 

5 125 750 75 37 166.67 60.1 99.43 
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6 150 750 90 37 200.00 60.1 99.39 

7 175 750 100 37 233.33 63.1 99.38 

8 200 750 115 37 266.67 62.7 98.94 

9 125 1000 55 37 125.00 61.4 98.87 

10 150 1000 60 37 150.00 67.6 99.12 

11 175 1000 70 37 175.00 67.6 99.40 

12 200 1000 80 37 200.00 67.6 99.16 

13 233.3 1000 105 37 233.30 60.1 99.29 

 

Density Analysis 

Cubes printed between the lack of fusion criterion and the keyholing criterion of W/D = 1.2 

had densities above 98% at speeds > 500 mm/s, as can be seen in Figure 11c. The cube printed 

below the lack of fusion line also displayed a density > 98%. At low speeds (≤ 500 mm/s) and 

laser power (≤ 115 W), however, cube density dropped below 95%. This drop in density may be 

explained by potentially inaccurate melt pool predictions of the calibrated E-T model. The region 

surrounding cubes 1 – 3 (Figure 11c) in the process parameter map did not contain any single 

tracks to calibrate the E-T model to (Figure 4a), increasing the possibility of error in the E-T melt 

pool predictions. The error associated with this region can be seen in the contour maps in Figures 

5a and 5b, where the absolute prediction error for D in the region surrounding cube 1 is up to 50%. 

Based on the Archimedes density measurements performed on the cubes, the process 

parameters for printing porosity-free tension specimens were selected. The parameters for cubes 

5, 7, 11, and 13 were selected for printing tensile specimens and tensile testing, due to their high 
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relative densities (all selected parameter sets showed an Archimedes density > 99.25%), and to 

represent different regions of the parameter space. 

Figure 12 shows SEM images of the AF9628 cubes’ top surfaces. Cubes 1 – 3 (Figures 12a – 

12c) exhibit poor surface quality with large spatter particles distributed along the surface. This is 

due to the relatively high volumetric energy density (VED = 
𝑃

𝑣∗ℎ∗𝑡
) for these parameter sets causing 

particles to spatter out of the molten pool on to the part surface [92]. Cubes 4 – 13 (Figures 12d – 

12m) show improved melt pool overlap with some unmelted spherical particles along the surface. 

Cubes 4, 6, and 8 (Figures 12d, 12f, 12h) appear to have small gaps between tracks with powder 

particles inside. These gaps indicate lack of fusion porosity within the builds in agreement with 

the relatively lower density observed in Archimedes density measurements for cubes 4 and 8. Ten 

width measurements were taken and averaged from the tracks on top surface of the cube 8 (Figure 

12h) in order to compare it with the width predicted by the calibrated E-T model. The measured 

width of these tracks was 115.5 ± 11.6 µm, whereas the predicted width from the calibrated E-T 

model was 133.5 µm. This 15.6% difference between the predicted and actual widths, the unknown 

prediction error for the depth, and the 11.6 µm experimental variance are likely to be the main 

factors responsible for the observed lack of fusion. However, this error also indicates the 

robustness of the hatch spacing criteria developed in this study. A relatively significant prediction 

error of 15.6% for the width and 10.0% experimental variance still result in 98.94% density 

measured by Archimedes method, and only 0.78% porosity measured by optical microscopy 

displayed in Figure 13. 
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Figure 12. Scanning electron microscopy micrographs of the top surfaces of the AF9628 ultra-

high strength martensitic steel cubes printed in and around the good tracks region of the laser 

power - scan speed printability map shown in Figure 11c. (a) through (m) Cubes 1 through 13 

listed in Table 3, respectively. 

 

Optical micrographs of the polished cube cross sections, displayed in Figure 13, are consistent 

with the Archimedes density measurements and top surface images. Large (> 200 µm) elongated 

pores with sharp edges are observed in cubes 1-3 (Figures 13a – 13c). These pores are caused by 
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large spattered particles disrupting the build [92]. All other cubes (Figures 13d – 13m) contained 

less than 1% porosity, as determined by OM image analysis. Cubes 4, 7, 8, and 13 (Figures 13d, 

13g, 13h, and 13m) contained small (< 50 µm) pores with sharp edges stemming from lack of 

fusion between laser tracks. All of the cubes (Figure 13a – 13m) contained small (< 20 µm) 

spherical pores characteristic of parts printed with gas atomized powder [2]. 

 

Figure 13. Optical micrographs of the polished cross sections of the AF9628 ultra-high strength 

martensitic steel as-printed cubes displaying the porosity values measured using area analysis of 

the images. (a) through (m) are optical micrographs from the as printed Cubes 1 through 13 listed 

in Table 3, respectively. 
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Considering the above observations and process parameters listed in Table 3, it is clearly 

apparent that AF9628 is sensitive to high volumetric energy density (VED). Successfully printed 

cubes had VEDs between 60.1 and 67.6 (J/mm3). However, spatter particles were observed on the 

surfaces of cubes 1 – 3 at VEDs above 70.8 (J/mm3). Since spatter occurs due to recoil pressure 

from metallic vapor overcoming the surface tension of a molten pool [2,92], it is possible that the 

sensitivity to high VED in AF9628 is due to the relatively low surface tension of molten low alloy 

steels compared to other alloying systems common to additive manufacturing [93,94]. For 

example, the surface tension at melting temperature of Inconel 718LC is 1.85 (N/m) [94], tooling 

steel is 1.73 (N/m) [94], and AISI 304 stainless steel is 1.40 (N/m) [93] as compared to 1.29 (N/m) 

for AISI 4142 low alloy steel [93]. This puts a minimum limitation on the range of hatch spacing 

values that can be chosen for a specific parameter set. 

Microstructural Evolution 

During SLM, a high intensity laser scans the AF9628 powder, melting the powder and 

penetrating the surface beneath. During solidification, grains tend to grow epitaxially and towards 

the steepest temperature gradient (typically towards the center of the molten pool) [5]. As the laser 

travels along the substrate, layers below the molten pool can be affected by the heating and cooling. 

This affected area is called the heat affected zone (HAZ) [59], similar to classical welding 

literature, and is clearly visible in the single track experiments shown in Figure 2b. Across the 

HAZ, a variety of stable and metastable phases exist in low alloy steels [67]. There are sections of 

the heat affected zone that undergo different microstructural changes. The zone closest to the melt 

pool will reach temperatures near the melting point of AF9628 and be above the austenitization 

temperature. In this region, the material can undergo solid state phase transformations during the 
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laser pass to and from austenite during heating and cooling. Further away from the melt pool, the 

material can experience high temperatures below the critical temperature. In these regions, any 

existing martensite will undergo auto-tempering, or softening due to carbon diffusion out of the 

supersaturated martensite causing carbides to form [23]. 

 

Figure 14. Etched optical micrographs of the cross-sections of AF9628 ultra-high strength 

martensitic steel as-printed cubes. (a) through (j) are the images from the Cubes 4 through 13 listed 

in Table 2, respectively. 

 

Figures 14a – 14j display etched optical micrographs of cubes 4 – 13. A stark contrast is clearly 

observable between the top most layer of each cube and the layers below. This is a direct 

consequence of the heating cycles that temper the preceding layers of the part. The top most layer 

has not undergone heat treatment from above layers, and is therefore tempered to a lesser extent. 

Dilip et al. [23] reported higher hardness values in untempered regions of SLM HY100 steel 
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compared to auto-tempered regions. Similarly, bright and dark regions can be observed within a 

single layer, representing the different areas of the HAZ: the austenitization and auto-tempering 

zones from top to bottom, respectively. The auto-tempered regions within a single layer appear 

thin and dark whereas austenitized zones appear larger and bright, similarly to what was previously 

reported [23]. The optical micrographs reveal that the cubes have different melt pool 

morphologies. Cubes 9-12 (Figures 14f – 14i) appear to have a layered melt pool morphology. In 

contrast, cubes 4 – 8 and 13 (Figures 14a – 14e and 14j) have more clearly defined circular melt 

pool – HAZ regions. 

 

Figure 15. X-Ray Diffraction spectra of AF9628 ultra-high strength martensitic steel powder and 

as-printed cubes 5, 7, 11, and 13 listed in Table 2. 

 

Phase analysis of the powder and as-printed AF9628 cubes was conducted using X-ray 

Diffraction (XRD). XRD was conducted on cubes 4-13, however, only the cubes selected for 

tensile testing (cubes 5, 7, 11, and 13) and the powder are displayed in Figure 15. AF9628 in the 
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powder condition displayed peaks at 44.9°, 65.3°, and 82.5° which closely match the characteristic 

spectra of martensite and α-ferrite. Since these peaks also overlap with cementite (Fe3C), further 

phase analysis is required to determine the existence and relative amounts of these three phases. 

However, a martensitic lath dominated structure was observed in SEM micrographs of the AF9628 

powder (Figure 10), as discussed in section 3.1. As-printed cubes displayed the same peaks as the 

powder, as well as an additional peak at 43.5°. Cube 5 was the only specimen that displayed a 

small peak at 71.1°, in addition to the aforementioned peaks. Both the peaks at 43.5° and 71.1° 

match closely to cementite (Fe3C). Since typical cooling rates in the SLM process are 104 – 106 

(K/s) [5], well above the critical cooling rate for martensite in low carbon steels, these results 

indicate that reheating and auto-tempering cycles cause the formation of cementite in as-printed 

AF9628. Figure 16 presents SEM micrographs of the etched cross sections of the AF9628 in the 

as-printed condition, and show complex microstructural features. Melt pools are outlined in yellow 

dotted lines, and martensitic laths are observed to cross over the melt pool boundaries. Regions 

outside the martensite laths show cellular structures which are possible artifacts of the 

solidification process. White nano-scale precipitates are also observed within the laths of 

martensite. Dilip et al. [23] suggested that these fine white precipitates were carbides, however, 

this was not verified in their study. Further phase analysis is needed in order to conclusively 

determine the phases that are observed in this study, utilizing transmission electron microscopy. 
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Figure 16. Scanning electron microscopy, backscattered electron images of the etched cross-

sections of AF9628 ultra-high strength martensitic steel as-printed cubes. The yellow dotted lines 

indicate melt pool boundaries. 

 

Electron backscattered diffraction imaging was conducted on cubes 4 – 13, all of which 

exhibited similar microstructural features. Figure 17a displays a representative EBSD inverse pole 

figure (IPF) map taken from the middle of the vertical cross section of cube 11. The IPF map 

reveals the martensitic microstructure in the as-printed specimen. Thin and dark auto-tempered 

regions (indicated by yellow dotted lines and yellow arrows) are observable under large 

austenitization zones (indicated by white dotted arrows), consistent with the etched 

microstructures in Figure 14. The auto-tempered regions appear to contain smaller grains than the 

austenitization zones. The IPF in Figure 17b reveals that the martensitic microstructure is weakly 
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textured and oriented along the [001] direction. Grain size distribution in cube 11 is presented in 

Figure 17c. Martensitic laths have an average equivalent diameter of 6.3 ± 1.5 µm. Average lath 

size between cubes 4 – 13 is similar, ranging between 4.0 – 6.3 µm. 

  

(a) 

  

(b) (c) 

Figure 17. A representative electron backscattered diffraction image of an AF9628 ultra-high 

strength martensitic steel as-printed cube and the corresponding data collected from the middle of 
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the vertical cross section of cube 11 (see Table 2). (a) An inverse pole figure map revealing the 

martensitic microstructure in the as-printed specimen. Thin and dark auto-tempered regions 

(indicated by yellow dotted lines and yellow arrows) are observable under large austenitization 

zones (indicated by white dotted lines). (b) An inverse pole figure revealing a weakly textured 

microstructure in the scanned area of the specimen. (c) Equivalent martensite grain diameter area 

fraction distribution in the scanned area of the IPF map.  

 

Mechanical Properties Under Tension 

Four parameter sets were selected for tension testing based on the cubes with density > 99% 

(cubes 5, 7, 11, and 13) to represent the different regions of the processing map. Tensile testing 

was performed on as-printed AF9628 specimens built in the horizontal and vertical directions with 

respect to the building direction. Two to three companion specimens were tested in each case and 

the average mechanical property values are listed in Table 3. Representative stress-strain curves 

of the as-printed specimens are displayed in Figures 18a and 18b, along vertical and horizontal 

directions, respectively. Interestingly, yield strengths (YS) are relatively consistent (1.04 – 1.11 

GPa) for all specimens regardless of processing parameters and orientations in the selected set. 

Ultimate tensile strength (UTS) is also consistent (1.31 – 1.43 GPa) between different process 

parameter sets (P, V, and h) in the same build orientation. However, the specimens printed in the 

horizontal direction showed greater UTSs than those printed in the vertical direction. Reasonable 

tensile ductility levels are observed in the as-printed specimens (7.4 – 10.9% elongation). The 

observation of consistent mechanical property data with small variance, for samples printed with 

different laser power and speed combinations in the optimized processing region, points to the 

possibility that with the proper selection of hatch spacing, it might be possible to reduce the 
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variability of mechanical properties of 3-D printed metallic materials and achieve consistent 

mechanical properties for a given alloy system. 
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(a) 

 

(b) 

Figure 18. Representative stress-strain curves of the as-printed AF9628 ultra-high strength 

martensitic steel specimens 5, 7, 11, and 13. (a) Tested in the vertical direction with respect to 
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the building direction. (b) Tested in the horizontal direction with respect to the building 

direction. Refer to Table 2 for the corresponding processing parameters. 

 

Of all the specimens, parameter set 11 showed the best tensile ductility in the vertical direction 

(10.9% elongation), and excellent ductility in the horizontal direction (9.8% elongation). Improved 

elongation in parameter set 11 can be correlated with the porosity values measured in Figure 13. 

Cube 11 was measured to have the lowest porosity (0.06%) of all parameter sets. Cubes 7 and 13 

showed the highest porosity (0.25% and 0.40% respectively) of the tension specimens in OM 

images. This can explain the relatively early fracture of tensile specimens printed horizontally with 

these parameters. As discussed earlier, cube microstructures display alternating layers of tempered 

and untempered regions. These regions contribute to the improved elongation in vertically printed 

specimens compared to those printed horizontally [23], as observed in parameter set 11. 

 

Microstructure and Phase Diagram Feature Effects in Ni-based Alloys 

Powder Characterization 

Surface morphology and cross sectional microstructure of the gas atomized Ni-5at.% Al 

(NiAl), Ni-20at.% Cu (NiCu), Ni-5at.% Zr (Ni-5Zr), and Ni-8.8at.% Zr (Ni-8.8Zr) powders are 

displayed in Figure 19. Microdendritic features are directly observable on the surfaces of the NiCu 

and Ni-5Zr powder particles. Grain boundaries are similarly observed on the surfaces of the NiCu 

and NiAl powder. Cross sections of the Ni-5Zr powder revealed white segregation structures, 

whereas grain structures are observed in the NiCu and NiAl cross sections. NiCu powder particles 

may contain Cu segregation, however, the similarity in atomic number between Ni and Cu may 

result in poor contrast in the backscattered electron micrograph between regions of Cu segregation 
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and the matrix. The Ni-8.8Zr eutectic powder displays a fine lamellar microstructure characteristic 

of eutectic alloys subjected to high solidification rates [79,80]. These results indicate the 

dependence of solidification microstructures on the solidification range of each alloy. The clear 

microsegregation observed in Ni-5Zr is likely due to the large solidification range and low ke of 

the alloy (172 K and 0.11, respectively). On the other hand, no segregation of Al is present in the 

NiAl alloy due to its small freezing range and ke value (0.2 K and 0.96, respectively). The larger 

freezing range allows time for solute rejection from the matrix phase during solidification. This 

results in the observed cellular-dendritic structures in the powder particles. 

 

Figure 19. Scanning electron microscope images of gas atomized Ni-20at.% Cu, Ni-5at.% Al, 

Ni-5at.% Zr, and Ni-8.8at.% Zr powder particle morphology is displayed in the first row of 

micrographs and cross sections of these particles are displayed in the second row of micrographs. 

 

Process Parameter Optimization for Ni-based Alloys 

Single tracks were selected based on the process parameter optimization framework discussed 

in Section 2.1. Forty-six single track experiments were sampled with a grid-based sampling 
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strategy throughout the parameter space and are displayed as markers on the plots in Figure 20. 

Boundaries of the laser power (P) – scan speed (v) sampling space were selected as (Pmin, Pmax) = 

{71, 260 W} and (vmin, vmax) = {0.05, 2.5 m/s}. Values for Pmax and vmax were set to the machine 

limitations, and vmin was selected to avoid prohibitively slow scan speeds. Pmin was selected as the 

lowest power necessary to attain a melt pool depth equal to one layer thickness at vmin in the alloy 

with the largest melting temperature (Ni-5at.% Al) as predicted by the E-T model. The parameter 

space was then split into two regions for grid-based single track sampling. Thirty single tracks 

were sampled between vmin = 0.05 m/s and v = 1.3 m/s, and the remaining 16 single tracks were 

sampled between v = 1.3 m/s and vmax = 2.5 m/s. The first region was sampled more densely as it 

is expected to contain most of the optimal printability regions for all alloy systems. Keyholing and 

balling single tracks were classified qualitatively based on top-view and cross sectional 

micrographs based on the characteristic features of these defect mechanisms [2,21,29,46,90]. 

Previous studies have classified lack of fusion single tracks using a melt pool depth = layer 

thickness criteria [21,46,95]. However, Zhang et al. [95] reported that high density prints can still 

be achieved within this lack of fusion region, demonstrating the need to relax this constraint. Since 

a single track lack of fusion criterion is somewhat arbitrary due to the necessity of printing multiple 

single tracks and at least few layers to form lack of fusion porosity, a less conservative value is 

selected to expand the functional printability region. Lack of fusion single tracks were classified 

based on the experimental measurements and a criterion of melt pool depth ≤ 0.667 × layer 

thickness (D ≤ 0.667t). This value is selected as the minimum single track depth required to 

penetrate the solid printed substrate after 10 layers, based on the assumptions that the effective 

height of a layer printed on the substrate is equal to the powder packing density × the layer 

thickness and that the relative powder packing density is ~60%. 
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Figure 20. L-PBF process parameter maps are displayed for Ni-20at.% Cu, Ni-5at.% Al, Ni-

5at.% Zr, and Ni-8.8at.% Zr. These maps contain various keyholing criteria (W/D ≤ 1.2, 1.5, 

2.0) to determine which criterion fits best, and a lack of fusion criterion (D ≤ 0.667t), predicted 

by the calibrated Eagar – Tsai (ET) model. A balling region fit to single track experiments using 
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a Support Vector Machine (SVM) classifier is also plotted. Experimentally classified single-

tracks exhibiting keyholing, lack of fusion, balling, and good track characteristics are marked 

with different symbols and colors in these maps demonstrating good match with ET model 

predictions. D: Melt Pool Depth, W: Melt Pool Width, t: Powder Layer Thickness. 

 

The statistical methodology described in Section 2.1.3. was used to calibrate the Eagar-Tsai 

model to single track experiments. Melt pool dimension predictions from the fully calibrated 

model are then used to establish the lack of fusion and keyholing boundaries displayed in Figure 

20. Potential defect boundaries are selected based on melt pool dimension relationships that have 

been observed to correspond well with defect formation, namely, a melt pool width/depth 

relationship (W/D) to determine keyholing and a melt pool depth/layer thickness (D/t) relationship 

to determine lack of fusion boundaries [21,32,46,47,74]. Several keyhole criteria are plotted and 

compared to experimentally characterized single tracks in Figure 20 to visualize which boundary 

best fits each material based on the experimental observations. The keyholing criteria selected for 

comparison were chosen based on values established in the literature (W/D ≤ 1.2, 1.5, 2.0) [21], 

and the lack of fusion criterion was selected as D/t ≤ 0.667. A defect boundary for balling was 

established using a support vector machine classifier (SVM) [96] that uses experimental single 

track classifications to divide the processing map into balling and non-balling regions. A 3rd degree 

polynomial kernel SVM classifier [97] was used to determine the balling region of each material. 

Once these defect criteria are established, finalized processing maps can be created for each alloy. 

It should be noted that the methodology described for building processing maps in this work is 

intended to be AM machine specific, as single tracks built in different machines may display 

differences in melt pool morphologies. 
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To ensure proper fusion between melt pools, the geometrically-based hatch spacing criterion 

described in Section 2.1.4. is implemented [21]. This equation was used to plot maximum hatch 

spacing contours on finalized processing maps for each alloy, as displayed in Figure 21. Three 

parameter sets were selected from each alloy at different locations in the parameter space to print 

888 mm cubes based on the processing maps in Figure 21. Hatch spacing values selected to 

print the cubes were rounded down to the nearest multiple of five. The parameters chosen for each 

of these cubes is listed in Table 4. 
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Figure 21. L-PBF process parameter maps with finalized selections of keyholing criteria and 

maximum hatch spacing contours. The keyholing criterion selected for Ni-20at.% Cu and Ni-

5at.% Al is W/D ≤ 1.2, and W/D ≤ 1.5 for Ni-5at.% Zr and Ni-8.8at.% Zr. Lack of fusion criteria 

is kept at D ≤ 0.667t for all maps, and the balling region was fit to single track experimental data 
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using a Support Vector Machine (SVM) classifier. D: Melt Pool Depth, W: Melt Pool Width, t: 

Powder Layer Thickness, hmax: Maximum Hatch Spacing 

 

Table 4. A list of the processing parameters selected to print 8 × 8 × 8 mm cubes for the Ni-based 

alloys selected for microstructural analysis within the optimal process parameter regions of the 

processing maps in Figure 21. 

Alloy 

Composition 

Laser Power 

(W) 

Scan Speed 

(m/s) 

Hatch Spacing 

(µm) 

Layer 

Thickness (µm) 

Ni-20at.% Cu 

115 0.05 200 

49 

120 0.30 110 

225 0.90 100 

Ni-5at.% Al 

100 0.05 130 

125 0.30 85 

240 0.90 85 

Ni-5at.% Zr 

75 0.05 120 

110 0.30 125 

140 0.90 60 

Ni-8.8at.% Zr 

80 0.05 165 

120 0.30 160 

130 0.90 60 
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Comparing Single Track Dimensions and Printability Across Alloy Systems 

Two laser heating modes influence melt pool geometry: conduction mode and keyhole mode 

heating. Conduction mode melting occurs at low energy densities and is characterized by a wide 

and shallow melt pool, whereas keyholing occurs at high energy densities and is characterized by 

deep melt pools. The optical micrographs in Figure 22 reveal a clear trend from conduction to 

keyhole mode heating as the linear energy density (LED = 
𝑃

𝑣
) increases from left to right in each 

alloy (147.5 J/m, 300 J/m, 5180 J/m respectively). The contrast between single tracks printed at 

the same parameters is easily observed in Figure 22, and a correlation between alloy liquidus 

temperature and melt pool dimensions can be seen. NiAl has the highest melting temperature (1417 

˚C) of the four alloys and appears to have the smallest melt pools at each parameter set. In 

comparison, Ni-8.8Zr displays the largest observable melt pools and has the lowest melting 

temperature (1167 ˚C). At the LED of 300 J/m, NiCu, Ni-5Zr, and Ni-8.8Zr show mixed 

conduction – keyhole mode melting whereas NiAl displays a melt pool morphology indicative of 

conduction mode melting. This relationship between melt pool dimensions and alloy melting 

temperature is more clearly demonstrated in Figure 23, which displays distinct trends in melt pool 

width (Figure 23a) and depth (Figure 23b) for each material. Both the width and depth of the single 

tracks appear to be dependent on the melting temperature of each alloy. For both width and depth, 

the order of materials from smallest to largest melt pools and highest to lowest melting 

temperatures is: NiAl (1417 ̊ C), NiCu (1377 ̊ C), Ni-5Zr (1327 ̊ C), and Ni-8.8Zr (1167 ̊ C). These 

results are intuitive, as alloys that require less energy to melt would be expected to undergo more 

melting when exposed to the same level of energy. However, it is interesting to note that despite 

the large difference in melting temperature (up to 285 K for NiAl and Ni-8.8Zr), many of the single 
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tracks are within one standard deviation of each other in both width and depth at each parameter 

set. The largest differences in melt pool dimensions between alloys occur at LEDs above 1000 

J/m.   

 

Figure 22. Optical micrographs of cross sections of single tracks printed at three different 

parameter sets for each of the alloys printed in this study: P: 118 W, v: 0.8 m/s; P: 165 W, v: 

0.55 m/s; and P: 259 W, v: 0.05 m/s. White dotted lines indicate the boundaries of single tracks 

that are difficult to distinguish in these images. These single tracks demonstrate a transition 

between conduction mode heating and keyholing in L-PBF. 
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These melt pool dimension variations can explain the differences in the identified optimal 

printing region between each alloy’s processing map displayed in Figure 21. NiAl is observed to 

have the smallest printable region out of the four alloys due to the large lack of fusion region. Since 

the lack of fusion region criterion is based on predicted melt pool depth, NiAl’s higher melting 

temperature and shallower melt pools result in a larger lack of fusion region compared to the other 

alloys. The lack of fusion boundaries for all four alloys follow a similar trend as the melt pool 

dimensions. Alloys with larger melting temperatures display larger lack of fusion regions.  

However, the opposite appears to be true of keyholing boundaries in these alloys. Ni-5Zr and Ni-

8.8Zr display larger keyholing regions compared to the NiCu and NiAl alloys. This is in part due 

to the difference in keyholing criteria selected for these maps; NiCu and NiAl have a keyholing 

criterion of W/D ≤ 1.2, whereas Ni-5Zr and Ni-8.8Zr have a keyholing criterion of W/D ≤ 1.5. 

However, these criteria were selected based on experimental observations of single tracks in these 

regions. Single tracks in the two Ni-Zr alloys were observed to display keyholing at lower laser 

powers than those in NiCu and NiAl. This is also likely to be attributable to melting temperature. 

Lower melting temperatures reduce the energy barrier for melting resulting in deeper melt pools, 

as is observed in Figure 23b. It appears that the lack of fusion boundary is more sensitive to this 

effect than the keyholing boundary, since the printable region for each of the alloys gets larger at 

lower melting temperatures. 
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(a) 

 

(b) 

Figure 23. Plots of measured single-track melt pool dimensions against linear energy density: 

a) is a plot of the observed single-track widths for each material and b) is a plot of the observed 

single-track depths for each material. Error bars display 1 standard deviation away from the 

mean in each direction. The black arrows indicate that alloys displaying larger melt pool 

dimensions have lower melting temperatures (Tm). 
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Comparing Single Track Microstructure Across Alloy Systems 

Composition analysis of the single tracks at several parameter sets was conducted using 

quantitative WDS measurements. Figure 24 displays optical micrographs and WDS maps taken 

from the largest energy density parameter set (P= 259 W, v = 0.05 m/s, and LED = 5180 J/m) used 

to print single tracks for each alloy. Figure 24 displays optical micrographs of the single tracks in 

the left column with red and blue boxes indicating WDS map locations. The middle column of 

Figure 24 shows WDS maps taken from the top of each melt pool, and the right column shows 

maps taken from the edges of each melt pool. Differences in segregation structure are easily 

observable in WDS maps at the top of each melt pool. NiCu displays notable cellular structures in 

both the top and the edge of the melt pool. Up to 5 at.% additional segregation of Cu is observed 

in the WDS map at the top location of the melt pool. NiAl and Ni-8.8Zr display completely 

homogenous microstructures, showing no compositional segregation at the top of the melt pools. 

This is likely due to the small solidification ranges in NiAl and Ni-8.8Zr (0.2 K and 0 K 

respectively). Even lamellar structures are not observable in WDS maps of the eutectic Ni-8.8Zr 

alloy. This may be due to the extremely high cooling rates associated with the additive 

manufacturing process, which may result in nanoscale lamellar solidification too fine to be 

detected by the instrument. Ni-5Zr displays large dendrite structures at the top of the melt pool. 

These structures appear to have primary and secondary dendrite arms with up to 6 at.% additional 

segregation of Zr. Large dendrite structures have time to form during solidification of the Ni-5Zr 

alloy due to the large solidification range of the material (172 K). 
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Figure 24. Optical micrographs of single tracks for each alloying composition printed at 259 W 

and 0.05 m/s are displayed in the left column with red and blue boxes indicating where WDS 

maps were conducted. The middle column shows WDS maps taken from the top of each melt 

pool, and the right column shows maps taken from the edges of each melt pool as color coded 

in the optical micrographs. White dotted lines indicate the boundaries of single tracks that are 

difficult to distinguish in these images. The white dotted arrow indicates the edge of the NiAl 

single track. 

 

Single-track fusion boundaries are observable in the WDS maps taken at the edges of each 

melt pool (Figure 24). Around 4 at.% Cu depletion is observed at the fusion boundary of the NiCu 

single track, along with columnar segregation structures inside the melt pool. This Cu depletion is 
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indicative of a transient at the fusion boundary as the solidification grows by accelerating from 

zero velocity. Low growth rates during solidification can explain the appearance of planar 

structures near the fusion boundary. Solidification starts at the fusion boundary once the material 

drops below the liquidus temperature. The planar structure at the fusion boundary transitions to a 

columnar segregation structure as the temperature drops below the liquidus and the growth rate 

surpasses the constitutional supercooling limit. The microstructure differs greatly at each location 

of the melt pool in NiCu, showing cellular segregation at the top and columnar segregation at the 

edge. This is due to variation in thermal conditions and growth velocities at different locations 

along the solidification front. However, the cell structures at the top of the NiCu melt pool display 

similar sizes, which suggests that the cells are in a steady-state condition at that location. NiAl 

similarly displays Al depletion at the melt pool boundary. However, the solute Al atoms have far 

less time to segregate out of the matrix due to the lower solidification range (∆𝑻) and the effect is 

much smaller than in NiCu (< 1 at.% depletion). Ni-5Zr displays a large homogenous region along 

the melt pool boundary and Zr depleted dendrite structures inside the melt pool at the edge location. 

This may indicate the opposite effect of those observed in NiCu and NiAl, where Zr segregates at 

the melt pool boundary enough to solidify as a eutectic. It is also possible that mixing between the 

molten pool and the observed local Ni5Zr phases in the base plate caused a local increase of Zr 

during the laser scan. This would explain the compositional homogeneity observed along the melt 

pool boundary in Ni-5Zr, which is very similar to what is observed at the top of the eutectic Ni-

8.8Zr single track. The Ni-8.8Zr alloy displays an immediate transition between the molten pool 

and the eutectic base plate, with no Zr depletion observed. The complete homogeneity within the 

Ni-8.8Zr melt pool indicates how critical the freezing range of an alloy is to microstructure in 

additively manufactured materials. 
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Figure 25. Optical micrographs of single tracks for each alloying composition printed at 212 W 

and 0.30 m/s are displayed in the left column with red and blue boxes indicating where WDS 

maps were conducted. The middle column shows WDS maps taken from the top of each melt 

pool, and the right column shows maps taken from the edges of each melt pool as color coded 

in the optical micrographs. White dotted lines indicate the boundaries of single tracks that are 

difficult to distinguish in these images. 

 

Figures 25 and 26 display optical micrographs and WDS maps of single tracks at several 

parameter sets with lower energy densities than Figure 24. Cellular microsegregation structures 

are faintly observable in both the top and edge locations of NiCu printed at P = 212 W, v = 0.3 

m/s, and LED = 706.7 J/m. At these parameters, less Cu segregation is observed (up to 3.5 at.%) 
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compared to single tracks printed at 5180 J/m (up to 5 at.%). No significant features are observed 

in the NiAl WDS maps in Figure 25, indicating that solidification speeds at these parameters are 

too high for even solute depletion at the melt pool boundary. Similarly to NiCu, Ni-5Zr displays 

lower relative amounts of segregation (up to 4at.% Zr) compared to tracks printed at 5180 J/m (up 

to 6 at.%). Ni-8.8Zr does not show significant differences in microstructure between the tracks 

printed at 706.7 J/m and 5180 J/m, displaying complete compositional homogeneity at both 

parameter sets. Figure 26 shows single tracks printed at two parameter sets ({P = 165 W, v = 0.55 

m/s, LED = 300 J/m}, and {P = 118 W, v = 0.8 m/s, LED = 147.5 J/m}). NiCu, NiAl, and Ni-

8.8Zr display planar microstructures at both parameter sets. Compositional fluctuation is observed 

in the WDS maps of NiCu, which may be due to local compositional differences in the baseplate 

and mixing between the base plate and the deposited powder. Ni-5Zr displays faint dendrite 

structures in the single track printed at 300 J/m, however, a planar structure is observed at 147.5 

J/m. Variations in composition for Ni-5Zr printed at 147.5 J/m can be similarly attributed to local 

compositional differences between the powder and baseplate. 
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Figure 26. Optical micrographs of single tracks for each alloying composition printed at {165 W 

and 0.55 m/s} and {118 W and 0.80 m/s} are displayed to the left of their associated WDS maps. 

All WDS maps were taken from the top of each melt pool. White dotted lines indicate the 

boundaries of single tracks that are difficult to distinguish in these images. 

 

Printability-Microstructure Processing Maps and Cube Sample Validation 

PDAS is measured for each of the 46 single tracks across the four alloy systems to map the 

evolution of microsegregation across the laser power – scan speed parameter space. Figure 27 

displays backscattered electron micrographs of etched NiCu single track cross sections that 

exemplify changes in PDAS at four different parameter sets. These micrographs demonstrate 

significant increases in dendrite size with increasing energy density. This is due to the changes in 

temperature gradient (G) and growth rate (R) with changing process parameters. Decreasing heat 

input results in smaller molten pools and a higher cooling rate (G×R), whereas increasing heat 

input results in larger molten pools and lower cooling rates [98]. Lower relative cooling rates in 
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the LPBF process promote the growth of larger dendritic structures and vice versa.  The heat maps 

plotted in Figure 28 show dendrite arm spacing quantified across the parameter space for each 

material. NiCu is observed to have dendritic structures between laser powers of 70 – 260 W and 

scan speed between 0 – 0.7 m/s, whereas dendrites are observed between 70 – 260 W and 0 – 1.3 

m/s in Ni-5Zr. This larger range of dendritic growth in Ni-5Zr can be attributed to the larger 

solidification range and lower partition coefficient (172 K and 0.11 respectively) compared to 

NiCu (20 K and 0.74 respectively). However, the differences in scale bars for the two alloys in 

Figure 28 indicate that larger PDAS is observed in NiCu compared to Ni-5Zr. The heat maps also 

indicate that planar growth is observed throughout the parameter space for both NiAl and Ni-8.8Zr. 

These maps give a qualitative indication of expected dendritic growth throughout the parameter 

space for each of the alloys.  



 

79 
 

 

Figure 27. Backscattered electron images taken of Ni-20at.% Cu single tracks printed at {71 W 

and 0.05 m/s}, {165 W and 0.05 m/s}, {212 W and 0.05 m/s}, and {259 W and 0.05 m/s}. These 

micrographs display the significant differences in cellular-dendritic segregation structures at 

different locations in the laser power-scan speed parameter space. 

 

To validate the PDAS heat maps displayed in Figure 28, the cubes are printed at three locations 

in the parameter space based on both the porosity processing maps and PDAS heat maps. Figures 

29-32 display the combined porosity-microstructure processing maps for NiCu, NiAl, Ni-5Zr, and 
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Ni-8.8Zr respectively, as well as WDS maps for each of the printed cubes. Compositional 

measurements from the as-printed cubes correlate well with expected dendrite growth displayed 

in each of the processing maps. Cubes selected at PDAS values of 0.7 µm, 0.4 µm, and 0 µm from 

the NiCu processing map in Figure 29 demonstrate this correlation, showing significant dendrite 

structures at the 0.7 µm PDAS parameter set, moderate dendrite structures at 0.4 µm, and a planar 

microstructure at 0 µm. Solute depletion along melt pool boundaries is observable in each of the 

NiCu cubes. Similarly, Figure 31 displays significant segregation of Zr (up to 4 at.%) in cubes 

printed at PDAS values of 0.3 µm and 0.25 µm in the processing map, but shows lower relative 

amounts of Zr segregation (~1 at.%) at 0.15 µm. Both NiAl and Ni-8.8Zr in Figures 30 & 32 

display planar microstructures in cubes across the parameter space, as is expected from the 

processing maps. Additionally, a general depletion of Al is observed in Figure 30 with an increase 

in laser power. This may be due to the evaporation of Al in the as-printed bulk material under 

higher laser powers. These results validate that observations of microsegregation and dendrite size 

in single tracks can be used to qualitatively assess microstructural development in printed parts 

and generate microstructure processing maps for L-PBF. 
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Figure 28. Primary dendrite arm spacing measurements taken from 46 single tracks across the 

parameter space are interpolated using multilevel B-splines approximation to construct heat 

maps of each alloy. Observations of planar growth instead of cellular-dendritic growth structures 

are indicated by zero values in the heat maps. The markers displayed inside the heat maps 

indicate the location of 46 single tracks that PDAS measurements were taken from. 

 

Statistical Analysis and Empirical Equation for PDAS in L-PBF 

Several equations have been proposed to predict PDAS for alloys subjected to rapid 

solidification conditions. The Kurz-Fisher [99] and Trivedi [100] models predict PDAS as a 

function of material properties such as the equilibrium and rapid solidification ranges, liquid 
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diffusion coefficient, Gibbs-Thomson coefficient, and partition coefficient as well as solidification 

conditions such as the temperature gradient and solidification rate. However, material properties 

such as the Gibbs-Thomson coefficient and liquid diffusion coefficient are not easily obtainable 

for new alloy systems. Additionally, L-PBF conditions can vary locally throughout a build and 

solidification conditions are subject to significant variation depending on the local thermal 

histories and heat dissipation mechanisms. These variables do not readily translate to usable 

parameter input data or material selection constraints. A model predicting PDAS as a function of 

easily obtainable material properties and L-PBF process parameters such as laser power and scan 

speed would therefore be useful in determining PDAS. Single track data from this study is used to 

statistically test the sensitivity of PDAS values to material properties and process parameters, and 

an empirical equation is developed to predict PDAS in L-PBF. 
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Figure 29. A combined Porosity-Microstructure processing map for Ni-20at.% Cu, as well as 

wavelength dispersive spectroscopy (WDS) composition maps taken from each of the printed 

cubes listed in Table 4. The cubes were printed at {P = 115 W, v = 0.05 m/s, h = 200 µm}, {P 

= 120 W, v = 0.30 m/s, h = 110 µm}, and {P = 225 W, v = 0.90 m/s, h = 100 µm}. 
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Figure 30. A combined Porosity-Microstructure processing map for Ni-5at.% Al, as well as 

wavelength dispersive spectroscopy (WDS) composition maps taken from each of the printed 

cubes listed in Table 4. The cubes were printed at {P = 100 W, v = 0.05 m/s, h = 130 µm}, {P 

= 125 W, v = 0.30 m/s, h = 85 µm}, and {P = 240 W, v = 0.90 m/s, h = 85 µm}. 

 

The dataset presented in this study is considered sparse and high dimensional. To better 

understand the influence of different variables on PDAS, as well as to create predictive models, 

materials informatics strategies were employed. Materials informatics allows analysis of high-

dimensional materials data through machine learning [101,102]. Features included in the database 

consisted of the material properties listed in Table 1, single track process parameters and PDAS 

values, and other available thermodynamic properties of the alloy systems. The PDAS dataset 

collected from the four alloys was initially sampled to obtain an optimal distribution of data 

representative of the PDAS value range. This required many of the PDAS values equal to zero to 
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be dropped from the analysis. The dataset was then split into two parts with 80% of the data being 

used to train the machine learning model and the remaining 20% of the data used to test model 

accuracy. Primary analysis of the data was done using a Random Forest regression technique [103] 

and the model performance values for the test set are displayed in Figure 33a. The trained model 

predicted the test set with a root mean squared error of 0.12 µm and a mean absolute error of 0.08 

µm, indicating a high degree of model accuracy. Feature sensitivity analysis was used to identify 

feature importance and determined that the most important features contributing to PDAS were: 

scan speed, melting temperature, laser power, partition coefficient, and freezing range, as can be 

seen in Figure 33b. Scan speed is observed to have the most substantial impact on PDAS. Laser 

scan speed is highly correlated with solidification growth rate since the tail of a molten pool is 

expected to have a growth rate equal to the scan speed of the laser [56]. This result is therefore 

consistent with expectations of laser scan speed’s effect on dendrite growth. PDAS is also observed 

to be sensitive to alloy melting temperature. However, this sensitivity may be inflated by the 

relatively low number of alloy systems used as training data for this analysis as well as the 

omission of many of the PDAS values equal to zero as previously discussed.  
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Figure 31. A combined Porosity-Microstructure processing map for Ni-5at.% Zr, as well as 

wavelength dispersive spectroscopy (WDS) composition maps taken from each of the printed 

cubes listed in Table 4. The cubes were printed at {P = 75 W, v = 0.05 m/s, h = 120 µm}, {P = 

110 W, v = 0.30 m/s, h = 125 µm}, and {P = 140 W, v = 0.90 m/s, h = 60 µm}. 
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Figure 32. A combined Porosity-Microstructure processing map for Ni-8.8at.% Zr, as well as 

wavelength dispersive spectroscopy (WDS) composition maps taken from each of the printed 

cubes listed in Table 4. The cubes were printed at {P = 80 W, v = 0.05 m/s, h = 165 µm}, {P = 

120 W, v = 0.30 m/s, h = 160 µm}, and {P = 130 W, v = 0.90 m/s, h = 60 µm}. 

 

Feature engineering and generation was used to create new features using mathematical 

operators and combinations of process parameters and material properties. A linear regression 

model was then used to evaluate the accuracy of the new features in predicting PDAS. Linear 

regression is employed for its simplicity and low computational cost. Features that showed poor 

predictive accuracy were dropped from the model, and those with good performance were 

improved upon in an iterative process. This feature engineering and selection process is described 

in more detail by Horn et al. [104]. No more than 6 parameter and material property combinations 
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were used to generate a new feature. After numerous iterations, the following empirical formula 

was derived: 

𝜆𝑃𝐷𝐴𝑆 = 𝐿𝑜𝑔(
𝑃0.18∆𝑇0.26𝑘𝑒

0.75𝑐𝑝
5

𝑣0.18𝑇𝑚
9.41 ) + 16.10, (2) 

Here, P is laser power, v is laser scan speed, ∆𝑇 equilibrium solidification range, ke is the partition 

coefficient, cp is the specific heat capacity, Tm is the alloy melting temperature, and λPDAS is the 

primary dendrite arm spacing in µm. This equation is fit to single track PDAS data in Figure 33c 

and exhibits a root mean squared error of 0.0842 µm and a mean absolute error of 0.0641 µm. The 

feature engineered model takes a similar approach to the classical mass balance and minimum 

undercooling PDAS prediction model developed by Hunt [105] in that ke and ∆𝑇 are multiplied in 

the expression. This relationship illustrates the differences in segregation across the parameter 

space between the alloys. If the ke and ∆𝑇 values are multiplied for each alloy, NiCu has a ke × ∆𝑇 

≈ 15 and Ni-5Zr has a value ≈ 19, whereas NiAl and Ni-8.8Zr have values of ke × ∆𝑇 near or equal 

to zero. However, this does not explain why the NiCu single tracks were observed to have PDAS 

values larger than Ni-5Zr. Thermal properties not reported for these alloy systems such as the 

liquid diffusion coefficients, Gibbs-Thomson coefficients, and thermal conductivities may play a 

role in the observed differences in absolute PDAS values. Additionally, the inverse relationship 

between ke and ∆𝑇 and their effect on dendrite growth may explain why PDAS does not appear to 

be as sensitive to these values as v and P. In general, a larger solidification range implies a smaller 

partition coefficient. When the quantities are multiplied this inverse relationship results in them 

‘canceling’ each other. In contrast, the other important factors (Tm, P, and v) are completely 

independent of each other and their effect on PDAS is more direct. Due to the limited dataset 

generated by this study it is likely that the empirical model will need modification to be 

generalizable for significantly different alloy systems. However, a generalizable model using L-
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PBF process parameters and simple material property inputs will likely prove invaluable for 

designing new alloys for AM. 

  

(a) (b) 

 

(c) 
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Figure 33. Materials informatics strategies employed to analyze the high-dimensional materials 

data presented in this study through machine learning. a) A Random Forest validation plot 

showing the model fit to the train and test PDAS datasets. b) A Random Forest feature 

importance plot displaying the sensitivity of PDAS to material properties and process 

parameters. c) A validation plot displaying the predictive accuracy of the empirical model 

developed in this study. v: Laser Scan Speed, Tm: Alloy Melting Temperature, P: Laser Power, 

ke: Partition Coefficient, ∆T: Alloy Solidification Temperature Range. 

 

Post-Processing Effects on As-Printed AF9628 

Microstructural Analysis 

Figure 34 displays an optical micrograph of AF9628 in the as-printed condition showing the 

layered appearance of melt pool structures and heat affected zones (HAZ) due to the bidirectional 

laser scan strategy with layers alternating by 90° in the x-y plane. These types of features have 

been previously observed in LPBF low alloy steels [21,63,64]. Bright and dark regions are 

observable in the as-printed micrograph, and represent varying degrees of tempering in the 

specimen [21,63,64]. Bright regions are areas within the melt pools and along the melt pool 

boundaries that reached austenitization temperatures and were subjected to rapid cooling 

associated with the LPBF process (104-106 K/s [2]). This quenching results in the formation of 

new martensitic laths in these areas [21,63,64]. Darker regions are further from the molten pool 

during layer deposition and do not reach the critical austenitization temperature, resulting in an 

effective tempering of the region [21,63,64]. These darker regions have been reported to cause 

mechanical anisotropy in LPBF low alloy steels due to their layered pattern along the building 

direction of as-printed specimens [21,63]. Optical micrographs of as fabricated and then heat-
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treated materials in each condition (HT1, HT2, and HT3) are also displayed in Figure 34. These 

micrographs exhibit a homogenous microstructure with no observable melt pool boundaries or 

HAZs. No obvious differences in microstructure are observable in optical images of the specimens 

in the three heat treatment conditions, except notably larger microstructural features in the HT3 

condition. Additionally, no cracking was observed in any of the as-printed or heat treated 

conditions. This indicates that stress relief is not a necessary post-processing step for LPBF 

AF9628. 

 

Figure 34. Optical micrographs of AF9628 steel cube cross sections etched with Vilella’s reagent 

in the as-printed, HT1, HT2, and HT3 processing conditions. These micrographs display the melt 

pool boundaries in the as-printed condition, and overall microstructure in other cases. HT1: stress 
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relief, normalization, austenitization, and tempering; HT2: stress relief, austenitization, and 

tempering; HT3: normalization, subcritical anneal, austenitization, and tempering. 

 

X-ray diffraction was utilized for phase analysis in the various processing conditions of 

AF9628, the results for which are displayed in Figure 35. Diffraction peaks are observed for all 

conditions are the characteristic spectra of the martensite and α-ferrite phases at 44.9°, 65.3°, and 

82.5°. A relatively small peak was observed in the as-printed material at 43.5° which may 

correspond to the Fe3C cementite phase, and is consistent with what is found in the literature [21]. 

Seede et al. [21] reported the occurrence of small XRD peaks at 43.5˚ and 71.1˚ in an as-printed 

AF9628 specimen printed at 125 W, 750 mm/s, 75 µm hatch spacing, and a layer thickness of 37 

µm. Although the peak at 43.5˚ is close to a characteristic retained austenite peak (42.92˚), the 

nearest austenite peak to 71.1˚ is 73.37˚. In contrast, both peaks can be more closely associated 

with characteristic Fe3C peaks (43.87˚ and 71.05˚). However, no obvious Fe3C or retained 

austenite were observed in SEM micrographs (Figure 36), no chemical segregation indicating Fe3C 

was detected in WDS analysis (Figure 37), and neither Fe3C nor retained austenite could indexed 

during EBSD analysis (Figure 38). In light of this, the small diffraction peak at 43.5° appears to 

indicate the existence of cementite in the as-printed condition which may be due to thermal cycling 

and effective tempering that are a result of the layer by layer deposition process in LPBF [21]. 

However, a thorough phase analysis using transmission electron microscopy would be useful to 

provide definitive evidence for the existence of Fe3C or retained austenite in as-printed AF9628. 

The diffraction peaks at 44.9°, 65.3°, and 82.5° also overlap with the characteristic spectra of Fe3C 

and further phase analysis is required to determine whether small relative amounts of cementite 

exist in the powder and heat-treated conditions. No obvious Fe3C precipitates are observed in the 
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SEM micrographs of the HT1, HT2, or HT3 material displayed in Figure 39 or the WDS maps in 

Figure 40. It is possible that the cementite precipitates in the as-printed condition were too fine to 

observe under SEM. The austenitization and quenching process in each of the three heat treatment 

schedules is expected to promote a fully martensitic microstructure. Microstructural data on the 

heat-treated material from Figures 35-37 are therefore within expectations for the heat-treated 

material. Small manganese and silicon inclusions are observable as bright white spots in the WDS 

elemental maps of the as-printed material displayed in Figure 37a. These inclusions are likely Mn 

and Si oxides (MnO and SiO2) commonly observed in high strength - low alloy steel welds [106]. 

Manganese inclusions are also found in WDS maps of the HT3 specimen (Figure 37b), however, 

no silicon inclusions are observable. The cellular-dendritic elemental segregation reported in 

AF9628 powder [21] and observed in many other 3D printed alloy systems [2] is not evident in 

WDS maps of as-printed AF9628. Interestingly, depletion of Si, Mo, Cr, and Mn along with the 

segregation of Fe is observed in low relative amounts along the melt pool boundaries of the as-

printed specimen in Figure 37a. The phenomenon of solute depletion has been reported in the 

literature and is due to the low solidification growth rates along the melt pool boundary [56]. It is 

not clear whether this influences the mechanical properties of the material. 
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Figure 35. AF9628 X-Ray Diffraction spectra observed in powder, as-printed specimens, and heat 

treated (HT1, HT2, and HT3) specimens. HT1: stress relief, normalization, austenitization, and 

tempering; HT2: stress relief, austenitization, and tempering; HT3: normalization, subcritical 

anneal, austenitization, and tempering. 

 

Crystallographic and mesotexture analysis was conducted using EBSD and inverse pole figure 

(IPF) maps of the as-printed and heat-treated materials are displayed in Figure 38a. These IPF 

maps reveal the martensitic microstructure of AF9628 in each condition. The average martensitic 

lath sizes determined for each of these maps are presented in Table 5. Martensitic laths observed 

in the as-printed condition are larger than those observed in the heat-treated material. The as-

printed material had an average lath size of 6.3 ± 1.5 µm, whereas HT1, HT2, and HT3 had average 

lath sizes of 3.4 ± 2.3 µm, 2.7 ± 1.4 µm, and 3.1 ± 1.8 µm respectively. Lath sizes between the 
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heat-treated materials were not significantly different from each other, and each was within 1 

standard deviation of the others. The inverse pole figures displayed in Figure 38b illustrate the 

mesotexture observed in each of the IPF maps in Figure 38a. A weakly textured microstructure is 

observed in the [001] direction in the as-printed material. In contrast, the heat treatments HT1 and 

HT3 resulted in a weakly textured microstructure oriented in the [111] direction, and HT2 resulted 

in a weak bimodal texture distribution in the [111] and [001] directions.  

 

Figure 36. Backscattered electron images of AF9628 etched using Nital in each processing 

condition. These micrographs display the martensitic microstructure observed in each condition. 
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The yellow dotted lines in the as-printed and HT3 images provide a visual reference for the 

wavelength dispersive spectroscopy maps in Figure 37. HT1: stress relief, normalization, 

austenitization, and tempering; HT2: stress relief, austenitization, and tempering; HT3: 

normalization, subcritical anneal, austenitization, and tempering. 

 

 

 

 

 

 

 

Table 5. Average microstructural feature sizes of AF9628 in the as-printed and heat treated (HT1, 

HT2, and HT3) conditions. Average martensite lath sizes were extracted by the EBSD post-

processing software after acquiring EBSD data for each specimen. Average prior austenite grain 

sizes were obtained from the prior austenite grain maps produced by limiting the misorientation 

angle of each IPF map between 15-48˚, following the methodology described in [51,88,89]. The ± 

values represent 1 standard deviation from the mean for each measurement. HT1: stress relief, 
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normalization, austenitization, and tempering; HT2: stress relief, austenitization, and tempering; 

HT3: normalization, subcritical anneal, austenitization, and tempering. 

Processing 

Condition 

Prior Austenite Average Grain 

Size (µm) 

Martensite Lath Average Equivalent 

Diameter (µm) 

As-Printed 20.1 ± 7.1 6.3 ± 1.5 

HT1 16.8 ± 2.0 3.4 ± 2.3 

HT2 12.4 ± 2.3 2.7 ± 1.4 

HT3 11.2 ± 2.0 3.1 ± 1.8 

 

Figure 39 displays prior austenite grain (PAG) boundary images extracted from the EBSD 

data. As-printed specimens exhibit large (20.1 ± 7.1 µm) anisotropic columnar PAGs compared to 

the smaller equiaxed PAGs in HT1, HT2, and HT3 (16.8 ± 2.0 µm, 12.4 ± 2.3 µm, and 11.2 ± 2.0 

µm respectively). The columnar PAG structures in as-printed specimens formed due to the 

epitaxial grain growth mechanism typically observed in LPBF alloys [2]. HT1 reduced PAG size 

by ~16%, while HT2 and HT3 had 38% and 44% smaller PAGs, respectively, compared to the as-

printed material and were within 1 standard deviation of each other. The measured average 

martensitic lath and PAG sizes correlate well with the mechanical properties reported in Section 

3.2 of this work. 
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(a) 

 

(b) 
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Figure 37. Wavelength dispersive spectroscopy (WDS) maps of AF9628. (a) A WDS map of 

the as-printed material showing the distribution of elements in a 51.5×51.5 µm map of the 

material. The yellow dotted box in the micrograph of the as-printed processing condition in 

Figure 36 provides a visual reference for these maps. (b) A WDS map of the heat treatment 

condition HT3 showing the distribution of elements in a 51.5×51.5 µm map of the material. The 

yellow dotted box in the micrograph of the heat treatment condition HT3 in Figure 36 provides 

a visual reference for these maps. Each elemental map in (a) and (b) has a scale bar on the right 

with compositions displayed in at.%. 

 

Mechanical Properties 

Vickers microhardness tests were conducted transverse to the building direction with multiple 

measurements per sample being recorded along the building direction, as illustrated in Figure 40a. 

The hardness measurements, displayed in Figure 40b and tabulated in Table 6, determined an 

average hardness of 482.2 ± 22.0 HV, 469.8 ± 10.6 HV, 500.1 ± 5.8 HV, and 501.9 ± 9.2 HV for 

the as-printed, HT1, HT2, and HT3 conditions respectively. The as-printed material displays large 

fluctuations in hardness with a standard deviation of ± 22.0 HV due to the microstructural 

inhomogeneity and variations in local tempering caused by thermal cycling observed in Figure 34. 

Variations in microhardness due to bands of tempered and untempered martensite were similarly 

observed by Dilip et al. [63] in as-printed HY100. A spike in hardness to almost 580 HV is 

observed at the top of the as-printed specimen. This spike has been reported in the literature for 

low alloy - high strength steels and is due to the untempered martensite at the top of the as-printed 

specimens [21,63]. Since no layers are deposited above the top layer, tempering of the layer due 

to HAZ reheating does not occur and results in an untempered martensitic microstructure 
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significantly harder than the rest of the material. Overall hardness observed in the HT1 specimen 

decreased by 2.5% compared to the as-printed material. However, if the high hardness at the top 

of the as-printed specimen and low hardness at the edges of the HT1 specimen are not considered, 

no difference is observed between the two conditions. HT2 and HT3 specimens displayed hardness 

values within 1 standard deviation of each other and ~4% greater than the as-printed specimen.  

 

 

(a) 
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(b) 

Figure 38. Representative EBSD maps of AF9628 as-printed and heat treated cubes and the 

corresponding data collected from a viewing plane parallel to the building plane (a) Inverse pole 

figure (IPF) maps of the martensitic phase in the as-printed, HT1, HT2, and HT3 conditions. (b) 

The inverse pole figures associated with each IPF map revealing mesotexture of the scanned area 

of each specimen. Refer to Table 5 for the corresponding average grain size data extracted from 

the IPF maps. HT1: stress relief, normalization, austenitization, and tempering; HT2: stress relief, 

austenitization, and tempering; HT3: normalization, subcritical anneal, austenitization, and 

tempering. 

 

 

 

Table 6. Average mechanical property values measured on AF9628 in the as-printed and heat 

treated conditions. Tensile and hardness tests were conducted at room temperature, whereas 

Charpy impact testing was conducted at -40 °C. The ± values represent 1 standard deviation from 

the mean for each measurement. HT1: stress relief, normalization, austenitization, and tempering; 
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HT2: stress relief, austenitization, and tempering; HT3: normalization, subcritical anneal, 

austenitization, and tempering. 

Sample Yield 

Strength 

(0.2%) 

(MPa) 

Ultimate 

Tensile 

Strength 

(MPa) 

Elongation 

to Failure 

(%) 

Vickers 

Hardness 

(HV) 

Charpy 

Impact 

Toughness (J) 

As-

Printed 

1079 ± 2.3 1409 ± 1.4 10.33 ± 0.31 482.2 ± 22.0 27.82 ± 1.50 

HT1 1208 ± 3.7 1538 ± 0.4 7.15 ± 0.13 469.8 ± 10.6 23.56 ± 1.23 

HT2 1435 ± 0.5 1655 ± 1.4 5.37 ± 1.00 500.1 ± 5.8 24.06 ± 6.05 

HT3 1310 ± 5.7 1663 ± 1.1 7.63 ± 0.04 501.9 ± 9.2 22.46 ± 4.00 

 

Quasi-static tensile tests were conducted on the AF9628 specimens in the as-printed, HT1, 

HT2, and HT3 conditions. The specimens were additively manufactured such that the loading axis 

was oriented perpendicular to the building direction. Each condition was tested three times and 

Table 6 displays the average values. True stress-strain curves of the as-printed and heat-treated 

specimens are displayed in Figure 40c. The as-printed specimens resulted in the lowest YS and 

UTS but had the highest true strain at fracture. HT1 had a slightly greater YS and UTS with a 

strain of. HT2 had the highest measured YS  and a high UTS but had a poor true strain at fracture. 

HT3 had a similar UTS as HT2 and fractured at a larger strain compared to the other heat 

treatments. These results correlate well with the microstructural data reported in section 3.1. 

Vaughan et al. [51] reported that martensite lath and PAG refinement led to greater YS and UTS 

in AF9628 processed by ECAP. Martensite and PAG refinement due to the heat treatment 
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schedules in this work resulted in strengthening of the as-printed material. HT1 refined martensite 

lath sizes by 46% and PAGs by 16%, resulting in a ~5% increase in UTS. Similar martensite 

refinement and even greater PAG refinement was observed in HT2 and HT3 (38% and 44%, 

respectively), resulting in a 10-11% increase in UTS compared to the as-printed material. The 

observed drop in strain to fracture in the HT2 specimen compared to the HT3 specimen (30% 

lower strain to fracture) and increased variability in ductility indicates that a lack of normalization 

treatment results in poor ductility in the material. Additionally, the improved UTS observed in the 

HT3 condition suggests that it is the most optimal heat treatment schedule for LBPF AF9628. 

 

Figure 39. Prior austenite grain maps of AF9628 as-printed and heat-treated (HT1, HT2, and HT3) 

cubes generated from the electron backscattered diffraction data acquired in each specimen. Prior 
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austenite grain maps were extracted from the EBSD data by limiting the misorientation angle of 

each IPF map between 15-48˚ following [51,88,89]. Refer to Table 5 for the corresponding average 

grain size data extracted from the IPF maps. HT1: stress relief, normalization, austenitization, and 

tempering; HT2: stress relief, austenitization, and tempering; HT3: normalization, subcritical 

anneal, austenitization, and tempering. 

 

Charpy impact testing revealed that the toughness of the heat-treated materials dropped 

compared to the as-printed specimens, as can be seen in Table 6. As-printed samples displayed a 

Charpy impact toughness of 27.82 ± 1.50 J compared to HT1, HT2, and HT3 which measured 

similar values between 22.46 - 24.06 J. Figure 41 displays Charpy impact toughness vs. true 

ultimate tensile strength results measured in this study and in Vaughan et al. [51]. These results 

reveal a stark contrast between the Charpy impact toughness measured for the “Baseline” heat 

treated as-forged specimens compared to the LPBF and heat-treated specimens measured in this 

study. This difference may be attributable to the difference in carbon content of the alloys tested, 

which will be discussed in more detail below. As-printed specimens are observed to have greater 

Charpy impact toughness compared to any of the heat-treated conditions measured in this study 

despite the lower UTS measured. This may be due to the ~25% drop in ductility observed after 

each heat treatment. The increased ductility of as-printed specimens is likely due to the varying 

degrees of tempering observed in as-printed specimens. Regions of over-tempering in the as-

printed material result in lower UTS but larger ductility and appear to be responsible for the 

increased Charpy toughness observed.  
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(a) (b) 

 

(c) 

Figure 40. Hardness and true stress vs. true strain responses of the as-printed and heat treated 

(HT1, HT2, and HT3) AF9628 ultrahigh strength martensitic steel specimens. (a) An illustration 

of hardness measurements conducted along the building direction of each cube cross section. 

(b) Observed Vickers hardness for each point along the cross sections (the distance between 

hardness indentations is about 400 µm). (c) True tensile stress-strain curves measured 

perpendicular to the building direction. See Table 6 for the summary of the mechanical property 
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values. HT1: stress relief, normalization, austenitization, and tempering; HT2: stress relief, 

austenitization, and tempering; HT3: normalization, subcritical anneal, austenitization, and 

tempering. 

 

SEM micrographs of fracture surfaces taken from the Charpy impact specimens are displayed 

in Figure 42 for each processing condition. Both the as-printed and heat treated fracture surfaces 

display fine dimples indicating ductile fracture. A melt pool structure was observable in a crevice 

on the as-printed fracture surface as can be seen in Figure 42b. This indicates the existence of 

residual porosity in the as-printed specimens, as is consistent with the measured relative density 

(99.4%). This residual porosity may contribute to the lower impact toughness of the specimens 

presented in this study as compared to traditionally processed material [51]. Additionally, larger 

peaks and troughs are observable (Figure 42a) on the surfaces of the as-printed specimens 

compared to heat treated specimens. Figure 42c displays optical images of the fracture surfaces in 

each condition. Shear lips are observed on the surfaces of all the samples tested in both as-printed 

and heat treated conditions. At their widest points, the shear lips measured 1.06 mm, 1.21 mm, 

1.55 mm, and 1.55 mm for the as-printed, HT1, HT2, and HT3 specimens, respectively. The 

increase in shear lip width observed in the heat-treated specimens corresponds well with the 

decreasing Charpy toughness observed.  
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Figure 41. Charpy impact toughness at -40°C vs. true ultimate tensile strength at 27°C responses 

of laser powder bed fusion manufactured AF9628 martensitic steel samples in the as-printed, HT1, 

HT2, HT3, and traditionally processed [51] conditions. HT1: stress relief, normalization, 

austenitization, and tempering; HT2: stress relief, austenitization, and tempering; HT3: 

normalization, subcritical anneal, austenitization, and tempering. 

A recent study on LPBF AF9628 reported a UTS of up to 1.7 GPa with ~11% elongation in 

as-printed specimens [107]. Similarly, a UTS of up to 1.77 GPa was reported for as-forged AF9628 

treated with the HT3 heat treatment schedule [51]. These variations in strength in comparison to 

this study are due to the drop in carbon content observed in the as-printed specimens, reported in 

Table 2. ICP-AES analysis and combustion infrared absorbance measurements of the powder and 

as-printed specimens revealed that carbon content decreased from 0.26 wt.% in the powder to 0.23 

wt.% in the as-printed specimens, indicating decarburization during the printing process. The 

standard range for carbon content in AF9628 is 0.24 – 0.32 wt.% [48]. Agrawal et al. [107] did not 
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report the composition of the as-printed material with which they conducted tensile tests on, 

however, Vaughan et al. reported a carbon content of 0.29 wt.% in their as-forged and heat-treated 

AF9628. Decarburization during LBPF has already been reported in some steels up to 21% [41], 

therefore a 12% decrease in carbon content in this study seems reasonable. This observation points 

out the fact that further analysis on the effect of initial carbon content and decarburization in LPBF 

AF9628 is needed to determine the cause of the observed differences in reported mechanical 

properties. This is a topic of ongoing investigation. 
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(a) 

 

(b) 
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(c) 

Figure 42. Scanning electron micrographs of Charpy impact sample fracture surfaces for each 

of the conditions tested in this study (As-Printed, HT1, HT2, HT3). The micrographs displayed 

are taken at a) low magnification and b) high magnification to show macro- and micro-scale 

features across the sample surfaces. White dotted lines indicate dimples along the fracture 

surface and yellow dotted lines indicate porosity-initiated structures in the micrographs. c) Low 

magnification optical images of the shear lips observed on the AF9628 Charpy fracture surfaces 

in each condition. HT1: stress relief, normalization, austenitization, and tempering; HT2: stress 

relief, austenitization, and tempering; HT3: normalization, subcritical anneal, austenitization, 

and tempering. 
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SUMMARY AND CONCLUSIONS* 

The present study reports a simple methodology to determine optimal processing parameters, 

i.e. laser power, laser scan speed, and hatch spacing, in selective laser melting additive 

manufacturing in order to fabricate porosity-free parts, as well as to map out solidification 

microstructure across the parameter space. An analysis of the effects of alloying composition, 

phase diagram features, and material properties on the printability and solidification 

microstructures in four binary nickel-based alloys is conducted. This methodology will serve as a 

catalyst to future investigations on the effect of processing parameters on the microstructure and 

mechanical properties of printed parts. Additionally, the effects of three different post-printing 

heat treatment schedules on the microstructure and mechanical properties of a newly developed 

ultra-high strength martensitic steel, AF9628, were studied. 

The following conclusions can be drawn from this study: 

• Fully dense AF9628 ultra-high strength martensitic steel parts can be successfully printed 

using SLM. However, the material is sensitive to high volumetric energy density (VED) 

which can result in severe porosity. Highly porous specimens were observed at and above 

VED of 70.9 (J/mm3).
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• The hatch spacing criterion developed in this study is a useful tool to determine successful 

process parameters for laser powder bed fusion processing, since the criterion is dependent 

only on predictable melt pool dimensions (depth and width). With proper control of hatch 

spacing through this criterion the variability of mechanical properties might be controlled 

and reduced, as demonstrated in the material selected in this study. 

 

• AF9628 fabricated by LPBF can reach ultimate tensile strengths of 1.41 GPa with strains 

to failure of ~10%. These specimens had a Vickers hardness of ~480 HV and a Charpy 

impact toughness of ~28 J at -40°C. However, a columnar microstructure and heterogenous 

microhardness distribution are observed in as-printed AF9628 due to the thermal cycling 

effects during the LPBF process.  

• Heat treatment schedules tested on as-fabricated AF9628 in this study resulted in 

microstructural and microhardness homogenization. Martensitic lath and prior austenite 

grain refinement were observed due to these heat treatments, improving tensile strength 

levels.  

• The heat treatment schedule HT3 resulted in 51% martensitic lath refinement, 44% prior 

austenite grain refinement, and the highest Vickers hardness (~502 HV) observed in this 

study. Both the HT2 and HT3 heat treatments displayed UTSs of 1.66 GPa. However, the 

ductility and toughness of the heat-treated material decreased compared to the as-printed 

condition. Heat treatments resulted in tensile strains between 5.4% - 7.6% and Charpy 

impact toughness’ between 22.5 – 24.0 J. 

• Out of the three heat treatments conducted in this study, the HT3 schedule selected from 

the literature resulted in the highest UTS and strain, as well as a large degree of 
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microstructural refinement. The lower and more variable strain to fracture in the HT2 

specimens indicate that it is necessary to include the normalization step when heat treating 

AF9628 to retain reasonable and more consistent ductility. Additionally, no cracking was 

observed in any of the heat-treated materials including HT3, which did not contain a stress 

relief step. This indicates that a stress relief heat treatment step is unnecessary for LPBF 

AF9628. 

• Differences in the mechanical properties and Charpy impact toughness of as-printed 

AF9628 compared to the wrought condition are partially attributed to decarburization 

during LBPF, resulting in 12% reduction in the carbon content. It is it is hypothesized that 

powder with higher carbon content would improve strength levels in the as-printed 

condition closer to that of the wrought condition.   

• Alloy melting temperature is observed to have a significant effect on both melt pool 

dimensions and printability in L-PBF. Alloys with high melting temperatures require more 

energy to melt, resulting in shallower melt pool structures. These shallow melt pools result 

in larger lack of fusion boundaries in the processing maps developed in this study, 

shrinking the parameter space expected to produce porosity free parts. However, keyhole 

defect boundaries in these processing maps are oppositely affected by melting temperature. 

Larger keyhole defect regions are observed in alloys with lower melting temperatures. The 

lack of fusion boundary is more sensitive to this phenomenon than the keyhole boundary, 

resulting in larger optimal parameter ranges for alloys with lower melting temperatures. 

• Solidification temperature range and partition coefficient have a substantial impact on 

microsegregation in L-PBF. A wider region of the L-PBF parameter space is expected to 

result in segregation in alloys with large solidification ranges and small partition 
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coefficients. Dendrite size and segregation amount are also highly dependent on scan speed 

and, to a lesser extent, laser power. Larger dendrites with increased solute segregation form 

when using low scan speeds and high laser powers. 

• Quantification of primary dendrite arm spacing (PDAS) in single track scans across the 

parameter space allowed for the construction of processing maps qualitatively detailing 

expected segregation across the parameter space. These processing maps were successful 

at predicting the extent of solute segregation as demonstrated in four Ni-based alloys. 

Control over microsegregation can be achieved by optimizing process parameters utilizing 

these processing maps. 

• An empirical equation to predict PDAS using L-PBF process parameters and simple 

material properties was proposed in this study. This model fit well to the measured single 

track PDAS data. However, the model will likely need modification before it can be 

generalized to alloys significantly different from those presented here. 

• The methodology introduced in this study allows for the successful development of 

processing maps capable of predicting both porosity formation (and thus the elimination of 

porosity) and microsegregation in bulk parts built using L-PBF. In addition to easing 

process parameter optimization for new alloy systems, this methodology also provides a 

pathway to evaluate and compare printability across alloy systems. 
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