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ABSTRACT

Magnesium (Mg) and its alloys are promising lightweight and high specific strength struc-

tural materials, especially for transportation and aerospace applications. However, pure Mg and

many Mg alloys exhibit low room-temperature ductility and formability, which is due to the low-

symmetry hexagonal close-packed crystal structure and high plastic anisotropy. Therefore, a com-

prehensive understanding of the fundamental deformation behavior in Mg and its alloys is critical

to further improve the mechanical performance of Mg. In this dissertation, advanced characteriza-

tion techniques (scanning electron microscopy, transmission electron microscopy, etc.) were used

to study the activation and suppression of non-basal slips (non-basal < a > and < c + a >) and

{1012} < 1011 > extension twinning in deformed pure Mg and Mg alloys.

In the first part, the effect of Schmid factor was examined on the activation and suppression of

< c+a > dislocation and extension twinning. Textured Mg-3Al-1Zn (AZ31) alloy was selected as

the model material. Regarding < c+ a > dislocations, statistical analyses on the normal-direction

compressed AZ31 revealed that the activation and suppression of< c+a > dislocations in individ-

ual grains are primarily dictated by the overall texture rather than the crystallographic orientation

of each grain. (Global texture prevails!) Regarding extension twinning, statistical analyses on the

deformed Mg under multiply deformation conditions (normal-direction compression and tension,

rolling-direction compression and tension, and 45◦ compression) revealed extension twinning gen-

erally obeys the Schmid law for individual grains rather than the global stress state that favors

extension twinning or not. (Schmid factor of individual grain prevails!)

In the second part, the effect of non-rare earth (RE) alloying was investigated on the activation

and suppression of < c + a > dislocation and extension twinning. Moreover, the operation of

specific deformation mode on the sample ductility was discussed. Non-RE Mg (pure Mg and

AZ31) with similar initial microstructures (i.e., grain size and texture) were chosen. To uncover

the fundamental mechanisms for the much improved ductility in AZ31, statistical analyses on the

pure Mg and AZ31 after rolling-direction tension at different strain levels were performed. The
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observations revealed a significant disparity of non-basal dislocation activities between the pure

Mg and AZ31. For the pure Mg, < c + a > dislocations were activated since the early stage of

plastic deformation. For AZ31, < c+a > dislocations were largely absent at all strain levels, even

in the strain-to-failure samples. The promotion of the non-basal < a > dislocation activities and

the suppression of< c+a > dislocations in AZ31 are expected to offer more sustainable hardening,

which could elucidate the absence of apparent shear banding and much-improved ductility in AZ31

compared to pure Mg.

In the third part, the effect of RE alloying was investigated on the activation and suppression of

< c+a > dislocation and extension twinning, and the influence on sample ductility was discussed.

The microstructure of a newly developed Mg RE alloy (Mg–2Zn-0.3Ca-0.2Ce-0.1Mn) alloy with

an exceptionally high tensile ductility was characterized. Compared with the pure Mg and AZ31

alloy microstructure at the same deformation condition in the second part, our results revealed that

the high ductility of the ZXEM2000 could be attributed to four key factors: weaker texture, finer

grain size, reduced twinning, and increased cross-slip frequency of < c+ a > dislocations.

Taken together, this dissertation explores the roles of Schmid factor and alloying on the op-

eration of non-basal slip and extension twinning in Mg and Mg alloy. Both above deformation

mechanisms have a significant impact on the ductility of Mg and Mg alloys. The fundamen-

tal mechanisms uncovered in this work are anticipated to help guide the future Mg alloy design,

especially in the area of simultaneously achieving high strengthen, high ductility, and improved

formability.
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1. INTRODUCTION

1.1 Background and Motivation

Magnesium (Mg) is the lightest structural metal with a density of only 1.74 g/cm3, which is

23% that of steel (8.05 g/cm3) and 66% that of aluminum (Al, 2.71 g/cm3). It is also a widely avail-

able metal which is the eighth-most abundant element in the earth’s crust and the third most plen-

tiful element dissolved in the seawater. These unique properties make Mg a promising candidate

to substitute steel and aluminum alloy in the transportation and automobile industry to overcome

energy crises and carbon-neutral challenges. The usage of Mg for structural material purposes can

be traced back to German military aircraft during World War I and II. In the 21st century, driven

by lightweighting and energy saving, the application of Mg alloy receives unprecedented research

and industrial interest. For example, in the automobile industry, the Renault EOLAB hybrid car

(Figure 1.1a), made from Mg alloys, was able to run 100 kilometers on a liter of gas, which is

only a quarter of gas consumption compared with the regular sedan vehicles [1, 15]. Moreover, in

the electronic industry, Microsoft launched a new Surface series (Figure 1.1b) using Mg alloy as

bodies and frames, which replace traditional aluminum alloy [2].

Figure 1.1: (a) Renault EOLAB hybrid car made from Mg. (b) Microsoft’s Surface series with Mg
alloy bodies and frames. Images adapted from ref [1, 2].
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The usage of Mg for structural applications is much less than those of steels and aluminum

alloys. The most significant barrier to the wider applications of Mg as a structural material is its

poor ductility and formability at room temperature. The pure Mg is brittle and fractures only at

∼10% single-pass thickness reduction during the cold rolling. This is in strong contrast to pure

Al, which can be easily cold rolled till 90% reduction [16]. Although hot rolling can increase the

formability of Mg, there is an increase in energy consumption. Moreover, hot rolling develops a

strong basal texture in Mg, which makes further deformation and forming difficult [5].

1.1.1 Deformation Mechanisms

To achieve improved formability and ductility, a comprehensive understanding of the funda-

mental deformation behavior in Mg and Mg alloys is critical. Mg has a hexagonal closed-packed

(HCP) crystal structure with the c/a ratio of 1.623, slightly lower than the ideal c/a ratio for HCP

(1.633). There are mainly three types of slip systems (basal < a > slip, non-basal < a > slip, and

pyramidal < c + a > slip) and two types of twinning modes (extension twinning and contraction

twinning), as shown in Figure 1.2.

Figure 1.2: The major deformation mechanisms in HCP Mg.
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Of the multiple possible dislocation slip systems in Mg (Figure 1.2), the basal < a > slip

(burgers vector b = 1
3
< 1120 >) is the easiest and most ubiquitous slip, which has a critical

resolved shear stress (CRSS) of only ∼0.5 MPa [17]. However, the basal < a > slip cannot

accommodate the strain along the c-axis and can only provide two independent slip systems. To

satisfy the Von Mises criteria of five independent slip systems for polycrystalline material arbitrary

shape change [18], extra three independent deformation mechanisms are required.

Non-basal < a > dislocation, which slips on the prismatic and pyramidal I planes, can provide

extra slip modes. Non-basal < a > slip is considered as the dominated deformation mode in Mg

single crystal during tension along the basal plane [19]. However, non-basal < a > dislocations

are much more difficult to activate than the basal < a > dislocations due to their much higher

CRSS, which is in the range of 30-50 MPa [20, 21].

Although the non-basal < a > slip can provide extra deformation modes, the c-axis strain

cannot be accommodated with < a > type dislocation. The pyramidal < c + a > dislocation,

which has a burgers vector b = 1
3
< 1123 >, can accommodate c-axis compression. The CRSS

of the < c + a > dislocation is even higher than the non-basal < a > dislocation and is roughly

100 times that of the basal < a > dislocation [7]. The {1010} < 1123 > pyramidal I and

{1122} < 1123 > pyramidal II < c+ a > slip systems can be activated under c-axis compression

on Mg single crystal when the zero or low Schmid factor on the basal plane prohibits the easy basal

glide [22, 7, 9, 23, 24, 25].

In addition to the pyramidal < c + a > slip, deformation twinning can also accommodate the

c-axis strain. Among the multiply twinning systems, the {1012} < 1011 > extension twinning,

which rotates the crystal by 86◦, is the most frequently observed and reported twinning system

[12, 14]. For Mg single crystals, the extension twins can be activated when the samples are pulled

parallel to the c-axis or compressed perpendicular to the c-axis (c-axis tension). In contrast to the

extension twinning, the contraction twins, which rotates the crystal by 56◦, can be activated under

c-axis compression but are much harder to form due to much higher CRSS [12, 14, 13].
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1.1.2 Plastic Anisotropy

Due to the low-symmetry nature of the HCP crystal structure in Mg, the plastic anisotropy is

large. During the rolling process, there is much larger deformation resistance perpendicular to the

basal plane direction (compression) than parallel to the basal plane direction (Figure 1.3a). Under

this circumstance, a strong basal texture is easily formed after rolling with the c-axis aligned per-

pendicular to the rolled surface (Figure 1.3b). An example of the electron backscattered diffraction

(EBSD) orientation map from the pure Mg normal plane is shown in Figure 1.4. The inverse pole

figure (IPF) map, (0001) pole figure, and the schematic illustrate a strong basal texture, which has

most of grains’ c-axis close to the normal direction.

Figure 1.3: During rolling process at room temperature, (a) strong anisotropy of Mg HCP and (b)
strong basal texture formed.
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Figure 1.4: EBSD IPF maps (out-of-plane crystal orientation) of pure Mg plate normal plane,
along with the corresponding (0001) pole figure indicating the strong basal texture. Image adapted
from Ref [3].

Furthermore, the strong plastic anisotropy will influence the deformation of the highly-textured

Mg. As shown in Figure 1.5, the apparent different stress-strain curves from compression and

tension along different directions indicate such an anisotropy. The CA0ND0 compression test

(red dashed curve) is close to the c-axis direction, and < c + a > slip system is considered as

the dominant slip system. The high work hardening is associated with the exhaustion of mobile

< c + a > dislocations [7, 10]. In contrast, CA0ED0 compression (a-axis compression, blue

dashed line) introduces extension twinning instead of the < c + a > dislocations. The sigmoidal-

shaped stress-strain curve indicates the low CRSS and extension twinning. For the tension tests,

TA90ND0 tension (black curve) activates the non-basal < a > dislocation (prismatic < a >

dominated), which also has a relatively large strain hardening rate than extension twinning.
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Figure 1.5: Stress-strain curves of pure Mg at room temperature under different mechanical tests
including plane strain compression (ND90ED0 and ND0ED0), simple compression (CA0ED0 and
CA0ND0), and uniaxial tensile (TA90ND0). Image adapted from Ref [4].

1.1.3 Mg Alloys

Driven by the design of more ductile Mg alloys, Mg alloying has attracted extensive research

interest during the past decade [26, 27, 5, 28, 8, 29, 30, 31]. Depending on whether rare earth

(RE) element is used, Mg alloys can be divided into non-rare earth (non-RE) Mg alloys and RE

(e.g., Y, Gd, Ce, Er and Nd) Mg alloys. The primary commercial alloys for non-RE Mg alloys

are the AZ/AZM series (Mg-Al-Zn-Mn) and ZK series (Mg-Zn-Zr), with the most famous one as

AZ31. AZ31 attracts the most attention and exhibits a much better ductility than pure Mg[8]. For

the Mg RE alloys, the currently used commercial ones are the AE series (Mg-Al-RE), EZ series

(Mg-RE-Zn) and WE series (Mg-RE-Zr).

The improved ductility from Mg alloying can be explained by easing certain deformation

modes and weakening texture. As shown in Figure 1.6, Sandlobe et al. demonstrated the im-
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proved ductility of Mg-Al-Ca alloy is from the more active < c+ a > dislocations, which can ac-

commodate larger c-axis strain than pure Mg to avoid early-stage fracture. The alloying elements

could modify the non-basal slip systems activities and reduce the strong anisotropy in wrought

Mg. [27, 8, 32, 33, 34, 35]. Additionally, texture weakening (mainly by RE and Ca elements) can

also reduce the strong anisotropy in wrought Mg. As shown in Figure 1.7, with the addition of

Ca and Ce, more random texture and spread pole were achieved comparing with pure Mg (Figure

1.4). Thus, more uniform deformation can be introduced.

Figure 1.6: Mg-Al-Ca alloy exhibits much improved ductility than pure Mg at room temperature
due to the enhanced < c + a > dislocation activity to accommodate the c-axis strain. Image
adapted from Ref [5].
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Figure 1.7: EBSD IPF maps (out-of-plane crystal orientation) of Mg–Zn-Ca-Ce alloy plate normal
plane, along with the corresponding (0001) pole figure indicating the much weaker basal texture
than the pure Mg. Image adapted from Ref [6].

1.1.4 Microscopy Characterizations of Dislocations and Twins in Mg

With the help of advanced characterization techniques, dislocation and twinning microstructure

in Mg can be resolved and correlated with the mechanical properties.

Transmission electron microscopy (TEM) is the main tool to study dislocations in Mg (and

in any other materials). The samples are usually thinned down to ∼100 nm to achieve electron

transparency. The micrographs are then formed from the 2D projections of the 3D line features.

Obara et al. pioneered using TEM to study dislocations in Mg back to 1973. The author performed

two-beam condition TEM imaging on the c-axis compressed Mg single crystals and revealed the

presence of < c + a > dislocations, describing them as "long and straight" lying parallel in the

basal plane (Figure 1.8a) [7]. < c+ a > dislocations were confirmed as the dominant deformation

mode to accommodate Mg single crystal c-axis or wrought Mg polycrystal normal-direction com-

pression. In contrast, non-basal < a > slip is considered as the dominant deformation mode to

accommodate rolling-direction tension with < c + a > activated, as demonstrate by Agnew et al.
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in AZ31 alloy (Figure 1.8b) [8]. However, the < c+a > dislocation "basal-bound" puzzle was not

solved until 2015. Geng et al. performed high angle annular dark-field scanning TEM (HADDF-

STEM) imaging on the dislocation core and observed the< c+a > dislocations dissociate into two

edge partials with a stacking fault in between [9] (Figure 1.8c). In the same year, Wu and Curtin

explained experimental observed < c + a > dislocation dissociation using molecular dynamics

simulation (Figure 1.8c) [10]. The < c + a > dislocation dissociation process can be written as

1
3
< 1123 >→ 1

6
< 2023 > +SF(0001) + 1

6
< 0223 >. More recently, Xie et al. conducted

careful tilting experiments and observed the majority of < c + a > dislocations dissociated into

curved partial dislocations on the basal plane instead of straight partial dislocations(Figure 1.8d)

[11]. Note that the slip planes for< c+a > dislocations are pyramidal, not basal. Therefore, these

basal-bound < c + a > dislocations are sessile and cannot provide sustainable strain hardening,

which leads to a high hardening and a low strain to failure.

Figure 1.8: Selected TEM characterization work Mg dislocations. Image adapted from Ref [7, 8,
9, 10, 11].
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To study Mg extension twinning and contraction twinning, scanning electron microscopy (SEM)

equipped with the electron backscattered diffraction (EBSD) capability was adapted by Barnett et

al. back in 2007 (Figure 1.8a-b) [12]. Inverse pole figure maps were acquired to reveal the crystal

orientation before and after extension twinning, contraction twinning, and double twinning (Fig-

ure 1.8a-b). Moreover, in 2010, Hong et al. discovered the extension twin variants were depen-

dent on strain path based on the EBSD results [13]. Although both normal-direction tension and

rolling-direction compression can activate extension twinning, more twin variants were observed

in the normal-direction tension samples than the rolling-direction compression samples due to the

Schmid factor effect (Figure 1.8c). In the same year, Beyerlein et al. also reported the Schmid fac-

tor effect in extension twinning and concluded Schmid factor of individual grain greatly influences

the propensity for twinning in the grain, where a higher value of the Schmid factor leads to a larger

area fraction, a larger number, and thicker twins (Figure 1.8d) [14].

Figure 1.9: Selected EBSD characterization of Mg extension twins. Image adapted from Ref
[12, 13, 14].
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1.2 Motivation and Thesis Objectives

As discussed in the 1.1.4, most of the studies of the activation of < c + a > dislocation focus

on Mg single crystals. For Mg polycrystal, due to different grains’ orientations and grain boundary

effect, the activation of < c + a > dislocation could be more complex. In this case, whether the

activation of< c+a > is determined by the orientation of the individual grain or the global texture

of the polycrystal is unclear. The first scientific question we ask is how the polycrystalline nature

of the material affects the activation of < c+ a > dislocation (Chapter 2).

Followed by the studies of the activation of < c + a > in polycrystal Mg, the next intuitive

scientific question is how the polycrystalline nature of material affects the activation of {1012} <

1011 > tension twinning. In 1.1.4, it has been reported that twins are more easily activated in those

grains orientated favoring twinning. However, most previous investigations focus on the loading

conditions where twinning is favored. It is important to point out that even when the loading

conditions do not generally favor twin formation, some twins could be observed locally. Thus, the

second scientific question to ask is what is the effect of the individual grains’ orientation on their

twinning behavior when the loading condition does not apparently favor twinning (Chapter 3).

Mg AZ31 alloy and Mg–2Zn-0.3Ca-0.2Ce-0.1Mn exhibit approximately 3 times and 6 times

better ductility than pure Mg, respectively. Yet, there lacks the understanding of the fundamental

mechanisms that govern the improved ductility. Where is the enhanced ductility from? How non-

RE alloying (e.g., Al and Zn) affects the < c + a > dislocation and extension twinning activities?

How RE alloying (e.g., Ce) affects the < c + a > dislocation and extension twinning activities?

Those scientific questions will be addressed in Chapter 4 and 5.

The primary objective of the project is to study the activation and suppression of non-basal slips

(non-basal < a > and < c+ a >) and {1012} < 1011 > extension twinning in deformed pure Mg

and Mg alloys by advanced electron characterization techniques (SEM, TEM, etc.). The long-term

goal is to utilize the uncovered fundamental mechanisms gained from the above observations to

guide the design of new generation Mg alloys that exhibit a combination of excellent strength and

ductility. The implementation of the discoveries would enable lightweighting and reduce energy

11



consumption. There are five parts in this dissertation:

Chapter 1 provides: 1) Background of Mg and Mg alloy, including the current application and

potential challenges; 2) Mg major deformation mechanisms, unusual rolling texture, associated

plastic anisotropy and Mg alloying; 3) Milestones of the Mg dislocation and twinning characteri-

zation.

Chapters 2 and 3 focus on understanding the Schmid factor effect on < c + a > dislocation

and {1012} < 1011 > extension twinning activation and suppression. Textured AZ31 alloy was

selected as the model material. In chapter 2, < c+ a > dislocation activation and suppression was

studied on the normal-direction and 45◦ compressed AZ31. Statistical analyses from the correlative

microscopy results (EBSD and TEM) revealed that the activation and suppression of < c + a >

dislocations in polycrystalline Mg are primarily governed by the overall texture, regardless of the

crystallographic orientation of each grain. This observation is explained by the requirement of five

independent slip systems, reduced anisotropy, and twin-induced strain localization. In chapter 3,

{1012} < 1011 > extension twinning was studied on the deformed Mg under multiple deformation

conditions (normal-direction compression and tension, rolling-direction compression and tension,

and 45◦ compression). Statistical analyses from the EBSD results revealed extension twinning

generally obeys the Schmid law for individual grains, regardless of whether the global stress state

favors extension twinning or not. The strong dependence of extension twinning on the Schmid

factor is in contrast to the weak correlation of < c+ a > dislocations.

Chapter 4 investigates the effect of non-RE alloying on the activation and suppression of <

c + a > dislocation and extension twinning. Moreover, the operation of specific deformation

mode on the sample ductility was discussed. Non-RE Mg (pure Mg and AZ31) with similar initial

microstructures (i.e., grain size and texture) were chosen as model materials. Systematic tilting

experiments and statistical analyses were performed on both pure Mg and AZ31 after rolling-

direction tension at different strain levels. The observations revealed a significant disparity of

non-basal dislocation activities between pure Mg and AZ31. For pure Mg, < c+ a > dislocations

were activated since the early stage of plastic deformation. The < c + a > dislocations display
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a much shorter dissociation distance under tension as compared to the ones reported from c-axis

compression. Increasing strain level appears to promote the cross slip of < c + a > dislocations.

For AZ31,< c+a > dislocations were largely absent at all strain levels, even in the strain-to-failure

samples. Non-basal < a > dislocations, including prismatic and pyramidal < a > dislocations,

were observed. The promotion of the non-basal < a > dislocation activities and the suppression

of < c+ a > dislocations in AZ31 are expected to offer more sustainable hardening, which could

elucidate the absence of apparent shear banding and much-improved ductility in AZ31 compared

to pure Mg.

Chapter 5 extends the idea of chapter 4 and focuses on the effect of RE alloying on the activa-

tion and suppression of < c + a > dislocation and extension twinning. Meanwhile, the influence

on sample ductility was also discussed. The microstructure of a newly developed Mg RE al-

loy (Mg–2Zn-0.3Ca-0.2Ce-0.1Mn) with an exceptionally high tensile ductility was characterized

by SEM and TEM at selected strain levels. Compared with the pure Mg and AZ31 microstruc-

ture at the same deformation conditions (chapter 4), our results revealed that the high ductility

of ZXEM2000 could be attributed to four key factors: weaker texture, finer grain size, reduced

twinning, and increased cross-slip frequency of < c+ a > dislocation.

Chapter 6 provides a summary of the key findings and suggests future work.
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2. ACTIVATION AND SUPPRESSION OF <C + A> DISLOCATIONS IN A TEXTURED

MG-3AL-1ZN ALLOY1

2.1 Introduction

Magnesium (Mg) and its alloys have attracted extensive research interests as they are promising

lightweight and high specific strength structural materials. However, pure Mg and most Mg alloys

are brittle and difficult to form at room temperature [8, 36]. The limited ductility and formability

are attributed to the low mobility of pyramidal< c+a > dislocations, which usually accommodate

c-axis compression [22, 21, 26, 37, 38, 10, 39, 27]. Thus, the detailed understanding of < c+ a >

dislocation behavior could potentially guide the design of ductile and formable Mg alloys.

The activation of pyramidal slip has been well studied in Mg single crystals [22, 7, 23, 9,

25, 40, 41]. When compressed along the c-axis, < c + a > dislocations were observed to be

the dominant deformation mechanism. Obara et al. [7] performed detailed two-beam condition

analyses using transmission electron microscopy (TEM) and concluded that the Burgers vector of

< c + a > dislocations is < 1123 > [7]. Recent experimental studies [22, 42] and molecular

dynamics simulations [43] demonstrated that < c + a > dislocations can glide on both {1011}

pyramidal I and {1122} pyramidal II planes. The critical resolved shear stress (CRSS) of< c+a >

pyramidal slip measured∼40 MPa [7], which is much higher than that of basal slip (0.5 MPa, with

the Burgers vector < 1120 >) [21, 17]. Due to this substantial anisotropy, if the c-axis is a few

degrees off the loading direction in Mg single crystals, according to Schmid’s law, basal < a >

slip will be activated to accommodate the plastic deformation. As a result, < c + a > slip will be

suppressed.

The < c + a > dislocation activities in polycrystalline Mg samples are more complex than in

single crystals [29]. When compressing a hot-rolled Mg plate along the normal direction, although

many grains have their c-axis aligned close to the loading direction, the activation of < c + a >

1Reprinted with permission from “Activation and suppression of< c+ a> dislocations in a textured Mg–3Al–1Zn
alloy” by Dexin Zhao, Xiaolong Ma, Sezer Picak, Ibrahim Karaman, Kelvin Xie. Scripta Materialia, vol. 179, pp.49-
54. Copyright (2020).
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dislocations could depend on two factors: 1) the orientation of the individual grain and 2) the global

texture of the bulk material. For a grain whose c-axis is aligned away from the loading direction,

the Schmid factor analysis predicts no or very few < c + a > dislocations in such grain, as the

basal slip would be the dominant deformation mechanism. On the other hand, the deformation

of such grain may also be constrained by the highly textured neighboring grains to satisfy strain

compatibility, leading to profuse < c + a > dislocation activities. The scientific question we

aim to answer is which of the two aforementioned factors - the individual grain orientation or the

global texture - is more dominant for < c+ a > dislocation activation. In this work, we selected a

highly textured hot-rolled Mg-3Al-1Zn (AZ31) as the model material and developed a correlative

microscopy technique to link the crystal orientation with the < c+ a > dislocation microstructure

to address the above question.

2.2 Materials and Methods

A hot-rolled AZ31 sheet was purchased from MetalMart International Inc. The bulk sample

was annealed at 350 ◦C for 12 h with Ar flow to remove the stored dislocations. Rectangular

compression specimens (4 mm × 4 mm × 8 mm) were electrical discharge machined (EDM) from

the center of the hot-rolled plate. Quasi-static compression tests were conducted along the nor-

mal direction (ND) and 45◦ off-normal direction (refer to 45◦) at a strain rate of 5 × 10−4 s−1.

The representative stress-strain curves were obtained from two specimens compressed to failure.

All presented microscopy studies were performed on the specimens compressed to ∼2.6% plastic

strain.

Correlative microscopy specimens were cut from the center region of the compression samples.

To measure the off-angle between the c-axis of the grains of interest and the loading axis, non-

circular TEM foils with one straight edge parallel to loading direction were fabricated. These discs

were then twin-jet electropolished using a Tenupol-5 polishing system with a solution of 15.9 g

lithium chloride, 33.5 g magnesium perchlorate, 1500 ml methanol and 300 ml 2-butoxy-ethanol

at -40 ◦C. Electron backscattered diffraction (EBSD) was carried out on TEM foils after ion mill

at liquid nitrogen temperature using a Tescan FERA scanning electron microscope equipped with

15



an EBSD detector from Oxford Instrument. Dislocations were imaged using the 2-beam bright-

field (BF) and weak beam dark-field (WBDF) techniques on an FEI Tecnai TEM operating at 200

keV. To reveal the dislocation characters, we performed careful tilting experiments in TEM and

used g · b = 0 invisibility criteria to separately illuminate < a > and < c > components. The

g-vectors we used to illuminate dislocations are g = [0002] (all c-component will be visible) and

g = [0110] (two-thirds of a-component will be visible). If a dislocation is visible under both

g = [0002] and g = [0110] conditions, it is of < c + a > type. We randomly selected 19 grains

for ND compression samples and 12 grains for 45◦ compression samples to study the dislocation

activities statistically, from which 5 and 6 representative grains were used to elucidate the general

observations separately.

2.3 Experimental Results

The mechanical properties of the hot-rolled AZ31 in this study are consistent with what has

been reported in the literature [44, 45]. As shown in Figure 2.1a, the ND compression stress-

strain curve does not show a sharp yielding transition. The yield strength, ultimate compressive

strength and strain to failure were measured to be 107± 4 MPa, 296± 18 MPa, and 9.9%± 0.8%,

respectively. The 45◦ compression sample curve shows a clear yield transition. The yield strength,

ultimate compressive strength, and strain to failure were measured to be 71± 1.4 MPa, 355± 2.5

MPa, and 16.5% ± 0.5%, respectively. The global EBSD inverse pole figure (IPF) of the as-hot-

rolled sample confirmed the strong c-axis texture along the ND (Figure 2.2a). The average grain

size measured is approximately 10 µm. For the ND samples, the c-axis texture did not change

significantly after compression (an example see Figure 2.2b). This was expected, as dislocation-

mediated plasticity is the predominant deformation mode. Very few {1012} twins were noted

but they are not a prominent microstructural feature. For 45◦ compression samples, high-density

{1012} extension twins (an example see Figure 2.2c) were observed.
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Figure 2.1: Stress-strain curves of polycrystal hot-rolled Mg AZ31 alloy (after heat treatment)
under compression along normal direction (ND compression, close to c-axis) and 45◦ off normal
direction (45◦ compression).

Figure 2.2: EBSD IPF maps (out-of-plane crystal orientation) of AZ31 (a) initial, (b) compression
along the normal direction (2.6% plastic strain) and (c) compression along 45◦ off normal direction
(2.6% plastic strain), along with the corresponding (0001) pole figure and their highest mud values.
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To uncover the detailed deformation mechanisms of individual grains in the samples, EBSD

and TEM were performed on the same set of grains to correlate the crystal orientation with the

dislocation activities. The off-angles between the c-axis of each grain and the loading direction

were firstly identified by EBSD, and the dislocation activities in the corresponding grains were

examined afterward Figure 2.3 shows the observation from the ND-compression sample. The

compression direction is marked by the black arrows above each IPF map. The dark feature in the

middle of each map is the perforated hole produced by electropolishing. Adjacent to the hole is

the electron transparent area for both EBSD mapping and TEM imaging. In the EBSD maps, the

grains of interest are in bright colors, with the rest partly greyed out. We note that although most

grains have their c-axis off the compression direction. There are a significant number of grains off

by larger angles (some even off by more than 20◦). The orientations of the inspected grains are

indicated by the crystal schematics in Figure 2.3a and 2.3b, which are listed in Table 2.1. Thus,

despite the overall strong texture, there exist many individual grains exhibiting non-negligible off-

angles.
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Figure 2.3: (a) and (b) IPF maps of two specially designed TEM foils near the electropolished
perforation region from the ND compression 2.6%-deformed AZ31 alloy. The schematic shows
the orientations of labeled grains. The black arrows above each figure indicate the compression
direction. (c)-(g) Examples of WBDF micrographs in 5 grains reveal their dislocation characters.
The grain labels correspond to their locations in the foil in (a) and (b). Red circles are the fiducial
markers to mark the identical sites. (h) BF and WBDF micrographs of Grain 13, showing the
absence of < c+ a > dislocations.
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ND compression 45° compression

Grain
c-axis off

angle
<c + a> grain

c-axis off

angle
<c + a>

1 2.16° yes 1 4.33° no

2 7.35° yes 2 6.88° no

3 9.03° yes 3 10.1° no

4 10.16° yes 4 19.16° no

5 11.25° yes 5 20.51° no

6 12.00° yes 6 21.65° no

7 13.83° yes 7 27.32° no

8 14.78° yes 8 30.86° no

9 15.77° yes 9 35.67° no

10 16.90° yes 10 40.99° no

11 18.37° yes 11 41.19° no

12 18.8° yes 12 54.34° no

13 19.04° no

14 19.17° yes

15 19.82° yes

16 22.49° yes

17 25.38° yes

18 25.71° yes

19 28.79° yes

Table 2.1: The c-axis off-angle and the corresponding existence of< c+a > dislocations based on
TEM observations in 19 and 12 randomly selected grains from ND and 45° compression samples,
respectively.
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For the ND compression sample, we observed that< c+a > dislocations exist in 18 grains out

of 19, regardless of the magnitude of off-angle. For example, profuse < c+ a > dislocations were

observed in Grain 1, where the off-angle is relatively small (2.16◦). This observation is consistent

with our expectation based on single-crystal studies [11] that < c + a > dislocations are required

to accommodate near-c-axis compression. However, as shown in Figure 2.3, numerous < c+ a >

dislocations were also observed in other grains with large off-angles. An example of Grain 19

whose off-angle is up to 28.79◦. The < c + a > dislocations in this grain appear at least as rich

as, if not more than, pure < a > dislocations. This is in stark contrast to the case in single crystal

studies, where no or limited < c+ a > dislocations should be observed when the off-angle is large

[40]. The only grain that is free of< c+a > dislocations in the 19 observed grains is Grain 13 with

off-angle 19.04◦ (Figure 2.3h). The absence of < c+ a > dislocation is likely a stochastic outlier.

We further compared the < c+ a > dislocations and noticed they share the same morphology and

slip behavior. For example, many < c + a > dislocations appear to be basal-bound when imaged

with g = [0002], regardless of the off-angles.

For the 45◦ compression sample, the same methodology was adopted to characterize the crys-

tallographic orientation and dislocation activities using both EBSD (Figure 2.4a) and TEM (Figure

2.4b). In contrast to the ND compression sample, none of those grains shows apparent < c + a >

dislocations (Table 2.1) and most dislocations observed only have< a > character. Schmid factors

of Pyramidal I, II < c+a >, basal < a >, and prismatic < a > dislocations for each grain are also

summarized in Appendix A Table IV-2. It is even true for the grains with small off-angles (c-axis

close to the loading direction), as shown in Figure 2.3b-c. Note, individual grains with similar

orientations in the ND samples contain numerous < c + a > dislocations, but only < a > dislo-

cations were observed in the 45◦ samples. We also noticed that the < a > dislocation morphology

differs according to the off-angle value. For those with small off-angles, both basal and non-basal

< a > dislocations are activated; for those with large off-angles (c-axis far away from the loading

direction), basal < a > prevails.
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Figure 2.4: (a) IPF maps of TEM foils near the electropolished perforation region from 45° com-
pression 2.6%-deformed AZ31 alloy. The schematic shows the orientations of labeled grains. The
black arrows above the figure indicate the compression direction. 12 grains are studied in total.
Six representative grains are shown. (b)-(g) Examples of BF and WBDF micrographs in 6 grains
reveal their dislocation activities. The grain labels correspond to their locations in the foil in (a).
Red circles are the fiducial markers to mark the identical sites.
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2.4 Discussion

The activation and suppression of < c+ a > dislocations, supported by the statistics from both

the ND and 45◦ samples, offer strong experimental evidence that texture plays a more dominant

role than the orientation of individual grains in Mg. Even for grains with the off-angles presumably

high or low enough to transit the governing dislocation mechanism, the global texture appears to

inhibit such transition. We suggest that three factors contribute to this texture-governed dislocation

activity.

First of all, unlike in single crystal, deformation in polycrystals requires five independent slip

systems to accommodate the global strain according to von Mises condition [18]. In Mg, basal

and prismatic only provide two each. Additional deformation mode, usually extension twinning or

< c+ a > pyramidal slip, has to come into play. In the case of ND compression, given the strong

texture, extension twinning is not geometrically favored for most grains. Therefore, < c + a >

pyramidal slip turns out to be the dominant fifth-independent slip system. In the case of 45◦

compression, part of extension twin variants become geometrically favored in many grains to act

as the fifth deformation mode [46]. This is also evidenced by a considerable amount of extension

twins in 45◦ compression sample (Figure 2.2c). As a result, < c+ a > pyramidal dislocations are

inactive, as they require higher stress to multiply and glide.

Secondly, microstructural features, such as grain boundaries, dislocations, and precipitates,

can reduce plastic anisotropy. In polycrystalline samples, a new term “effective CRSS” has been

introduced to describe the stress values to activate each deformation mode [47]: τ eff. = τ true + ∆,

where τ eff. and τ true are effective and true CRSS; ∆ is the internal stress arising from grain

boundaries, dislocations and particles. In the case of polycrystalline Mg, Hutchinson and Barnett

reported that the ratio of the τ eff.pris. and τ eff.basal reduces as the dislocation density increases from

deformation. We can apply their equation to pyramidal < c+ a > and basal < a > dislocations:

τ eff.py

τ eff.basal

=
τ truepy + αGbpyρ

1
2

τ truebasal + αGbbasalρ
1
2
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where τ eff.py and τ eff.basal are effective CRSS for < c + a > pyramidal slip and basal slip in

polycrystals, respectively; τ truepy and τ truebasal are the true CRSS values in single crystal, respectively;

α is a numerical constant; G is shear modulus; bpy and bbasal are Burgers vectors for < c+a > and

basal dislocations, respectively; ρ is dislocation density. Since bpy is larger than bbasal. The additive

dislocation forest hardening term is greater for < c + a > dislocation, reducing the anisotropy

effectively. The implication is that the pre-existing or early-emerging dislocations would make

< c + a > pyramidal slip relatively easier in polycrystals. Applying this to the case of ND

compression, grains with high c-axis off-angles may have basal dislocations at the very early stage,

but those basal dislocations soon facilitate the ensuing < c + a > slip in the grain. This in part

explains the profuse< c+a > dislocation activity in most grains of the ND samples, even in grains

with large off-angle. For 45◦ compression sample, why < c+a > dislocations were not observed?

Such discrepancy could be explained by the profuse {1012} deformation twinning, which requires

lower stress than < c+ a > slip at this strain level.

Thirdly, unlike single crystals, the grain boundary restriction in polycrystals plays an impor-

tant role during deformation. Under ND and 45◦ compressions, compatibility stresses will be

induced from the grain boundaries to accommodate the uniform deformation of differently orien-

tated grains. Under such condition, the actual stress status for the individual grains can not be

simply represented by the global one. For example, in the ND compression experiment, the global

stress is uniaxial compression along ND. However, due to the orientation spread and presence of

grain boundaries, the exact stress status of individual grains are different and more complex. Thus,

the individual grains experience traxial stress and the calculated Schmid factors in this study rather

represent a means to help quantify the effect of orientation spread in the polycrystalline sample.

Further detailed analysis from crystal plasticity modeling can be performed to calculate the actual

complex stresses for individual grains.

Lastly, the strain localization could be induced by {1012} deformation twins, which leads

to the suppression of < c + a > dislocations in the grains exhibiting small off-angles in the 45◦-

compression sample. Hazili et al. reported that the plastic deformation in polycrystalline Mg could
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be largely non-uniform when {1012} extension twins are activated. Most plastic strain is mediated

by twinning [48]. In our 45◦-compression sample, the grains with large off-angles deform by

dislocations along twinning and are “soft” grains; the grains with small off-angles deform by only

dislocations and are “hard” grains. Up to the global 2.6%, the “hard” grains experience much less

strain than the “soft” grains. Thus, the local flow stress is not high enough to activate < c + a >

slip in the “hard” grains.

2.5 Conclusions

In conclusion, < c + a > slip activities in grains of a highly textured polycrystalline AZ31

were statistically investigated using correlative microscopy. During ND compression up to 2.6%

strain, < c+ a > dislocations are active in most grains even for those with c-axis up to 30◦ off the

compression axis. In contrast, in 45◦ compression, none of the examined grains have < c + a >

slip activities even for those with c-axis merely 4◦ off the compression axis. The effect from the

overall texture prevails over the orientation of individual grains in the deformation mode. It is a

comprehensive result from the requirement of five independent slip systems and the reduction of

anisotropy in polycrystalline Mg alloys. The former contributes to the activation and suppression of

< c+a > dislocations in both ND and 45◦ compression samples. The latter explains the promoted

activities of < c + a > slip in the ND sample. Taken together, The Schmid factor calculated

for individual grains as single crystals using the global stress status can not represent the real

Schmid factor with grain boundary compatibility stresses considering. This direct observations and

statistics of < c + a > dislocation activities in polycrystals here could also serve as a benchmark

for crystal plasticity modeling.
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3. EFFECT OF TWIN SCHMID FACTOR ON THE TENSION TWINNING ACTIVITIES IN

A HIGHLY TEXTURED MG-3AL-1ZN ALLOY UNDER DIFFERENT LOADING

CONDITIONS

3.1 Introduction

The {1012} < 1011 > tension twinning (also called extension twinning) is an important defor-

mation mode in Mg and its alloys to accommodate plastic strain [12, 49]. For Mg single crystals,

the tension twins are activated when the samples are pulled parallel to the c-axis or compressed

perpendicular to the c-axis [48, 50]. The tension twin boundaries are highly mobile. As plastic de-

formation proceeds, the tension twin boundaries could easily advance in the matrix, and eventually,

the twins could consume most of the matrix. Similar observations have been made in highly tex-

tured polycrystalline Mg samples. For example, profuse tension twinning could be achieved by the

rolling-direction (RD) compression and normal-direction (ND) tension in hot-rolled Mg samples,

as well as the extrusion-direction compression in hot-extruded Mg samples [51, 13, 52, 53, 54, 55].

It is worth noting that although the hot-rolled and hot-extruded Mg exhibit strong textures,

the exact orientation of each grain differs more or less from the global texture. Thus, the twin

Schmid factors for tension twinning of individual grains are different even in a highly textured

polycrystalline Mg sample. Beyerlein et al. [14], Barnett et al. [56], and Hong et al. [13] pioneered

the work on investigating the effect of the twin Schmid factor on the 1012 twinning activities in

textured polycrystalline Mg. The general consensus is that the Schmid factor of individual grain

greatly influences the propensity for twinning inside the grain, where a higher value of the Schmid

factor leads to a larger area fraction, a larger number, and thicker twins [13, 14, 56]. It is worth

noting that the twin Schmid factor is not the only feature that governs twinning. Grain size and

grain boundary misorientation could also influence twin nucleation and growth. For example,

smaller grains have less propensity to twin [14, 57]. “Twin transmission”, where two twins are

connected by a grain boundary, is more likely to happen across low angle grain boundaries than
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the high angle ones [52, 14, 58].

To our knowledge, most EBSD investigations that correlate the twin Schmid factor and twin-

ning behavior focus on highly textured polycrystalline Mg samples in the loading conditions where

twinning is favored [13, 14, 56, 59, 60, 61]. It is important to point out that even when the loading

condition does not generally favor twin formation (such as rolling direction tension), some twins

could be observed locally [62, 63]. Thus, an interesting scientific question to ask is what is the

effect of the twin Schmid factor of individual grains on their twinning behavior when the loading

condition does not apparently favor twinning? In this work, we carried out systematic statistical

analyses on the twinning activities in highly textured Mg-3Al-1Zn (AZ31, as the model system)

under various loading conditions. The rolling direction (RD) compression and normal direction

(ND) tension samples, in which tension twins are profuse, will be used as baselines. We further

investigate the twinning behavior in the RD tension, ND compression, and 45◦ off-normal direc-

tion (refer to 45◦ off-ND) compression samples, in which twinning is discouraged in the similarly

oriented single-crystal cases.

3.2 Materials and Methods

A hot-rolled AZ31 sheet was purchased from MetalMart International Inc. The bulk sample

was annealed at 350 ◦C for 12h with Ar flow to remove the stored dislocations. Rectangular

compression specimens (4 mm × 4 mm × 8mm) were electrical discharge machined (EDM) from

the center of the hot-rolled plate along the ND, 45◦ off-ND, and RD. Dog-bone-shaped tension

specimens with the gauge length of 8 mm and the cross section of 3 × 1.5 mm2 were cut along the

ND and RD. Uniaxial compression and tension tests were then conducted on all the specimens at

a strain rate of 5 × 10−4 s−1. The representative stress-strain curves were obtained from the above

specimens strained to failure. All presented microscopy studies were performed on the specimens

strained to 3%.

Electron backscatter diffraction (EBSD) was carried out on the AZ31 alloy at the initial and

3% strained stages. All microscopy samples were cut from the center region of the specimens.

These samples were mechanically polished down to 1200 grit SiC paper and chemically polished
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in a 5% nitric acid in methanol, then ion milled at liquid nitrogen temperature (Fischione) to pro-

duce mirror-like surfaces. EBSD mapping was performed using a Tescan FERA scanning electron

microscope (SEM) equipped with an EBSD detector (Oxford Instrument) using a 20 kV electron

beam and a 500 nm step size. Further statistical analyses on EBSD results were carried out using

MTEX code [64] and Matlab.

3.3 Results and Discussion

The global EBSD inverse pole figure (IPF), (0001) pole figure (PF) of the as-hot-rolled sample

confirmed the strong c-axis texture along the ND (Figure 3.1a). The average grain size measured

is approximately 10 µm. The mechanical properties of the hot-rolled AZ31 in this study are

consistent with what has been reported in the literature [44, 45, 13]. As shown in Figure 3.1b,

the ND compression (ND-C, light blue) and RD tension (RD-T, dark blue) stress-strain curves do

not show a sharp yielding transition. The yield strength, ultimate strength, and strain to failure for

ND-C were measured to be 107 ± 4 MPa, 296 ± 18 MPa, 9.9% ± 0.8% and for RD-T 173 ± 7 MPa,

277 ± 13 MPa, 12.7% ± 1.2%, respectively. The shape of the curves was expected, as dislocation-

mediated plasticity is the predominant deformation mode, which has also been confirmed by our

previous studies [65, 62]. In contrast, the RD compression (RD-C, orange) and ND tension (ND-T,

red) stress-strain curves both exhibit a clear yield transition followed by a low strain hardening.

The yield strength, ultimate strength, and strain to failure for RD-C were measured to be 74 ± 1

MPa, 410 ± 8 MPa, 13.9% ± 0.7%, and for ND-T 63 ± 2 MPa, 295 ± 15 MPa, 14.2% ± 1.3%.

The sigmoid shape of the curves indicates twinning as the dominant deformation mode in the

early stage of the deformation. This observation is also expected since the RD-C and ND-T are

typical twinning-favored loading conditions for highly textured Mg alloy [13]. For the 45◦ off-ND

compression (45◦-C, green), the curve shape is similar to the ND-T condition, which also implies

twinning plays an important role during the deformation. The yield strength, ultimate compressive

strength, and strain to failure were measured to be 71 ± 1 MPa, 355 ± 3 MPa, and 16.5% ± 0.5%,

respectively.
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Figure 3.1: (a) EBSD out-of-plane IPF maps with the corresponding (0001) pole figure of the
highly textured AZ31 alloy; (b) True stress-strain curves of AZ31 under compression along rolling
direction (RD-C, orange), normal direction (ND-C, light blue), 45◦ off normal direction (45◦-C,
green) and tension along rolling direction (RD-T, dark blue), normal direction (ND-T, red).

To uncover the effect of twin Schmid factor (SF) on the tension twinning of individual grains,

EBSD was carried out on the 3% strained samples deformed at various conditions (twinning-

favored and unfavored conditions). For the twinning-favored conditions (RD-C and ND-T), as

shown in the IPF maps (Figure 3.2a and 3.2e), numerous twins were activated and confirmed as

tension twin (TT) in both cases (Figure A.1). However, one major difference is that multiply

parallel twins were activated within individual grains in the RD-C sample, but intersected twins

are profuse in the ND-T sample. To explain the difference, one may consider the single-crystal

scenarios. For compression perpendicular to the c-axis, mostly one twin variant with the highest

SF is activated, leading to a parallel twin structure [52]. In contrast, for tension parallel to the

c-axis, all six twin variants could be activated, leading to the intersecting twin structure [13].
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Figure 3.2: (a) (e) EBSD IPF maps (out-of-plane crystal orientation) of the highly textured AZ31
alloy deformed under twinning-favored conditions (rolling direction (RD) compression and normal
direction (ND) tension); (b) (f) Tension twin (TT) Schmid factor (SF) maps created based on the
IPF maps and loading directions; (c) (g) Grain SF distribution, where the twins were considered to
be a part of the parent grains; (d) (h) TT area fraction distribution (only in the grains with twins).

To systemically study the role of SF on TT activities, SF maps (Figure 3.2b and 3.2f) were

created based on the IPF maps and loading directions. Note the SF maps used the highest TT

variant SF for each grain. The grains with negative SF were colored with a single dark blue color.

Most negative and zero SF regions in the SF maps come from the twins, as shown in Figure 3.2b

and 3.2f. Histograms depicting the grain SF distribution are shown in Figure 3.2c and 3.2g. In

these histograms, the twins were treated to be part of the parent grain. The SF of the parent grain

was assigned to the twins when doing the statistics. In both the RD-C and ND-T samples, most

grains have high TT SF. For example, RD-C contains ∼80% and ND-T contains ∼97% grains by

area exhibiting TT SF greater than 0.3. No grain with negative TT SF was observed.

Figures 3.2d and 3.2h demonstrate the further statistical analyses on the TT area fraction only

in the grains contain twins. Here, we briefly explain how to interpret the results. For example, in
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the RD-C sample, ∼80% of grains have SF > 0.3 (Figure 3.2c). Among these grains, ∼48% of

areas are twinned (Figure 3.2d). The total twinned area fraction in the entire map is ∼38% (80%

× 48%) for grains with SF > 0.3. There is a clear trend that higher TT SF leads to a larger area

fraction of twins in both cases (Figure 3.2d and 3.2h), indicating TTs are more likely to be activated

in higher SF grains. Moreover, for the grains with SF > 0.3, the twin area fraction is greater in the

ND-T sample (∼48%) than the RD-C sample (∼28%). The lower fraction under the ND-T loading

condition could be attributed to the twin-twin interactions, retarding the growth of existing twins,

even in the grains exhibiting high TT SF. However, under the RD-C loading condition, only one

twin variant was primarily active, resulting in more parallel twins. Thus, the parallel-twin structure

allows for more twin growth.

For the twinning-unfavored conditions (ND-C and RD-T samples), the same methodology was

adopted to study the SF effect on TT activities. In these conditions, dislocations are expected to be

the major plastic carrier. As shown in the IPF maps (Figure 3.3a and 3.3e), only a few twins were

observed and confirmed as TTs (Figure A.2) [62, 65]. The lack of TT can be explained by the SF

maps (Figure 3.3b and 3.3f) and grain area fraction histograms plotted as a function of TT SF, in

which most grains (∼98% by area) have TT SF < 0.15 in both samples. Similar to the twin-favored

conditions (RD-C and ND-T), the propensity of twinning in the twin-unfavored conditions (ND-C

and RD-T) is also positively correlated with TT SF, as shown in Figure 3.3d and 3.3h. Higher TT

SF tends to result in a higher area fraction of twins. Thus, the activation of TT generally obeys the

SF law, regardless of whether the global loading conditions promote or inhibit TT. However, it is

interesting to point out twins were observed in some grains with very small and even negative TT

SF. This could arise from local stress concentrations near the grain boundaries and the stochastic

nature of the nucleation events to satisfy strain compatibility [66, 67]. In the twin-favored loading

conditions, no twins were observed in grains with negative TT SF. This is due to the fact that no

grains exhibit negative TT SF in such loading conditions (Figure 3.2c and 3.2g). We speculate if

grains with negative TT SF were present, some TTs might be activated, but the area fraction would

be very small, and the positive correlation of twin area fraction and TT SF is not altered.
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Figure 3.3: (a) (e) EBSD IPF maps (out-of-plane crystal orientation) of the highly textured AZ31
alloy deformed under twinning-unfavored conditions (normal direction (ND) compression and
rolling direction (RD) tension); (b) (f) Tension twin (TT) Schmid factor (SF) maps created based on
the IPF maps and loading directions; (c) (g) Grain SF distribution (SF of the parent grain assigned
to the twins); (d) (h) TT area fraction distribution (only in the grains with twins).

To further verify the SF effect on TT, EBSD was also carried out on the sample under 45◦

off-ND with most of the grains’ c-axis 45◦ off the loading direction. In a single crystal sample,

such loading condition would only activate basal slip without any TTs. Since the material we use

is a polycrystalline sample, the presence of grain boundary and the variation of the exact crystal

orientation also triggered twin nucleation and growth, as shown in Figure 3.4a. Approximately

half of the grains were found to contain parallel TTs (Figure 3.4a and A.3). The SF maps show a

wide range of possible TT SF compared with all previous cases, as evidenced by the coexistence

of red (high TT SF) and dark blue (negative TT SF) grains in the same map (Figure 3.4b). The

wide range of SF distribution offers an excellent opportunity to validate the relationship of twin

area fraction and TT SF of individual grains obtained from the above loading conditions. The

grain area distribution vs. TT SF is comparatively more uniform, with TT SF of ∼40% grains
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by area being negative, of ∼20% being positive but < 0.15, and of ∼40% being > 0.15. In this

sample, the twinned area fraction distribution also displays a strong positive correlation with the

TT SF, confirming previous observations. Moreover, there are two interesting observations. First,

many twins were observed to be parallel in the same grains, which is similar to the RD-C TT

morphology. The similarity could be explained by the compressive loading in both cases, where

one twin variant with the highest SF is prone to operate to accommodate plasticity. Second, the

twin area fraction for each TT SF range (Figure 3.4d) is comparable to those observed in the RD-C

and ND-C conditions (Figure 3.2d and 3.3d). The similarity is especially apparent in the grains

with large TT SF (e.g., > 0.3). For example, the twinned area fractions among the grains with

SF > 0.3 are ∼45% for both 45◦-C and the RD-C, suggesting the TT SF is one dominant factor

that determines the TT area fraction. The exact loading condition plays a minor role. However,

we also noted that the twin area fraction in the low TT SF grains from the 45◦-C sample appears

to be higher than those measured from the RD-C and ND-C samples. For example, the twin area

fraction of the grains with 0 < SF < 0.15 from the 45◦-C, RD-C, and ND-C are ∼17%, ∼5%, and

4%, respectively. The discrepancy may be explained by the poor statistics due to a lack of grains

with such TT SF in the RD-C sample and too few twins, thus limited “twin transmission” in the

ND-C sample. Nonetheless, such a small disparity does not change the core observation from this

study that the twin area fractions of individual grains are strongly correlated with their own TT

SFs.

33



Figure 3.4: (a) EBSD IPF maps (out-of-plane crystal orientation) of the highly textured AZ31
alloy deformed under 45◦ off normal direction compression (45◦ Compression); (b) Tension twin
(TT) Schmid factor (SF) maps created based on the IPF maps and loading directions; (c) Grain SF
distribution (SF of the parent grain assigned to the twins); (d) TT area fraction distribution (only
in the grains with twins).

It is worth noting that the strong twin-SF relationship does not hold true for the dislocation-

SF relationship (< c + a > dislocations in particular). Our previous study on the < c + a >

dislocation activation in the same model material (AZ31) [65] demonstrated a weak correlation

with SF. In the ND-C samples, < c + a > dislocations were observed even in grains with large

off-c-axis angles. The operation of < c + a > is due to the presence of existing basal < a >

dislocations that reduces the effective critical resolved shear stress of < c + a > dislocations

[65]. In the 45◦-C samples, no < c + a > dislocation was observed even in the grains with high

< c+ a > slip SF. The absence of < c+ a > dislocations is attribute to the “hard” grain vs. “soft”

grain deformation sequence, where the deformation localized in the “soft” grains, rendering no

< c + a > dislocations in the “hard” high < c + a > SF grains. In contrast, TTs are less affected

by the above microstructural features and deformation heterogeneity. For example, pre-existing

dislocations were reported to slightly delay twin nucleation but have no apparent effect on twin

growth [68], which does significantly modify the resolved shear stress for twining nucleation and

growth. Moreover, compared to < c + a > slip, TT is a much easier deformation mode [17]. The

high TT SF grains are thus “soft” grains, from which twins are easily observable even in very early

stages of plastic deformation. Therefore, the < c+ a > dislocation operation is more governed by
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the global texture, whereas the twin activation is more determined by the TT SF of each grain.

3.4 Conclusions

In summary, tensile twinning generally obeys the Schmid criterion that the tensile twins are

more likely to be activated in the grains with larger Schmid factors. The tension twin area fraction

is positively correlated with the grains’ Schmid factors. The Schmid law holds true for tension

twinning regardless of whether the global stress state favors tension twinning or not. This is in

contrast to the reported weak correlation of < c+ a > dislocations and Schmid factor [65].
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4. SIGNIFICANT DISPARITY OF NON-BASAL DISLOCATION ACTIVITIES IN

HOT-ROLLED HIGHLY-TEXTURED MG AND MG-3AL-1ZN ALLOY UNDER

TENSION1

4.1 Introduction

Magnesium (Mg) and its alloys are promising lightweight (1.7 g/cm3 density) and high spe-

cific strength structural materials, especially in transportation and aerospace industries where high

energy consumption is a concern. However, pure Mg and many Mg alloys exhibit low room-

temperature ductility and formability, which constrain their wider applications. The poor duc-

tility and formability are due to the low-symmetry hexagonal close-packed (HCP) crystal struc-

ture and its high plastic anisotropy [8]. The easiest slip system in Mg is the < a > dislocation

(b = 1
3
< 1120 >) on the (0001) basal plane. The critical resolved shear stress of basal < a >

dislocations could be as low as 0.5 MPa [19, 21, 69, 17]. Non-basal slip systems are much more

difficult to activate. For example, the CRSS values of prismatic < a > on the {1010} planes have

been reported in the range of 30-50 MPa [19, 20, 70, 71]. The pyramidal < c + a > disloca-

tions (with b = 1
3
< 1123 > on {1011} or {1122}) [69] have even higher CRSS of 30-80 MPa

[19, 69, 70, 71]. Since the plasticity of polycrystalline metals requires five independent slip sys-

tems [18], where basal < a > could only provide two, non-basal slips (sometimes twins) have to

operate. Recently, substantial effort has been devoted to understanding the behavior of < c + a >

dislocations [26, 43, 10, 27, 72, 42, 11, 65]. Many believe improved< c+a > dislocation activities

could lead to an improved ductility in Mg alloy design.

The activation of < c + a > dislocations is the dominant plastic deformation mechanism for

c-axis compression in both single crystals and highly textured polycrystal Mg samples [7, 29]. The

mobility of < c + a > dislocations and their ability to cross slip have been associated with the

ductility of Mg and Mg alloys. The < c + a > dislocation Burgers vector (b = 1
3
< 1123 >)

1Reprinted with permission from “Significant disparity of non-basal dislocation activities in hot-rolled highly-
textured Mg and Mg-3Al-1Zn alloy under tension” by Dexin Zhao, Xiaolong Ma, Abhinav Srivastava, Griffin Turner,
Ibrahim Karaman, Kelvin Y Xie. Acta Materialia, vol. 207, p.116691. Copyright (2021).
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and slip planes (pyramidal II {1122}) were first experimentally identified by Obara et al. [7]

using transmission electron microscopy (TEM) and the slip trace analysis on c-axis compressed

Mg single crystals. The authors also noted that < c+ a > dislocation lines lie on the basal planes.

More recent slip trace analysis demonstrated < c+ a > dislocations are also active on the {1011}

pyramidal I plane [22]. The observation that < c + a > dislocations are “long and straight” and

“basal-bound” have been reported in many following studies, not only in pure Mg but also in many

Mg alloys (such as Mg-Al, Mg-Al-Zn, Mg-Y, Mg-Li, etc.) [25, 26, 27, 11, 65, 28, 9, 36]. However,

by doing careful tilting experiments in TEM, Geng et al. [25, 9], Xie et al. [11], and Ma et al.

[3] have revealed the < c + a > dislocations are actually curved and bowing on the basal plane.

The “long and straight” misconception is caused by projection when the basal plane was aligned

parallel to the incident electron beam direction. Moreover, the < c+ a > dislocations could easily

dissociate into partials and stacking faults in pure Mg [9, 11], but they have a more compact core

in the Mg-3Al-1Zn alloy (AZ31) [3].

The experimental effort to understand the characteristics of< c+a > dislocations is paralleled

by a number of computational works [43, 10, 27, 72, 73, 74, 75, 76, 77, 78]. Wu and Curtain [10]

used molecular dynamics (MD) simulations and predicted the < c + a > dislocation core in pure

Mg is metastable and undergoes a thermal-assisted core transition from pyramidal to the basal

plane. The dislocation could either dissociate into sessile partials with a stacking fault in between

[10, 79] or decompose into < a > and < c > dislocations. For glissile < c + a > dislocations

on the pyramidal planes before the locking, Srivastava and El-Awady [72] pointed out that their

motions involve atomic shuffling and kink pair formation of the trailing partial. Wu and Curtin

[27] further suggested solid solution elements (such as Ca, Mn and Y) could promote the cross

slip and multiplication of < c + a > dislocations, thus leading to the improved ductility of Mg.

Among the alloying elements, the authors predicted rare earth (Ce, Gd, and Y) could dramatically

enhance the cross slip of < c + a > dislocations, while Al and Zn only moderately improve it. In

contrast, many experimental works indicated Mg alloys containing Al and Zn have the significantly

improved ductility [8, 29, 3, 76, 30, 80, 81]. The disparity between the theoretical prediction and
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the experimental observation implies there are key mechanisms that accounts for the increased

ductility but not yet revealed.

In our literature survey, we note that < c + a > dislocations are ubiquitous in compression

samples, where the loading direction is parallel to the c-axis of most grains [65]. However, to obtain

tensile ductility information, tensile tests (with the loading direction perpendicular to the c-axis of

most grains) should be performed. Very recently, a few groups performed tensile experiments

on AZ31, Mg-Y, Mg-Gd, Mg-Ca, followed by TEM observations [8, 27, 32, 82, 83, 35, 33, 34].

Surprisingly, no significant roles of < c + a > dislocations were reported in most of them, except

for AZ31 near-twin and grain boundary regions [8], one fine-grained (∼3 µm) Mg-Gd sample

[34] and Mg-Y samples [27]. Instead, non-basal < a > dislocations are profuse in the deformed

samples. The lack of < c+ a > dislocations may be attributed to three reasons. First, Mg-RE and

Mg-Ca exhibit weaker texture than pure Mg and AZ Mg alloys. The activation and suppression of

< c+a > dislocations are dictated by the global texture of the sample rather than the orientation of

individual grains [65, 29]. The weakened texture may lead to a lack of< c+a > dislocations in the

deformed samples. Second, < c+ a > dislocations may not be required at all to accommodate the

plastic flow when the tensile loading direction is mostly perpendicular to the c-axis of the grains

in Mg and Mg alloy samples. Third, the addition of solute elements could modify the CRSS of

< c+a > dislocations, which consequently changes the CRSS differences of the < c+a > slip to

the other slip systems (e.g. basal < a > and non-basal < a >). A larger CRSS gap may preclude

< c+ a > dislocations to be activated.

We also note some authors correlated tensile sample failure with shear banding in Mg alloys.

Kang et al. [84] used digital image correlation (DIC) and showed the inhomogeneous deformation

of AZ31 under tension. Numerous contraction twins were observed within the shear bands at a

strain level of∼10%, which could lead to failure. Scott et al. [85, 86] characterized the shear band

microstructure at different strain levels. The shear bands in the 7% strained AZ31 sample contains

tension twins, while the ones in the 14% strained samples comprise contraction twins. In both

cases, the authors pointed out the prevalent roles of twinning on shear banding, but did not address
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how dislocation activities (e.g., < c+ a > v.s. non-basal < a >) would affect shear banding.

To answer these questions, we performed tensile tests along the rolling directions of a hot-

rolled pure Mg and an AZ31 Mg alloy with strong basal textures. In this condition, the loading

direction is perpendicular to the c-axis (also parallel to the basal planes) of most grains in both

samples. Optical microscopy and electron backscatter diffraction (EBSD) were firstly preformed

to understand the failure mechanisms. We noticed profuse shear bands presented in pure Mg

during deformation but not in the AZ31. Then the TEM observations were carried out to identify

the dislocation characteristics at various strain levels. We observed high density of < c + a >

dislocations in pure Mg. In contrast, < c+a > dislocations were only observed in very few grains

in the AZ31 alloy. These observations highlight the effect of alloying elements on the deformation

mechanisms of Mg when the samples are stretched away from the c-axis. A correlation among

dislocation activities, shear banding, and ductility could be established. We suggest the disparity

of dislocation activities leads to the different propensity of shear banding, and consequently the

different ductility observed in pure Mg and AZ31. The insight gained from this work also sheds

light on the ductility engineering of Mg by manipulating the activation and suppression of certain

types of dislocations via suppressing shear banding.

4.2 Materials and Methods

Hot-rolled pure Mg and AZ31 sheets purchased from MetalMart International Inc. were se-

lected for this study. The bulk samples were annealed at 350 ◦C for 12 hours under Argon flow

atmosphere to homogenize the microstructure. The microstructures of the pure Mg and AZ31 af-

ter homogenization are similar, as evidenced by the global inverse pole figure (IPF) maps, (0001)

pole figures (PFs), grain size distribution plot, and the misorientation angle distribution histograms

shown in Figure 4.1. The undeformed pure Mg demonstrates a strong c-axis texture along the nor-

mal direction (ND), with a minor amount of remnant extension twins (∼1%). The average grain

size was measured to be approximately 25 µm from the grain size distribution plot. For the unde-

formed AZ31, basal texture along ND was also confirmed from the IPF map and PF (Figure 4.1b).

The average grain size is ∼14 µm. Note the grain size in both pure Mg and AZ31 are greater
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than 10 µm (with the coarse grain microstructure). In this scale, the deformation mechanisms are

less sensitive to size effect. Thus the alloying effect on deformation mechanisms could be directly

studied. After confirming initial microstructure, dog-bone-shaped specimens from both pure Mg

and AZ31 were cut using an electrical discharge machine (EDM) into the gauge length of 8 mm

and the cross section of 3 × 1.5 mm2 from the plate center regions along the rolling direction (RD)

(schematic is shown in the inset of Figure 4.2). Uniaxial tensile tests were conducted on an MTS

machine at a strain rate of 5 × 10−4 s−1. The tensile tests were purposely stopped at various strain

levels for microscopy analysis. For each strain level, at least two specimens were tested.

Figure 4.1: Out-of-plane IPF maps, grain size distribution plots, misorientation angle distribution
histograms, and (0001) pole figures of the hot-rolled pure Mg and AZ31 after homogenization,
revealing similar microstructure.
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Figure 4.2: (a) True stress-strain curves of the hot-rolled pure Mg and AZ31 under RD tension,
and (b) corresponding strain hardening curves. Dog-bone-shaped tensile specimen dimensions are
shown in the inset. Squares and triangles indicate the selected strain levels for microscopic studies.

To reveal the microstructure, optical microscopy, EBSD and TEM were performed on the pure

Mg and AZ31 strained at different levels (including the initial specimens, as labeled in Figure

4.2a and b). Optical microscopy, EBSD, and TEM were selected to reveal the overall, granular,

and dislocation information, respectively. Pure Mg and AZ31 tensile bars were polished down to

1200 grit SiC paper then strained after load drop before fracture for optical microscopy. For EBSD

analysis, all specimens were mechanically polished to 1200 grit SiC abrasive paper, and chemically

polished in a 5% nitric acid in methanol, then ion milled at liquid nitrogen temperature (Fischione)

to produce mirror-like surfaces. EBSD mapping was carried out using a Tescan FERA scanning

electron microscope (SEM) equipped with an EBSD detector from the Oxford Instrument with a

20 kV acceleration voltage and a 500 nm step size. To obtain TEM specimens, samples were first

mechanically polished to∼100 µm (down to 1200 grit abrasive paper on both sides), then punched

into 3 mm discs. When doing the TEM on the fractured samples, we selected the part with uniform

deformation and being away from the necked regions. These discs were twin-jet electropolished

using a Tenupol-5 polishing system with a solution of 15.9 g lithium chloride, 33.5 g magnesium

perchlorate, 1500 ml methanol, and 300 ml 2-butoxy-ethanol at -40 ◦C.

Dislocations were imaged using the 2-beam bright-field (BF) and weak beam dark-field (WBDF)

techniques on an FEI Tecnai TEM operating at 200 kV. To reveal the dislocation characters, we
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performed careful tilting experiments near the [2110] (or [0110]]) zone of the examined grains and

used g · b = 0 invisibility criterion to illuminate < a > and < c > components separately. The

g-vectors we used to illuminate dislocations are g = [0002] (all c-component) and g = [0110]

(two-thirds of a-component). If a dislocation is visible under both g = [0002] and g = [0110]

conditions, it is of the < c + a > type. For each strain level, roughly 10 grains were selected

to statistically study the dislocation activities. We also imaged dislocations at the [0001] zone of

some crystals using precession electron diffraction (PED) with a 0.3◦ precession angle and a 3 nm

step size [87, 88, 89]. The advantage of PED over conventional dislocation imaging is the elimina-

tion of most dynamical effects, leading to a crisper dislocation contrast. Moreover, we performed

correlative microscopy [65], where EBSD was carried out on the foils along with their TEM ob-

servations to correlate the dislocation activities of individual grains to their own Schmid factors so

that the deformation mechanisms could be clearly elucidated.

4.3 Experimental Results

4.3.1 Mechanical properties of pure Mg and AZ31

Two representative true stress-strain curves from the pure Mg (red) and AZ31 (blue) are shown

in Figure 4.2a. The mechanical properties of the hot-rolled pure Mg and AZ31 in this study are

consistent with what has been reported in the literature [8, 29, 38, 90, 91]. The pure Mg samples

exhibit 144 ± 4 MPa yield strength, 199 ± 8 MPa ultimate tensile strength and 5% ± 0.8% strain

to failure. The AZ31 sample show much higher strength and better ductility, with 173± 7 MPa

yield strength, 277 ± 13 MPa ultimate tensile strength and 12.7% ± 1.2% strain to failure. Three

different strain levels (2%, 4%, and fracture) for pure Mg and four strain levels (3%, 8%, 12%, and

fracture) for AZ31 were chosen for microstructure characterization. The strain hardening rates of

pure Mg and AZ31 are comparable in the first 2% of deformation. Beyond 2% strain, the strain

hardening rate of AZ31 decreases much slower than that of the pure Mg, which is necessary for a

decent ductility by delaying instability and necking (Figure 4.2b).

42



4.3.2 Fracture characteristic of pure Mg and AZ31

Optical micrographs (OMs) of deformed pure Mg and AZ31 tensile bars strained to load drop

before fracture were shown in Figure 4.3a and b, where AZ31 exhibits much larger elongation.

At the microstructure level, one striking difference is that apparent band-like structures are only

present in the deformed pure Mg (highlighted by the blue dashed lines in Figure 4.3a). These

bands appear 30◦-40◦ inclined from the loading direction. It is also interesting that a crack appears

to travel along one of the band-like structures (indicated by the red dashed line), which may further

propagate and lead to fracture. In contrast, no such band-like structures were noted in the deformed

AZ31 tensile bars (Figure 4.3b), although multiple cracks have started to form (see red dashed

lines) during load drop. To have a closer inspection of the band-like structure in pure Mg, we

also performed EBSD. The IPF map shows good indexing of the grains outside the band but poor

indexing within the band. Poor indexing in EBSD is usually caused by large strain stored in the

region. Combining the optical and EBSD observations, we could conclude the band-like features

are shear bands [89].

Figure 4.3: Optical micrographs of (a) pure Mg and (b) AZ31 tensile bars strained after load drop
before fracture. Shear bands can be seen in pure Mg from both (a) the optical micrograph (blue
dashed lines) and (c) the IPF map (white dashed lines). Red dashed lines refer the early stage
cracks.
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The photographs of the fracture pure Mg and AZ31 tensile samples are shown in Figure 4.4a

and d, respectively. Note apparent shear bands are visible in the photograph of the fractured pure

Mg samples (indicated by the blue arrows in Figure 4.4a). The fracture surfaces of pure Mg exhibit

30◦ -40◦ to the loading direction, while the fracture surfaces in AZ31 samples appear much flatter.

The corresponding SEM micrographs of the fracture surfaces of Mg (Figure 4.4b-c) and AZ31

(Figure 4.4e-f) also showed they fractured via different mechanisms. For pure Mg, relatively flat

facets (Figure 4.4b red dashed circle, corresponding to cleavage-like fracture) with fewer dimples

(Figure 4.4c green circle) were observed, indicating a mixture of brittle and ductile failure. In

contrast, profuse dimples and no apparent evidence of cleavage-like fracture were noted from the

fracture surface SEM micrographs of the AZ31 samples (Figure 4.4e-f), indicating dominantly

ductile failure. The differences in the fracture mechanisms corroborate the much better ductility

observed in AZ31 compared to pure Mg.

Figure 4.4: The photographs of the fractured pure Mg and AZ31 tensile samples and the corre-
sponding fracture surface SEM images. Red and green dashed circles refer to the cleavage-like
fracture and dimple regions, respectively, on the pure Mg fracture surface. Bule arrows indicate
shear bands.

44



4.3.3 Granular-level microstructural evolution of pure Mg and AZ31

As described previously, the initial microstructure for both pure Mg and AZ31 is largely twin-

free. For pure Mg, with increasing strain levels from 2% to fracture (Figure 4.5b-d), the dominant

texture remained. However, some tension twins (TTs) were activated. These TTs are nucleated

at the local stress concentration regions and operated to accommodate strain incompatibility. For

AZ31, with an increasing strain from 3% to fracture (Figure 4.6b-e), the resultant microstructural

evolution is similar to that in pure Mg, where the strong basal texture persisted and TTs presented.

It is worth noting that the TTs are more prominent in pure Mg than AZ31. For example, 6% (area

fraction) TTs were observed in the fractured (∼5% strain) pure Mg samples, while only 2% TTs

in AZ31 even at a much larger strain of ∼8%. The role of TTs on ductility and fracture behavior

will be discussed later. We also noticed a very small amount of compression twins (CTs) in the

deformed AZ31, but not in pure Mg. Since the area fraction is very small (∼0.02% in the 8%

strained sample), their roles are expected to be minute in contributing to the overall plasticity.

Regardless, the dislocation slip is expected to be the primary plasticity carrier in AZ31 under this

loading condition.

Figure 4.5: Out-of-plane IPF maps, the corresponding (0001) pole figures, highest mud values, and
misorientation angle distribution histograms of pure Mg at (a) undeformed stage, (b) 2% strain, (c)
4% strain, and (d) fracture under RD tension. Some tension twins (TTs) were noted.
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Figure 4.6: Out-of-plane IPF maps, the corresponding (0001) pole figures, highest mud values,
and misorientation angle distribution histograms of AZ31 at (a) undeformed stage, (b) 3% strain,
(c) 8% strain, (d) 12% strain and (e) fracture under RD tension. Some tension twins (TTs) were
noted.

To assess which slip system is more likely to be activated in the rolling direction tension,

Schmid fators of four major slip systems (basal < a >, prismatic < a >, and pyramidal I and II

< c + a >) were calculated for individual grains based on the loading direction and the IPF maps

in Figures 4.5a and 4.6a. As provided in Figure 4.7, the prismatic < a > and pyramidal < c+ a >

slip systems statistically have much higher Schmid factors compared to basal < a > (Figure 4.7).

Thus, despite their relatively higher CRSS values, we can expect the activation of prismatic < a >

and pyramidal < c+ a > dislocations in addition to basal < a > dislocations, as revealed in other

observations [92].
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Figure 4.7: Schmid factor frequency distributions of four major slip modes (basal< a >, prismatic
< a >, and pyramidal I and II < c+ a >) calculated from the loading direction and the IPF maps
in Figure 4.5a and Figure 4.6a.

4.3.4 Dislocation characteristics in pure Mg

At all strain levels, we observed the presence of non-basal < a > and < c + a > dislocations

in almost all grains in the deformed pure Mg samples (Figure 4.8). Here we employed correlative

microscopy (EBSD and TEM) to ensure the examined grains are representative of the global tex-

ture. Selected grains’ 3D crystal orientations are indicated by the black arrows in the IPF maps.

Considering first the < c + a > dislocations, they appear under both the [0002] and [1010] weak-

beam conditions, and a few examples of them are highlighted using green lines in Figures 4.8a-c.

We noticed that the < c + a > dislocations became active even at a low total strain of 2% (Figure

4.8a), i.e., a relatively low flow stress of ∼175 MPa. The < c + a > dislocation lines appear long

and straight, bounded on the basal planes. In the background, numerous dim/bright dots (only a

few nm in size) were also noticed, and they were reported to be small dislocation loops by Geng et

al. [23]. The observations of < c+ a > dislocations and the small dislocation loops are consistent

with previous studies [11, 23]. At higher strain levels (4% and fracture), significant < c + a >

dislocations and dislocation loops were also observed (Figure 4.8b and c). The detailed statistics

of the number of grains investigated and the number of grains containing < c + a > disloca-
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tions at each strain level are summarized in Table 4.1, confirming the operation of the < c + a >

dislocations is a general observation.

Figure 4.8: Zone axis BF and WBDF micrographs (using g = [0002] and g = [0112] or [2110])
revealing the < c >, < a >, and < c + a > dislocations in pure Mg at (a) 2% strain, (b)
4% strain and (c) fracture under RD tension. The IPF maps, where the grains were taken from
the electropolished TEM foil, are shown in the first column. TEM micrographs were taken from
the unshaded grains. A few examples of non-basal < a > dislocations (orange lines) and <
c + a > dislocations (green lines) are highlighted. Red circles are the fiducial markers, indicating
the identical sites. The 3D models show the orientations of the imaged grains.

48



Strain

Grain statistics Pure Mg AZ31

2% 4% Fracture 3% 8% 12% Fracture

No. of grains examined 15 20 11 18 8 9 19

No. of grains with

<c + a>dislocations

13 15 10 1 0 1 0

Table 4.1: Statistics of < c+ a > dislocation activation in pure Mg and AZ31.

With regards to the non-basal < a > dislocations, they are only visible under g = [0110] or

[2110]] conditions along with their basal counterparts. To discern them from those basal < a >

dislocations, we tilted the crystals to the [2110] zone axis, where basal planes are parallel to the

beam direction (second column in Figure 4.8) [7]. In this imaging condition, basal < a > disloca-

tions would appear straight as basal planes are edge on; curved dislocations could be identified as

non-basal < a > dislocations without ambiguity (orange lines as a few examples). In addition, we

also observed a number of out-of-basal dislocation lines with only< c > component. Interestingly,

they were absent in the 2% strain sample but appeared only in the high-strain samples.

To further study the < c + a > dislocation dissociation behavior on the basal plane [11, 9, 3],

careful tilting experiments were performed while maintaining the g = [1010] WBDF condition (an

example see Figure 4.9, taken from the red dashed box region in Figure 4.8a). We first took the

zone axis BF micrograph (B = [2110]) as the benchmark. Many dislocations appear long, straight,

and basal bound in this projection. They have been confirmed to be < c + a > dislocations

via the g · b analysis (two examples are indicated by the yellow arrows in Figure 4.8a). As the

basal plane is tilted towards the viewing direction, as shown by the HCP crystal schematics, the

apparent < c + a > dislocation dissociation was revealed, where the green lines trace the partial

dislocations; the white dashed lines mark the intersection of the stacking faults with the TEM foil
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surfaces. Comparing with the ND compression activated < c + a > dislocation dissociation in

hot-rolled and c-axis single crystal pure Mg [11, 9, 3], we noticed the < c+ a > dislocation cores

are less spread out in the RD tension samples. The effect of different stress states on the < c+a >

dislocation core spreading will be discussed later.

Figure 4.9: WBDF produced a series of TEM micrographs (imaged in the red boxed region in
Figure 8a) in which the foil was tilted away from the [2110] zone axis while maintaining the
g = [0110]. The zone axis BF image (0◦) serves as a reference. The angles and inset schematics
illustrate how far the crystal was tilted away from the zone axis. Two examples are highlighted by
the yellow arrows with green lines marking the partial dislocations and white dashed lines marking
the intersection of stacking fault and foil surfaces.

4.3.5 Dislocation characteristics in AZ31

For the deformed AZ31 samples, the dislocation characters were identified by the same imag-

ing technique (Figure 4.10). Since AZ31 exhibits much better ductility than pure Mg, a different

set of strain values were selected. In response to the plastic deformation, high-density dislocations

were observed in all grains. We noticed, in contrast to the < c+a > dislocations in pure Mg, most

dislocations here display a less well-defined morphology. They were illuminated in the g = [1010]

condition, but invisible in the g = [0002] condition, indicating they are pure < a > dislocations.

The absence of< c+a > dislocations is not limited to the small strain samples. Rather, this obser-

vation is consistent throughout all deformation stages (Figure 4.10c-d). Again, edge-on imaging

of the [2110] zone axis enables the unambiguous determination of non-basal < a > dislocations
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(second column in Figure 4.10) We noticed at least half < a > dislocations are curved at all strain

levels in this projection, indicating they glide on non-basal planes. The detailed statistics of the

number of grains investigated and the number of grains containing < c+ a > dislocations at each

strain level are summarized in Table 4.1, confirming the prevalence of non-basal < a > and the

lack of < c+ a > dislocations is a general observation.

Figure 4.10: Zone axis BF and WBDF micrographs (using g = [0002] and g = [1010]) revealing
the < c >, < a >, and < c + a > dislocations in AZ31 (a) 3% strain, (b) 8% strain, (c) 12%
strain and (d) fracture under RD tension. The IPF maps, where the grains were taken from the
electropolished TEM foil, are shown in the first column. TEM micrographs were taken from the
unshaded grains. Red circles are the fiducial markers, indicating the identical sites. The 3D models
show the orientations of the imaged grains.
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To assess the slip planes of the non-basal< a > dislocations, we prepared the AZ31 TEM foils

(strained to 3%) normal to the ND direction (Figure 4.11a). In this orientation, most grains exhibit

the basal texture, and slight tilting would bring grains to the [0001] zone axis. The highlighted

grain in Figure 4.11a was imaged using PED along the [0001] zone axis to remove the dynamical

effects (Figure 4.11b) [88]. PED dislocation imaging in such orientation renders the prismatic

planes parallel to the incident electron beam direction. Thus, prismatic dislocations will project as

straight lines in the micrograph. As shown in Figure 4.11b, numerous dislocations are presented,

and they should be < a > type dislocations based on the previous g · b analysis (Figure 4.10).

We noticed many dislocations have straight segments parallel to multiple intersections of basal

and prismatic planes (see the hexagonal insets). These dislocations are likely to be confined in

prismatic planes, suggesting they are prismatic < a > dislocations.

Figure 4.11: (a) IPF map of a TEM foil prepared from the ND plane in the 3% strained AZ31. (b)
[0001] zone axis PED micrograph of the unshaded grain reveals the dislocation morphology on the
basal plane. The crystal models (highlighted by the dashed hexagons from the diffraction pattern
inset) were drawn to identify dislocation slip planes.
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4.4 Discussion

Based on our results, there is a significant disparity of shear banding, twinning, and non-basal

dislocation activities in pure Mg and AZ31 under RD tension. Visual inspections and the OMs

(Figure 4.3) revealed apparent shear banding in pure Mg but not in AZ31. Since shear bands are

associated with plastic instability and local softening, they would provide an easy path for crack

propagation. The presence of apparent shear bands in pure Mg could be directly linked to the

low ductility and cleavage-like fracture in the pure Mg. In contrast, no apparent shear banding

was noted in the deformed AZ31 at the early stage of deformation (e.g., up to ∼5% strain). The

profuse dimples on the fracture surface also indicated ductile fracture in AZ31. Moreover, more

TTs were observed in pure Mg than in AZ31. Twin-twin interactions and twin-grain boundary

interactions could lead to stress concentration, triggering crack opening and harming ductility.

More frequent twinning in pure Mg (although not the dominant deformation mechanism) could

also be responsible for the lower ductility.

We realize the differences in shear banding, twinning, and ductility in pure Mg and AZ31 could

be explained by the disparity in the non-basal dislocation activities. In the following sections, we

will detail the activation of specific non-basal dislocations in pure Mg and AZ31 by discussing the

following questions. (1) Why < c + a > dislocations were activated only in pure Mg but not in

AZ31? (2) Why non-basal< a > dislocations were activated in both pure Mg and AZ31? (3) How

to use the dislocation information to explain the disparities in shear banding, twinning, and tensile

ductility?

4.4.1 The behavior of < c+ a > dislocations

From TEM investigation, we observed pyramidal < c + a > dislocations were only prevalent

in pure Mg but not in AZ31 (Figures 4.8 and 4.10 and Table 4.1). Here, we constructed a simple

model (Figure 4.12) and used the Schmid factor analysis to explain the experimental observations.

In the model, the prismatic, pyramidal I, and pyramidal II planes are shaded in red, blue, and

green, respectively. To calculate Schmid factors, we considered three separate loading scenarios
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Prismatic <a> Pyramidal <a> Pyramidal I <c + a> Pyramidal II <c + a>
SF(F1) 0.43 0.38 0.38 0.44
SF(F2) 0.50 0.44 0.44 0.42
SF(F3) 0.43 0.38 0.38 0.33
Average 0.45 0.40 0.40 0.40

Table 4.2: Schmid factors (SFs) of non-basal dislocations (prismatic < a >, pyramidal < a >,
and pyramidal I and II < c + a > dislocations) under three loading directions (Figure 4.12). The
average values of the SFs from three loading directions are also provided.

with loading directions along the [1120] (F1), [2130] (F2), or [1010] (F3) directions (schematics

see Figure 4.12). The [2130] direction bisects the angle between [1120] and [1010]. The calculated

Schmid factors are summarized in Table 4.2. To estimate the CRSS from each slip system, the

Schmid factors were averaged from these three loading directions.

Figure 4.12: 3D and top-view projection of the HCP crystal model showing a prismatic (red), a
pyramidal I (blue), and a pyramidal II (green) planes. The applied loading directions (blue arrows)
are along the [1120] (F1), [2130] (F2), and [1010] (F3) directions.

Applying this method, we investigated the pyramidal < c + a > activities in Mg and AZ31.

The average Schmid factors for both pyramidal planes are 0.4, indicating a high propensity for

< c + a > slip. From the TEM micrographs in Figure 4.8, profuse < c + a > dislocations were
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observed in pure Mg. The CRSS of pyramidal < c + a > slip measures ∼30-54 MPa in pure

bulk Mg single crystals [17, 7, 93, 25, 22]. Combined with the average Schmid factor of 0.4, the

critical applied stress to activate < c+ a > dislocations should be in the range of 75-135MPa. As

the stress values are ∼75-200 MPa in the plastic regime, it is not surprising to observe < c + a >

dislocations in pure Mg. Even at a relatively small strain of 2%, the stress has already reached 175

MPa - large enough to activate < c + a > slip. For AZ31, the CRSS of pyramidal < c + a >

is in the range of 90-120 MPa [94, 44, 95, 96]. With the average Schmid factor of 0.4, at least

230-300 MPa is required to activate < c+ a > dislocations. However, the measured stress level is

in the range of 175-270 MPa in the plastic regime from the stress and strain curves. Most values

are below the required stress level to operate < c + a > slip. Even the ultimate tensile strength

(270 MPa) is at the borderline of < c+a > dislocation activation, which may not reach the critical

values to trigger prevalent < c + a > activities. This elucidates why < c + a > dislocations were

observed in pure Mg but not in AZ31 samples stretched along the RD.

One peculiar observation is that < c+ a > dislocation dissociation distance seems to be much

smaller than it has been reported in the literature [11, 3]. < c + a > dislocations undergo an

immobile transition with a basal bound morphology [10]. The < c + a > dislocations then could

dissociate on the basal plane, resulting in stacking faults bounded by partials [26, 11, 9, 3]. In

this study, the dissociation distance (the width of the stacking faults) was measured to only ∼35

nm. This is much shorter than the ones obtained from the ND compression samples (∼500 nm), as

shown in Figure 4.13 [11, 3]. The smaller dissociation distance in the tension samples (Figure 4.9)

could be explained by the normal stress acting on the dislocation core. In both ND compression

and RD tension, the c-axis of Mg crystals are subjected to normal compressive stress. For the

ND compression samples, the crystals experience all the imposed compressive stress along the

c-axis. In contrast, the compressive stress along the c-axis from RD tension is due to the Poisson

effect. Only a fraction of the tensile stress is converted to compressive stress (Poisson’s ratio of

Mg is ∼0.3). It is thus reasonable to attribute the < c + a > dislocation dissociation distance

to the elastic component of the normal stresses. Larger compressive normal stress leads to larger
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dissociation. This conjecture is supported by the prediction of Wu and Curtin [10]. The authors

demonstrated a small compressive stress (such as RD tension in this study) raises the energy barrier

for < c+ a > dislocation dissociation, thus leads to narrower stacking faults.

Figure 4.13: Histogram showing the < c + a > dislocations dissociation distance (the width of
the stacking faults) for this work under RD tension (∼35 nm) and previous work under the ND
compression (∼500 nm).

We also notice a number of pure < c > dislocations are present in pure Mg at a relatively large

strain (e.g. 4%). They may be remnants of dislocation decomposition from < c+ a > dislocations

[26, 11] that have undergone cross-slip [42]. Note that the < c > dislocations were not widely

observed in samples with a lower strain (see Figure 4.14a). At 2% strain, the c-components (from

< c+a > dislocations, illuminated by the [0002] g-vector) are largely basal bound, indicating very

limited cross slip of < c + a > dislocations. At a high strain value of 4%, many c-components

that are not basal-bound were observed (Figure 4.14b-c). Using the in situ nanopillar compression

technique, Liu et al. observed the “basal-bound” < c + a > dislocations (possibly undissociated

edge or near-edge component) could glide via cross slip of the screw component if the stress is

sufficiently high [42]. Combining this knowledge with our experimental observations, we propose

a model that depicts the < c + a > dislocation motion in pure Mg (Figure 4.15). Assuming

56



the < c + a > dislocation (green line in Figure 4.15a) initially glide on the pyramidal II plane.

The < c + a > dislocation could cross slip on to the pyramidal I plane along the intersection

of pyramidal II and pyramidal I planes (Figure 4.15b). The edge (or near-edge) components are

susceptible to pyramidal-to-basal core transformation, which may further hinder them cross slip

[10, 39]. The < c + a > screw component could decompose in to < c > and < a > dislocations,

where the < a > dislocation easily glides away and < c > component becomes a remnant. A

similar behavior could also happen in the double-slip case, where the < c+ a > dislocation cross

slips from pyramidal II to pyramidal I, then back to pyramidal II plane (Figure 4.15c). Both the

dislocation core transformation and the dislocation decomposition consume the glissile < c+ a >

dislocations, rendering < c+ a > dislocation poor carriers to accommodate plastic deformation.

Figure 4.14: WBDF and two-beam BF images showing the < c > components using g = [0002]
at (a) 2% and (b) 4% strains in various grains. (c) The detailed g · b analysis confirms most curved
c-components (green lines) are pure < c > dislocations.
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Figure 4.15: 3D HCP crystal models and projected views (along a1) depicting< c+a > dislocation
movement in pure Mg at (a) low and (b-c) high stress levels. The < a >, < c >, and < c +
a > dislocation lines and burger vectors are labeled by red, blue and green lines and arrows,
respectively. The pyramidal I and II planes are shaded in orange and light blue.

4.4.2 The behavior of non-basal < a > dislocations

The Schmid factor analysis was also applied to understand the non-basal < a > dislocation

activities in pure Mg and AZ31. For prismatic < a > slip, the CRSS in pure Mg ranges from 30 to
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50 MPa [19, 20, 70, 71]; the average Schmid factor is 0.45. The applied stress to activate prismatic

< a > dislocation is estimated to be 70 to 110 MPa. This value is less than the post-yielding

stress in pure Mg (75-200 MPa). Thus, prismatic < a > dislocation activation is expected and also

observed. In the case of AZ31, The CRSS for prismatic < a > dislocation is reported to be 50-100

MPa [44, 47]. Combing the CRSS with the average Schmid factor of 0.45, the prismatic < a >

activation stress should be 110-220 MPa. This falls in the range of the yield strength (173 MPa) to

the ultimate tensile strength (277 MPa) of AZ31. Thus, the activation of prismatic < a > is also

expected and observed (example, see Figure 4.11).

We were not able to predict the pyramidal < a > dislocation activities for pure Mg and

AZ31 using the Schmid factor analysis because of the lack of their CRSS values in literature.

Nonetheless, we did observe the pyramidal < a > dislocations based on the TEM results in AZ31.

There are some suggestive evidence of pyramidal < a > dislocations reported back in the 1960s

[21, 97, 98]. To confirm their presence, we imaged pyramidal < a > dislocations along the [2110]

zone axis. In this orientation, one-third of pyramidal < a > dislocations would lie on the inter-

section of the pyramidal I plane (blue) and the prismatic II plane (green), as shown in the crystal

models (Figure 4.16a-b). The BF TEM image (Figure 4.16c) was taken from the boxed region in

Figure 4.10a, which confirms all the dislocations in this area are of < a > type. In this area, two

straight segments are noted. Overlaying the model from Figure 4.16a-b to the TEM image, we

observed the dislocations parallel to the intersection of pyramidal I and prismatic planes. These

dislocations are likely to be pyramidal < a > dislocations in the deformed AZ31 samples. Their

presence suggests they were activated during deformation. In contrast, pyramidal < a > disloca-

tions in pure Mg seem to be less frequent compared to that AZ31, probably suggesting a lesser role

in accommodating plasticity.
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Figure 4.16: (a) 3D HCP crystal model and (b) projected view (along a1) models showing the
pyramidal I < a > slip plane (blue) and burger vector. (c) BF TEM micrograph imaged from
the boxed region in Figure 4.10a. Two possible examples of pyramidal < a > dislocations are
suggested by the projected crystal (red boxes) and pyramidal I plane (yellow lines) from the (b)
and the diffraction pattern (inset).

Here we address the three possible mechanisms we proposed in Introduction to elucidate the

roles of < c + a > dislocations in RD tension. Since both pure Mg and AZ31 used in this study

exhibit strong texture (also similar grain size), the effect of the global texture could be precluded.

In RD tension, where the loading direction is largely parallel to the basal planes of the crystals,

< c + a > dislocations could contribute to the plasticity, but their participation is not necessary.

In the case of AZ31, the alloying elements modified the CRSS. The CRSS gap widens between

< c + a > and non-basal < a > systems, so that non-basal < a > plays a more dominant role as

the plasticity carrier.

4.4.3 Explaining the differences in shear banding, twinning, and ductility using disparity

in dislocation activities in pure Mg and AZ31

It is known the ductility of AZ31 is much better than that of pure Mg. Moreover, shear banding

and twinning are more prevalent in pure Mg than in AZ31. The underlying mechanisms that could

elucidate these differences have been unclear. Based on our TEM observations and analyses, there

is a significant disparity in non-basal dislocation activities between pure Mg and AZ31. Both

pyramidal < c + a > and non-basal < a > dislocations were active in the pure Mg. In contrast,

there lacks< c+a > slip in AZ31 samples, while the non-basal< a > dislocations were prevalent.
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The reason for the absence of < c + a > in AZ31 could be attributed to the CRSS change from

the Al and Zn alloying. A recent review paper by Nie et al. [99] showed that the 1% Al in Mg

single crystal could dramatically widen the CRSS gap between pyramidal < c+a > and prismatic

< a > dislocations (roughly from 20 MPa in pure Mg to 100 MPa in Mg-1Al). The alloying effect

therefore makes it more difficult to activate the < c+ a > slip in AZ31.

Although < c + a > dislocations can provide extra slip systems, their absence seems to be

beneficial to sustain plasticity in RD tension. The < c + a > dislocations could readily undergo

glissile-to-sessile core transformation or decomposition [10]. Both processes result in quick ex-

haustion of glissile < c + a > dislocations and a lack of continuous hardening mechanism to

combat plastic instability. A direct result is the formation of shear bands triggered by plastic insta-

bility. Therefore, < c + a > dislocations were activated in pure Mg but did not lead to a decent

ductility. For the AZ31, the prismatic and pyramidal < a > dislocations do not undergo core

transition or dislocation decomposition. They could multiply and glide more freely to provide sus-

tainable work hardening. The addition of Al and Zn have been reported to reduce the propensity

of prismatic-to-basal cross slip [69, 81], which better retains dislocation glide on the prismatic

plane. The continuous prismatic slip allows for sustainable plastic flow, which suppresses the for-

mation of shear bands. Since crack could easily initiate from and propagate along shear bands, the

suppression of shear bands in AZ31 is considered to be the primary cause for improved ductility.

We can further apply this argument to twinning. More TTs were observed in pure Mg than in

AZ31. Less TTs in AZ31 could again be explained by the profuse prismatic < a > dislocation

activities. As suggested by Mayama et al. [69, 100], prismatic < a > dislocation would rotate

grains’ a-axes to preferred orientations for further deformation. This activates less TTs. Since twin-

grain boundary and twin-twin interactions could create local stress concentrations, they could act

as the failure initiation sites [101, 102, 45]. Thus, suppressed TTs and consequently less stress

concentration could be the secondary cause for improved ductility and delayed fracture in AZ31.

Moreover, the lack of < c + a > dislocation contribution to the plasticity in AZ31 urges us to

reconsider what dictates the tensile ductility when pulling Mg samples parallel to the basal plane.
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In pure Mg, the tensile ductility is controlled by the interplay of < c + a > and non-basal < a >

dislocations. The < c+ a > dislocations exhibit a strong self-locking behavior, resulting in quick

exhaustion of strain hardening capacity, leading to shear banding, more TTs, and limited ductility.

In contrast, in AZ31, the ductility is largely governed by the non-basal < a > slip. The promoted

non-basal < a > slip and the suppressed < c + a > dislocations give rise to the suppressed shear

banding, less TTs, and much-improved ductility.

We can further extend this alloy design concept to other Mg alloys. To achieve improved

tensile ductility, deformation mechanisms that suppress shear banding and TT should be activated.

In this study, we demonstrated the promoted non-basal < a >, suppressed < c + a > activities

in AZ31 could be one of the strategies to suppress early-stage shear banding and further improved

ductility. The improved ductility in Mg-Ca, Mg-Y [103, 35], and Mg-Gd may also be explained

by the promoted prismatic slip compared to < c + a >. Indeed, X-ray and TEM observations on

the tensile strained samples showed extensive non-basal < a > slip and very limited < c + a >

activities [8, 27, 32, 103, 35, 33, 34]. This again emphasizes the roles of non-basal < a > slip on

the improved ductility of Mg alloys. We noticed most previous dislocation work in Mg has focused

on < c + a > dislocations, while the non-basal ones remain less explored [20, 70, 104]. In this

work, we offer new insight into the effect of alloying elements on the non-basal < a > dislocation

activities. Further studies in this area (e.g., CRSS, Peierls stress, mobility, core structure of non-

basal < a >) could generate plenty of new opportunities to advance the understanding of the

deformation behavior of Mg and guide the design of Mg alloys with excellent ductility.

4.5 Conclusions

In this work, we performed detailed TEM characterization and analyzed the deformation be-

havior of pure Mg and AZ31 subjected to RD tension. The improved ductility in AZ31 could

be attributed to the suppressed shear banding and less TTs as a result of the promoted non-basal

< a > dislocation slip. The key findings of this study can be summarized as follows:

1. AZ31 displays much better ductility than pure Mg (13% and 5%, respectively) when the

tensile loading direction is mostly parallel to the basal planes of the grains (along RD). Apparent
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shear banding and more TTs were observed pure Mg. No apparent shear banding and less TTs

were observed AZ31.

2. Both < c+ a > and non-basal < a > slip systems were activated in pure Mg under tension

along RD. The < c+ a > dislocations were activated since the early stage of plastic deformation.

The < c + a > dislocations display less spread-out cores than those from c-axis compression,

indicating the normal elastic stress plays a significant role in core spreading. Moreover, increasing

strain level appears to promote the cross slip of < c+ a > dislocations.

3. Non-basal < a > slip system, rather than < c + a > slip, was predominant in the AZ31

under tension along RD. No significant < c + a > activities were observed even in the fractured

samples. For the non-basal < a > dislocations, we noticed both prismatic < a > and pyramidal

< a > are activated.

4. The improved ductility in AZ31 could be explained by the suppression of shear bands

(primary) and less TTs (secondary) as a result of the promoted non-basal < a > slip. Unlike

< c + a > dislocations, non-basal < a > dislocations do not exhibit the self-locking behavior.

Thus, they could offer sustainable hardening during deformation and delay failure.
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5. ON THE EXCEPTIONALLY HIGH DUCTILITY OF MG-2ZN-0.3CA-0.2CE-0.1MN

ALLOY1

5.1 Introduction

Magnesium (Mg), as the lightest practical structural metal, has attracted extensive interest in

automotive and aerospace applications [105, 99, 106, 107, 108, 109]. However, pure Mg and most

Mg alloys exhibit low room temperature (RT) formability and ductility, which restrict their wider

usage in wrought applications [110, 111]. This is mainly due to the ease of basal slip, difficulty

to activate other slip systems and the strong texture after wrought processing. Thus, promoting

non-basal slip modes (e.g., < c + a > slip) and weakening the texture are important to overcome

the low RT formability and ductility challenge.

Alloying, including Al, Zn, Ca, and rare earth (RE) elements, is one key method to achieve

more ductile and formable Mg at RT [76, 112]. For non-RE-bearing Mg alloys, the Mg-Al fam-

ily has the largest commercial applications [99], with Mg-3Al-1Zn (AZ31) alloy [8, 113, 114]

being the most prominent example. Many experimental works indicated that Al and Zn alloying

could significantly improve ductility [111, 76, 8, 37, 30, 81, 3]. Our recent study [62] revealed

the improved ductility of the AZ31 alloy could be attributed to the promotion of non-basal < a >

dislocation activities and the suppression of early-stage shear banding. The addition of Ca has

been shown to weaken the rolling texture after annealing, which was proposed to be related to

recrystallization [115, 116, 117]. With a weak texture, more deformation modes can be activated,

leading to more uniform deformation and improved ductility. For RE alloying, such as Ce, Gd

and Y, weaker texture Mg alloys can also be achieved after processing to display the ‘RE texture’

[118, 38, 119, 120]. In addition to the weakened texture, Sandlobe et al. [38, 28, 32] pointed out

the increased ductility of Mg-Y is also a result of the increased < c + a > dislocation activities

from their transmission electron microscopy (TEM) observations. Using molecular dynamics sim-

1Reprinted with permission from “On the exceptionally high ductility of Mg–2Zn-0.3Ca-0.2Ce-0.1Mn alloy” by
Dexin Zhao, Renhai Shi, Peter Evans, Alan A Luo, Kelvin Y Xie. Materials Science and Engineering: A, p.141484.
Copyright (2021).
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ulations, Wu et al. [27] also showed the RE alloying could suppress < c + a > dislocation from

dissociating on the basal plane and promoted the cross slip.

Recently, a new Mg alloy was designed with the composition of Mg-2Zn-0.3Ca-0.2Ce-0.1Mn

(ZXEM2000) by Shi et al. [6]. The ZXEM2000 alloy exhibits an excellent combination of strength

and ductility (154 MPa yield strength, 29% strain to failure). However, the fundamental mecha-

nisms that elucidate the exceptionally high ductility are still not clear. In this work, we performed

tensile tests on the ZXEM2000 alloy along the rolling direction at different strain levels. Scanning

electron microscopy (SEM) and TEM were then carried out to understand the improved ductility

at the granular and dislocation levels.

5.2 Materials and Methods

ZXEM2000 alloy was prepared in a steel crucible under a protective gas, using pure Mg, pure

Zn, Mg-25%Ca, Mg-28.4%Ce, Mg-10%Mn and cast into a steel mold at 750 ◦C to produce 110

× 114 × 18 nm plates. The 20 × 28 × 7 mm samples cut from the plates were then homogenized

with multi-stage heat treatment to dissolve all the intermetallic phase. The homogenized samples

were then rolled at room temperature initially to ∼3 mm with about 0.25 mm-0.5 mm per pass

and subsequently ∼1 mm with 25%-30% thickness reduction per pass. After the rolling, the alloy

sheet was annealed at 350 ◦C for 20 min to remove most of the pre-existed dislocations. For details,

please refer to Figure A.7 and Shi et al. [6]. As-cast 99.9% pure Mg purchase from US Magnesium

was rolled into 10 mm sheet at 160 ◦C (1 pass 20%, 8 passes 10% with 64% total reduction)

to produce highly texture. Hot-rolled AZ31 sheets purchased from MetalMart International Inc.

were also selected for this study. The pure Mg and AZ31 bulk samples were annealed at 350 ◦C

for 12 hours under Argon flow atmosphere to homogenize the microstructure. Dog-bone tensile

specimens with 8 mm gauge length, 3 mm gauge width and 1.5 mm gauge thickness were then

cut from above ZXEM2000 alloy, AZ31 alloy and pure Mg, using an electrical discharge machine

(EDM) along the rolling direction. Uniaxial tensile tests were then conducted on an MTS test

machine at a strain rate of 5 × 10−4 s−1. For ZXEM2000 alloy, the tensile tests were stopped at

5% strain and at failure, respectively, for microscopy analyses.
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SEM and TEM analyses were carried out on the ZXEM2000 alloy at the initial and deformed

(5% and fractured) stages. The tensile bars were mechanically polished down to the 1200 grit

SiC paper then punched into 3 mm TEM discs. For the fractured samples, we performed the SEM

fractography and fabricated TEM discs away from the fracture surfaces to avoid the complex stress

states. These discs were then twin-jet electropolished using a Tenupol-5 polishing system with a

solution of 15.9 g lithium chloride, 33.5 g magnesium perchlorate, 1500 ml methanol and 300

ml 2-butoxy-ethanol at -40 ◦C. Before the TEM observations, electron backscattered diffraction

(EBSD) was carried out on these foils after ion milling at the liquid nitrogen temperature using

a Tescan FERA SEM equipped with an EBSD detector (Oxford Instrument). TEM was carried

out on an FEI Tecnai operating at 200 keV. Considering the electropolished TEM foils are in the

normal plane (close to the basal plane after processing), we also performed focused ion beam

(FIB, FEI Helios Nanolab 460F1) lift-out to prepare TEM lamellae close to the prismatic planes.

Such specimen orientation allows for the identification of < c + a > dislocations. To reveal the

dislocation characters, we did the two-beam bright-field (BF) and weak beam dark-field (WBDF)

imaging. For the disc TEM samples (viewing along the normal direction), the [0001] zone axis

was selected to image the dislocation on the basal plane. For the FIB lift-out lamellae, we used the

g · b = 0 invisibility criterion to illuminate < a > and < c > components separately, g = [0002]

(all c-component will be visible) and g = [0110] (two-thirds of a-component will be visible). If

one dislocation is visible under both g = [0002] and g = [0110] diffraction conditions, it is of

< c + a > type. For each strain level, roughly 10 grains were examined to statistically study the

dislocation activities.

5.3 Experimental Results

A representative engineering stress-strain curve from the ZXEM2000 alloy pulled along the

rolling direction is shown in Figure 5.1a (red), which is compared to the pure Mg (blue) and

AZ31 (black) strained under the same condition [62]. The ZXEM2000 alloy (154 ± 1.4 MPa yield

strength) is also stronger than pure Mg (144 ± 4 MPa yield strength) but weaker than the AZ31

alloy (173 ± 7 MPa yield strength). However, the ZXEM200 alloy exhibits a significantly better
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ductility (29% ± 1.4% elongation) than pure Mg (5% ± 0.8% elongation) and AZ31 alloy (12.7%

± 1.2% elongation). Fracture surface analysis on the ZXEM2000 alloy, along with the pure Mg

and AZ31 alloy [62], also indicates the improved ductility of the ZXEM2000 alloy. For the pure

Mg, relatively flat facets (see the green circle for example) with fewer dimples (examples in the

red circle) were observed, indicating a mixture of brittle and ductile fracture modes. In contrast,

more dimples and no apparent flat facets were noted in both fractured AZ31 and ZXEM2000

alloys, indicating dominantly ductile fracture. Moreover, the fracture surface of the ZXEM2000

alloy shows a much bigger and deeper dimple than that of AZ31, which may explain the further

improved ductility in the new alloy.

Figure 5.1: (a) Stress-strain curves of ZXEM2000 (Mg-2Zn-0.3Ca-0.2Ce-0.1Mn, red line), pure
Mg (blue line) and AZ31 (Mg-3Al-Zn alloy, black line) under tension along the rolling direction.
Two strain levels (5%, fractured, as shown by green dots) were selected for the microstructural
characterization. (b) The SEM fractography of pure Mg, AZ31 and ZXEM2000 tensile samples.
Red and green dashed circles refer to the flat facets and dimpled regions, respectively.

To uncover the detailed deformation mechanisms of ZXEM2000, EBSD and TEM examina-

tions were performed on the TEM foils (normal plane) at the selected strain levels (initial, 5%

and fractured). For the undeformed sample, the results from the global EBSD inverse pole figure

(IPF) and pole figure (PF) appear to suggest the basal texture along the normal direction (Figure

5.2a) with an average grain size of 5.47 µm. However, the texture is much weaker (max inten-

sity, 5.9) compared with pure Mg (max intensity, 16.25) and AZ31 (max intensity, 10.85) from

our previous report (Figure A.5) [62]. The (0001) pole spreading from ND toward TD indicates
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extensive non-basal < a > slip (prismatic < a >). We also noted no apparent tension twins (TTs)

from the misorientation angle distribution. The TEM BF image near the [0001] zone axis also

confirms low initial dislocation density. Thus, the initial microstructure of low TTs and dislocation

density serves as a benchmark for the deformed samples. Meanwhile, we noticed the presence

of precipitates, which was later confirmed as Mn concentration precipitates and Ca, Zn concen-

tration precipitates by scanning transmission microscopy (STEM) energy dispersive spectroscopy

(EDS) (Figure A.6). For the 5% strained sample (Figure 5.2b), the overall texture remained, and

the microstructure is largely twin-free. Moreover, the [0001] zone axis BF micrograph shows an

extremely high density of dislocations. For the fractured samples (Figure 5.2c), again, no appar-

ent TT was observed from the IPF map and misorientation angle distribution histogram. The lack

of extension twins in the deformed microstructure of Mg alloys is unexpected, as noticeable TTs

were observed in pure Mg and AZ31 deformed under the same loading conditions (Figure A.7)

[62]. The roles of TT on the ductility in Mg will be addressed later. From the TEM image, we

noticed the high-density dislocations self-organized to form a dislocation network and dislocation

cells, a result of the excellent ductility. All above observations indicate dislocation slip is the

primary plasticity carrier in the ZXEM2000 alloy when pulled along the rolling direction.
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Figure 5.2: EBSD IPF maps (out-of-plane crystal orientation) of ZXEM2000 revealing the (a)
initial, (b) 5% strained and (c) fractured microstructures, along with the corresponding (0001) pole
figures, misorientation angle distributions, and the TEM BF micrographs close to the [0001] zone
axis.

To reveal the active slip modes to accommodate deformation in ZXEM2000, two-beam BF

TEM was performed on the FIB lift-out lamellae (initial, 5% strained and fractured), as shown

in Figure 5.3. No apparent dislocation (< a > nor < c > component) was observed in the

initial lamella (Figure 5.3a). Hence, the dislocations observed in the strained samples (5% and
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fractured) are mostly a result of the deformation. For the 5% strained sample (Figure 5.3b), high-

density dislocations were illuminated under the [0110] condition, indicating profuse basal < a >

and non-basal < a > dislocations. Under the [0002] diffraction condition, < c > components

were illuminated and many were confirmed as < c+ a > dislocations. Noted the basal planes are

perpendicular to the [0002]g vector (yellow dashed line as the basal plane projection). Surprisingly,

we found most of the < c+ a > dislocation segments are not basal-bound, which is very different

from those in the pure Mg and AZ31 [3, 9, 22, 65]. Meanwhile, out of 9 grains we overserved in the

FIB lamella, 5 were confirmed with < c+ a > dislocations (56% of the grains). The < c+ a > in

the other grains also exhibit a similar morphology. For the fractured lift-out sample (Figure 5.3c),

we found a similar dislocation behavior. Numerous dislocations with the < a > components

show up under [0110] g vector, which makes the individual dislocation difficult to resolve. For the

< c + a > dislocations (under [0002] g vector), we also observed the similar non-basal bounded

morphology. Out of 10 grains we interrogated, 5 contain the < c + a > dislocations (50% of the

grains). The non-basal bounded morphology of< c+a > dislocation in the deformed ZXEM2000

and its role on ductility will be discussed later.
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Figure 5.3: TEM BF micrographs (using g = [0002] and g = [0110]) revealing < c >, < a >,
and < c + a > dislocations in the ZXEM2000 FIB lamellae at the (a) initial, (b) 5% strained, and
(c) fractured conditions. Red circles are the fiducial markers, indicating the identical sites. Yellow
dashed line perpendicular to the [0002] g vector corresponds to the projection of basal planes.

5.4 Discussion

Here, we attempt to uncover the fundamental mechanisms that result in the much-improved

ductility (29%) in the newly developed ZXEM2000 alloy compared to pure Mg and AZ31. Based

on the above SEM and TEM observations, we suggest four key factors contribute to the more

sustainable plastic deformation.

First, the weaker texture could lead to the improved ductility. As shown in Figure 5.2, the
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initial texture of ZXEM2000 is much weaker compared with those of the hot-rolled pure Mg and

AZ31 (Figure A.5) [62], which leads to a more homogeneous deformation and consequently better

ductility. The weakened texture of this alloy is a result of the alloying (i.e., Ca and Ce) and the well-

designed thermomechanical processing [6]. Similarly, Sandlobe et al. [38] observed less intense

basal texture in the hot-rolled Mg-Y alloy, which also leads to more homogeneous deformation and

much-improved ductility compared with pure Mg. Moreover, we noticed that the RD tension led

to a further texture weakening, as evidenced by comparing the PFs at various deformation stages

(Figure 5.2). For example, the basal pole spreading is much more apparent in the fractured sample

compared to the non-deformed counterpart. The further weakened texture also indicates the strong

dislocation activities during RD tension, which results in the dislocation-assisted grain rotation

[100, 121].

Second, the fine grain size could improve ductility. As shown in Figure 5.2 and Figure A.5, the

grain size in the ZXEM2000 alloy (5.47 µm) is much smaller than the baseline materials (25.35

µm in pure Mg and 14.24 µm in AZ31 alloy) [62]. The finer grain size is resulted from the multi-

stage rolling process. Moreover, the high density of uniformly dispersed precipitates could hinder

grain boundary motion (Zener pinning), hence reduce grain growth during annealing [6]. Fine

grain-sized Mg has been reported to exhibit improved ductility because the high volume fraction

grain boundaries can reduce the critical resolve shear stress gaps among different slip systems

(e.g., basal < a > v.s. pyramidal < c + a >). This in turn leads to reduced plastic anisotropy

and consequently improved ductility [122, 47, 123]. We note that the presence of fine precipitates

has duo roles on ductility in our alloy. Dispersion of precipitates are known to have strengthening

effect, but accompanied with the decreased ductility. On the other hand, the precipitates resulted in

finer grains, which is beneficial to improved ductility. Since the ZXEM2000 alloys is much more

ductile than pure Mg and AZ31, we infer that the precipitates do not significantly deteriorate the

ductility and its effect to retain small grain size prevails.

Third, the reduced twinning can also contribute to the exceptional ductility. In contrast to

the pure Mg and AZ31 (Figure A.7) [62], less apparent twins were observed even at the fracture
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stage in this new alloy (Figure 5.2c). Since the twin-grain boundary and twin-twin interactions

could create local stress concentration, they can act as crack nucleation sites [101, 102, 45]. The

reduced twinning can delay fracture by avoiding twin-related local stress concentration. The lack

of TTs in the post-deformed ZXEM2000 alloy is rather unexpected. This is because this alloy

exhibits a weaker texture, which should encourage TT formation in the off-basal grains as they

have higher twin Schmid factors. There are two possible reasons for the suppression of TT: i)

Alloying elements (e.g., Ce) could reduce the CRSS of prismatic < a > and pyramidal < c+ a >

slips [38], rendering them competing with TT; ii) Smaller grain size in the ZXEM2000 could

suppress the TT [62]. It is well known twinning is more difficult to activate in smaller grains

[80, 57, 14]. Hence, the new alloy with smaller grain size has less propensity to twin.

Fourth, the increased cross-slip frequency of < c+ a > dislocation could lead to the improved

ductility. As shown in Figure 5.4a, two representative TEM WBDF micrographs reveal different

< c > component morphologies by exciting the [0002] reflection in the ZXEM2000 alloy and pure

Mg. Noted the < c > components are largely from the < c + a > dislocations or decomposed

from < c + a > dislocations [11]. The < c + a > dislocations are less inclined to bound on the

basal planes in the ZXEM2000 alloy than pure Mg. Three micrographs from each sample were

selected to statistically quantify such differences. As shown in the histogram (Figure 5.4b), the

< c+ a > dislocations cross-slip frequency (the total non-basal-bound segment length divided by

the basal-bounded segment length) in ZXEM2000 is approximately 7 times of that in pure Mg. In

the pure Mg, Wu and Curtain [10] used molecular dynamics (MD) simulations and predicted the

< c + a > dislocation core is metastable and undergoes a thermal-assisted core transition from

pyramidal to the basal plane. In this case, the alloying elements may modify the stacking fault

energy and < c + a > dislocation core stability, which may increase the energy barrier for such

unfavored glissle-to-sessile transformation. Therefore, the < c+ a > dislocations in the new alloy

are more mobile and could cross slip more frequently in the ZXEM2000 alloy, resulting in a more

sustainable deformation.
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Figure 5.4: (a) Representative TEM WBDF micrographs (using g = [0002]) revealing the < c >
component in ZXEM2000 and pure Mg. (b) Histogram showing the < c + a > dislocations cross
slip frequency (total non-basal-bound segment length divided by basal-bound segment length) for
ZXEM2000 and pure Mg. Yellow dashed line perpendicular to the [0002] g vector corresponds to
the projection of basal planes.

5.5 Conclusions

The ZXEM2000 alloy exhibits excellent ductility compared to pure Mg and AZ31 under the

rolling direction tension. Its microstructural evolution was systemically characterized at the gran-

ular and dislocation levels to understand the fundamental mechanisms that can contribute to the

improved ductility. Based on the above observations, the four key factors are: (1) the weaker tex-

ture, (2) the finer grain size, (3) the reduced twinning, and (4) the increased cross-slip frequency

of < c + a > dislocation. This study provides new opportunities to advance the understanding of

the deformation behavior of this class of ZXEM series alloys and guide the future Mg alloy design

to achieve even better room-temperature ductility.
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6. SUMMARY AND FUTURE WORK

In this defense, advanced characterization techniques (SEM, TEM, etc.) were used to study

the activation and suppression of non-basal slips (non-basal < a > and < c + a >) and extension

twinning in deformed pure Mg and Mg alloys. Our observations revealed global Schmid factor

prevails on < c + a > slip, whereas the Schmid factors of individual grains govern the exten-

sion twinning. Meanwhile, alloying could modify the non-basal slip activities (either suppress or

increase the cross-slip frequency) and reduce extension twinning. The fundamental mechanisms

uncovered in this work are anticipated to help guide the future Mg alloy design, especially in the

area of simultaneously achieving high strengthen, high ductility, and improved formability.

6.1 Review of Key Findings

The effect of Schmid factor on the activation and suppression of non-basal slip and extension

twinning (highly-textured AZ31 alloy): 1. For < c + a > dislocation, after normal-direction

(close-to-c-axis) compression, < c + a > dislocations are extensively activated even for those

geometrically unfavored grains; However, the < c + a > dislocations are suppressed even for

those geometrically favored grains in the 45◦ off the normal-direction compression samples. These

observations indicate the dislocation activation in polycrystalline materials behaves very differently

from the single crystal. The activation and suppression of < c + a > dislocations in individual

grains are primarily dictated by the overall texture, rather than the crystallographic orientation

of individual grains. 2. For extension twinning, after the deformation under various conditions

(normal-direction compression and tension, rolling-direction compression and tension, and 45◦

compression), statistical analyses revealed extension twinning generally obeys the Schmid law for

individual grains, regardless the global stress state favors extension twinning or not. The strong

dependence of extension twinning on the Schmid factor is in contrast to the above weak correlation

of < c+ a > dislocations and Schmid factor in the same material system.

The effect of non-RE alloying on the activation and suppression of non-basal slip and extension
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twinning and their influence on the sample ductility (pure Mg and AZ31): Systematic tilting ex-

periments and statistical analyses of multiple grains at different strain levels revealed a significant

disparity of non-basal dislocation activities between pure Mg and AZ31. For pure Mg, < c+ a >

dislocations were activated since the early stage of plastic deformation. The < c + a > disloca-

tions display a much shorter dissociation distance under tension as compared to the ones reported

from c-axis compression. Increasing strain level appears to promote the cross slip of < c + a >

dislocations. For AZ31, < c+ a > dislocations were largely absent at all strain levels, even in the

strain-to-failure samples. Non-basal < a > dislocations, including prismatic and pyramidal < a >

dislocations, were observed. The promotion of the non-basal < a > dislocation activities and the

suppression of < c + a > dislocations in AZ31 are expected to offer more sustainable harden-

ing, which could elucidate the absence of apparent shear banding and much-improved ductility in

AZ31 compared to pure Mg.

The effect of RE alloying on the activation and suppression of < c + a > dislocation and

extension twinning, and their influence on sample ductility (Mg–2Zn-0.3Ca-0.2Ce-0.1Mn): SEM

and TEM were carried out at selected strain levels to characterize the microstructural evolution.

Compared with the deformed microstructures from the hot-rolled pure Mg and AZ31 alloy at

similar conditions, our results revealed that the high ductility of ZXEM2000 could be attributed

to four key factors: weaker texture, fine grain size, reduced twinning, and increased cross-slip

frequency of < c+ a > dislocation.

Here, we would like to compare the role of < c + a > dislocations in AZ31 and ZXEM2000

alloys. In AZ31, the absence of the sessile < c + a > dislocations could suppress shear banding

and delay the early-stage fracture. In ZXEM2000, the promotion of glissile < c+a > dislocations

(higher cross-slip frequency) could provide sustainable and uniform deformation. Thus, we can

conclude the suppression of sessile < c+ a > dislocations or the promotion of glissile < c+ a >

dislocations are the two general strategies to improve the ductility in Mg alloys.

Taken together, this dissertation explores the roles of Schmid factor and alloying on the op-

eration of non-basal slip and extension twinning in Mg and Mg alloy. Both above deformation
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mechanisms have a significant impact on the ductility and formability of Mg and Mg alloys. The

fundamental mechanisms uncovered in this work are anticipated to help guide the future Mg al-

loy design, especially in the area of simultaneously achieving high strengthen, high ductility, and

improved formability.

6.2 Future Work

Equipped with the knowledge on the effect of Schmid factor and alloy elements on the non-

basal < a > and extension twinning activities, the future work should expand the investigation

of deformation mechanisms in Mg to the mesoscale (e.g., shear banding) and in samples with

chemical non-homogeneity (e.g., solute clustering).

6.2.1 Understanding shear banding in Mg and Mg alloys at dislocation level

Although < c+ a > dislocations in pure Mg can easily become immobile and quickly lose the

ability to accommodate the c-axis compressive strain, Mg does not fail by direct crack opening like

the brittle ceramic fracture. Instead, we noticed shear bands first develop in Mg from the pure Mg

and AZ31 rolling-direction tensile testing (Figure 6.1). Cracks then nucleate and propagate along

with the localized shear bands and lead to failure. Shear banding is a form of plastic instability,

representing considerable plastic strain in thin microscopic bands even when the imposed macro-

scopic deformation is homogeneous. Shear banding occurs when the material cannot strain to

harden in response to the external load. For Mg, several mechanisms have been proposed, suggest-

ing the initiation and formation of shear bands (both localized and delocalized) could be associated

with basal slip, contraction twinning, extension twinning, double twinning, or rotational/dynamic

recrystallization. At room temperature, shear banding in Mg can develop under relatively high

strain rates, as well as under quasi-static rates. The shear bands mostly go through multiple grains

and are 50-100 µm thick. Most strain is stored in the shear bands, from which cracks can nucle-

ate and grow and result in failure. There are some unique features about the shear bands in pure

Mg. First, they are much thicker than the shear bands reported in nanocrystalline, nanotwinned,

and nanolayered metals (in the range of tens or hundreds of nanometers). Second, shear bands
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in pure Mg can form at low strain rates, suggesting they may not be adiabatic shear bands, and

thermal softening may not be the predominant mechanism for strain localization. These peculiar

characteristics render the shear bands in pure Mg scientifically interesting, and new deformation

mechanisms may be discovered.

Figure 6.1: DIC results from a tensile test of a pure Mg sample at different stages deformed along
the rolling direction. The color bar shows the Von Mises strain range, from 0 to 15%.

6.2.2 Investigating the atomic scale solute cluster interaction with dislocation in Mg alloy

Introducing precipitates is an effective method to engineer the mechanical properties of alloys.

The profuse distribution of precipitates can impede dislocations and twins via the Orowan effect.

A similar idea can be adapted to solute clusters, which can form by aging the solution-treated Mg

alloys. Solute clusters do not have a well-defined crystallographic structure. Hence they cannot

be categorized as precipitates. The solute segregates in the Mg matrix are expected to hinder the

movement of dislocations. To date, limited work has focused on the solute clustering in Mg (in

contrast to a large amount of literature on the solute cluster strengthening in Al alloys). Some recent

work has demonstrated the high potency of cluster strengthening in Mg alloys. How dislocations
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(e.g., basal < a > and < c + a >) interact with the solute clusters is unknown. Recently, we

chose Mg-Zn-Zr (ZK40) alloy as a model material to study the solute cluster strengthening effect.

ZK40 alloys were first solution treated then aged at 200 ◦C for different durations. The atomic-

level HAADF-STEM observation indicates the solute clusters segregate near the precipitate, but

no solute clusters were observed in the matrix. We plan to move on to the Mg-Zn-Ca system,

which has demonstrated the presence of Zn-Ca-rich clusters. Due to the high number density

and, consequently, the small inter-cluster distance, cluster strengthening is anticipated to further

increase the strength to a level that cannot be achieved through the classical solid solution and

precipitate strengthening.
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APPENDIX A

SUPPLEMENTARY DATA

Figure A.1: (a) (d) EBSD IPF maps (out-of-plane crystal orientation) of the highly textured AZ31
alloy deformed under twinning-favored conditions (rolling direction (RD) compression and nor-
mal direction (ND) tension); (b) (e) Tension twin (TT) Schmid factor (SF) maps created based
on the IPF maps and loading directions; (c) (f) Tension twin (blue) and compression twin (red)
distribution.
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Figure A.2: (a) (d) EBSD IPF maps (out-of-plane crystal orientation) of the highly textured AZ31
alloy deformed under twinning-unfavored conditions (normal direction (ND) compression and
rolling direction (RD) tension); (b) (e) Tension twin (TT) Schmid factor (SF) maps created based
on the IPF maps and loading directions; (c) (f) Tension twin (blue) and compression twin (red)
distribution.
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Figure A.3: (a) EBSD IPF maps (out-of-plane crystal orientation) of the highly textured AZ31
alloy deformed under 45◦ off normal direction compression (45◦ Compression); (b) Tension twin
(TT) Schmid factor (SF) maps created based on the IPF maps and loading directions; (c) Tension
twin (blue) and compression twin (red) distribution.

Figure A.4: The thermal process window for ZXEM2000 alloy.
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Figure A.5: EBSD IPF maps (out-of-plane crystal orientation) of initial (a) pure Mg and (b) AZ31
microstructures, along with the corresponding (0001) pole figures and misorientation angle distri-
butions.

96



Figure A.6: HADDF-STEM image of precipitates and the corresponding STEM-EDS map.
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Figure A.7: EBSD IPF maps (out-of-plane crystal orientation) of (a) fractured pure Mg and (b)
AZ31 microstructures, along with the corresponding (0001) pole figures and misorientation angle
distributions.
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