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ABSTRACT 

High-energy particles introduce significant damage to nuclear structural materials 

and eventually lead to the failure of the materials. Austenitic stainless steels, as a widely 

used structural material in current nuclear reactors, are face-centered cubic (FCC) metals 

with very low stacking fault energy (SFE) that are known to be very vulnerable to 

irradiation damage. Therefore, it is critical to understand the damage mechanisms and to 

improve the irradiation resistance of those materials. To achieve the goal, both mechanical 

properties and irradiation response of nanostructured Ag and Au, which are typical FCC 

metals with low SFE, are investigated.  

Mechanical properties. Ag/Fe multilayers with individual layer thicknesses (h) 

varying from 1 to 200 nm have been fabricated. The microstructure and mechanical 

strength of the multilayers have been studied. Comparison of mechanical strength of 

several Ag based multilayers reveals that this drastic difference may arise from chemical 

stress due to the difference in stacking fault energy of the layer constituents.  

Irradiation response. By using in situ irradiation technique in a transmission 

electron microscope, it has been shown that NT Ag has significantly improved irradiation 

tolerance comparing with its coarse-grained counterpart. The surprising resilience of TBs 

in response to radiation has been revealed. Besides, defect distribution shows a clear 

dependence on twin thickness. Moreover, irradiation tolerance of NT Ag can be further 

improved by mixing merely 1 at% of Fe solute atoms into Ag matrix. Similar to NT Ag, 

NP Au also exhibits the improved irradiation tolerance as compared to coarse-grained, 
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fully dense Au. In situ studies show that nanopores can absorb and eliminate a large 

number of irradiation-induced defect clusters. Besides, it has been shown that both defect 

density and nanopores evolve with radiation temperature. The sink strength of nanopores 

as a function of temperature is estimated. Moreover, NP Au exhibits significantly 

enhanced swelling resistance compared to coarse-grained Au. Potential mechanisms for 

temperature dependent radiation resistance of NP metals are discussed. 

This dissertation serves as a fundamental understanding of both mechanical 

properties and irradiation response in FCC metals with low SFE and assists the design of 

advanced nanostructured materials with enhanced radiation tolerance. 
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CHAPTER I 

INTRODUCTION AND LITERATURE REVIEW 

1.1 Challenges in nuclear reactor materials 

About 4 trillion Kilowatt-hours of electricity is generated in the United States in 

2016, and 65% was generated from fossil fuels, including coal, natural gas, and petroleum 

[1]. Fossil fuels are non-renewable, and the use of such materials accounts for more than 

30% of the carbon entering the atmosphere every year. In comparison, clean and 

renewable energy sources, such as wind, solar, geothermal and nuclear, cause less 

environmental concerns, but can only provide a small fraction of the energy consumed at 

present. Clearly, the development of clean and renewable energy is of great importance. 

Nuclear energy as a clean power source provides only about 13% of electricity generated 

worldwide [2] (about 20% in the US in 2016 [1]). To promote the operation of the nuclear 

plants for more energy, next-generation nuclear reactors demand the improvement of fuel 

performance underpinned by advanced structural materials that can sustain under extreme 

irradiation environment [3, 4]. Materials used in the future reactors must survive at a much 

greater irradiation dose, 400-600 displacements-per-atom (dpa), during a service lifetime 

of ≥ 80 years. Unfortunately, most materials used in the present nuclear reactors have only 

been studied in a relatively low dose-range, from several to ~ 200 dpa.  

Upon irradiation by the high-energy particle, such as electrons, protons, neutrons, 

and ions, a tremendous number of defects, including point defects and small clusters, are 

produced in the materials [5]. These defects can migrate and react with other defects and 



2 
 

evolve into defect clusters, such as dislocation loops, dislocation networks and voids [6-

8]. As a consequence, significant microstructural damages are introduced in the irradiated 

materials, such as void swelling that may change a material’s dimension (such as swelling), 

and phase segregation and precipitation. These microstructural damages can significantly 

degrade both mechanical properties and corrosion resistance of irradiated materials [9-18]. 

Although extensive studies over the past several decades have shown that the magnitude 

of microstructural damage varies drastically for various materials, no materials are 

immune to irradiation damage to date. Therefore, the understanding of the irradiation 

damage is the key to the design advanced materials for advanced nuclear reactors. 

1.2 Irradiation response of metals 

The degradation in both mechanical and structural stability of reactor materials is 

caused by various types of defects. Therefore, to study the mechanisms of irradiation-

induced damage, it is important to understand the nature of defects generated during 

irradiation. Besides, the microstructural evolution of a material under irradiation depends 

on its crystallographic structure. Most metallic materials used in nuclear reactors have one 

of three crystallographic structures, including face-centered cubic (FCC) and body-

centered cubic (BCC), and hexagonal close packed (HCP) structures. In this section, the 

fundamentals of ion-solid interaction will be briefly introduced followed by the review of 

the primary types of irradiation-induced defects based on the crystal structure of irradiated 

metallic materials. 
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1.2.1 Fundamentals of ion-solid interaction 

Ion-solid interaction has been widely studied since 1911 when Rutherford reported 

his famous study on the scattering of particles in the matter [19]. Later, the first theoretical 

concepts that describe the interaction of particles with solids were given by Thomson and 

Bohr during 1912-1913 [20, 21]. After a century, the field of ion-solid interaction has 

become more matured [22, 23]. Fig. 1.1 is a schematic that shows some of the possible 

consequence of ion-solid interactions. When an energetic incident particle penetrates into 

a material, it will interact with lattice atoms. The kinetic energy, E, transferred from the 

incident particle to the first lattice atom that encounters the incident particle forces the 

lattice atom to leave its lattice site, and this first displaced atom is called primary knock-

on atom (PKA). If the amount of energy E transferred to a PKA is smaller than the 

minimum energy that required to create a displacement. i.e. the threshold displacement 

energy, Ed, the PKA only undergoes vibrations and stays in its original position. However, 

if E is larger than Ed, the PKA will be displaced and a Frenkel pair, which consists a 

vacancy and a self-interstitial atom (SIA), will be created [12, 24, 25]. The fundamental 

properties of vacancies and SIAs are critical to study irradiation-induced damage in 

materials. Compare to vacancies, SIAs possess high diffusion coefficient and larger 

relaxation volume. Higher diffusion coefficient leads to a phenomenon of temperature-

dependent irradiation damage accumulation, and larger relaxation volume makes SIAs 

react more readily with other defects, such as grain boundaries, and sometimes results in 

a supersaturated vacancy concentration, which is the origin of irradiation-induced void 

swelling.  
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In addition to the creation of Frankel pairs, a PKA with high energy will 

continuously bombard other atoms, leading to the formation of secondary or tertiary 

knock-on atoms. The multiple displacement sequences of knock-on events are generally 

referred to as displacement cascades as shown in Fig. 1.2. The Kinchin-Pease method, 

which based on hard-sphere model, is used broadly to estimate the number of displaced 

atoms, Nd (E), which created from one cascade by a PKA with energy E [26]. The relation 

between Nd (E) and E can be described by the displacement damage function, as shown in 

Fig. 1.3 [12, 27-29]. 

 

  

Fig. 1.1. Schematic of ion-solid interactions. 
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Fig. 1.2. A schematic showing two-dimensional displacement cascade (Reprinted with 

permission from [12]). 

 

 

Fig. 1.3. A graphical representation of the number of displaced atoms in the cascade as a 

function of PKA energy according to the displacement damage function as shown on the 

right side Ec is the cut-off energy that can be determined by the mass of target atoms [12, 

27-29] (Reprinted with permission from [12]). 

 

The Kinchin-Pease model has been widely applied in SRIM simulations to 

estimate the damage created during irradiation. However, this model ignores the effect of 
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the electronic stopping as well as the crystal structure. Electronic stopping describes the 

energy loss caused by retarding force acting on a PKA due to the inelastic collisions 

between bound electrons in the materials. However, such an effect is minor and negligible 

when estimating irradiation damage. In comparison, the crystal structure plays a more 

important role. The energy required to displace an atom depends on the crystallographic 

directions. For instance, in an FCC structure as shown in Fig. 1.4a, an atom in the lower 

left-hand corner (the struck atom) has three possible migration paths, which along <100>, 

<110> and <111>, respectively, after receiving energy from a collision. Fig. 1.4b shows a 

variation of potential energy along <111> direction. Generally, different crystal direction 

possesses different displacement energy. Take Cu as an example, Fig. 1.4c shows the 

dependence of threshold energy (eV) on crystal orientation in Cu [30]. The data indicates 

that the threshold displacement energy is lower if the struck atom migrates following a 

line of atoms in the crystal. The minimum threshold energy in Cu is 19 eV, which is along 

<100> direction.  
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Fig. 1.4. (a) Displacement of a lattice atom recoiling from a collision with an energetic 

atom; (b) potential energy along the <111> direction [31] (Reprinted from [31] with 

permission from Elsevier). (c) The dependence of threshold energy (eV) on crystal 

orientation in Cu (Reprinted form [30]). 

 

When estimating the damage induced by energetic particle bombardment, one has 

to take the type of energetic particles into consideration. In general, several different 

particles are used in the present research, including electrons, protons, heavy ions and 

neutrons. Electrons and protons are light particles that produce isolated Frenkel pairs and 

small clusters compared to heavy ions and neutrons. Because of this, the morphology of 

defects, in terms of type, size and density, which induced during collision vary from one 

type of particles to another. The comparison of the irradiation-induced defects by neutrons, 

heavy ions and electrons, is reviewed in details in Chapter 1.2.3.  

Neutron irradiation-induced damage is the major issue in the design of structural 

materials for nuclear reactors. Therefore, it is necessary to investigate the microstructure 

evolution of materials under neutron irradiation. However, neutron irradiation study takes 

a long period due to its low dose-rate, and it is very expensive. From the scientific point 

of view, using electrons, protons and heavy ions to simulate neutron irradiation is more 
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efficient. However, each type of irradiation has its advantages and disadvantages. A brief 

description is given below: 

(1) Electron irradiation 

 Pros: easy access 

 Cons: beam energy is low; damage profile is not uniform 

(2) Proton irradiation 

 Pros: Broadly spaced cascades which close to that under neutron irradiation; 

deeper penetration depth. 

 Cons: low damage rate 

(3) Heavy ion irradiation 

 Pros: high damage rate, relatively low cost 

 Cons: limited penetration depth of ions; significant temperature shifts due 

to high dose-rate 

1.2.2 Role of irradiation temperature and SFE on microstructure evolution 

1.2.2.1 Role of irradiation temperature 

Microstructure evolution largely depends on irradiation temperature. There are 

several distinct temperature regimes that are differentiated by the onset migration of point 

defects. Five major defect recovery stages have been identified by measuring the electrical 

resistivity as a function of isochronal annealing temperature of materials which irradiated 

at very low temperature, near the absolute zero degrees [5, 32, 33]. Two models have been 

proposed to explain such a phenomenon. One is “conversion two interstitial model”, and 
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another is “one interstitial model”. The later one is now widely accepted. Based on one 

interstitial model, the five stages stand for: 

Stage I: onset of long-range SIA migration 

Stage II: small SIA clusters and SIA-impurity complexes migration 

Stage III: onset of vacancy migration 

Stage IV: vacancy-impurity clusters migration 

Stage V: thermal dissociation of sessile vacancy clusters 

During Stage I, vacancies and mobile SIAs start to recombine. The annihilation of 

vacancy-SIA leads to the concentration of point defects decreases drastically. At Stage II, 

the survived SIAs combine together and form SIA clusters. Vacancies start to migrate at 

Stage III, and interact with SIA clusters. As a result, SIA clusters begin to disappear. 

During Stage IV, vacancies aggregate together and form vacancy cluster. Finally, at Stage 

V, vacancy clusters dissociate. Large clusters become individual vacancies. It should be 

noted that Stage I, III and V generally have a narrower range compared to Stage II and IV 

in neutron irradiated materials. The reason is that during neutron irradiation, an enormous 

amount of vacancies is produced during collision cascade. Those vacancies are away from 

interstitials. Therefore, the recombination between vacancies and SIAs becomes hard. The 

amount of recovered point defects is limited in Stage I. Instead, the cluster of vacancies 

and SIAs are easy to form, and Stage II and IV become wider. For electron irradiation, 

since the major defects created are Frankel pairs, 90% of defects recovered in Stage I. Fig. 
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1.5 shows the five defect recovery stages in an ideal case (a) and defect recovery of high 

purity iron with different carbon concentrations (b) [34]. 

In many cases, Stage I consists of five smaller stages. The first three stages 

correspond to the close-pair recombination of Frenkel defects created in the same 

displacement event, and the last two stages are dominated by long-range recombination of 

defects from different displacement events. In addition, the specific recovery stage 

depends on the annealing time. Therefore, the onset temperatures for defect migration in 

neutron irradiation experiments should be adjusted to lower values. The experimental 

values of each temperature stage for most materials can be found at [35]. 

 

 

Fig. 1.5. (a) Five defect recovery stages in an ideal case. (b) Defect recovery of high purity 

iron with different carbon concentrations (Reprinted with permission from [34]). 
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Fig. 1.6. Temperature-dependent void swelling behavior in Fe and Ni (Reprinted from [36] 

with permission from Elsevier). 

 

Among the five stages, two regimes are of great importance for the study of 

irradiation damage. In one regime the irradiation temperature T is located between Stage 

III and Stage V (Stage III < T < Stage V). In this regime, both vacancies and SIAs are 

mobile, and the evolutions of defect clusters are very complicated. In FCC metals, the 

predominant features in this regime are dislocation loops (vacancy and interstitial type) 

and SFTs. Especially, for FCC metals with medium-to-high atomic numbers, most of the 

vacancies are bundled in sessile vacancy clusters, such as SFTs and loops that are created 

directly during energetic displacement cascade under neutron or heavy ion irradiation. As 

a result, most of the dislocation loops formed at this temperature regime are interstitial in 

nature. Void swelling is strongly suppressed. In BCC metals, since SFTs are difficult to 

form, the major defects are dislocation loops (vacancy and interstitial type) and voids. 

Since a cascade in BCC structures creates only small amount of sessile defect cluster, the 
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formation of vacancy loops and void swelling are pronounced. However, void swelling is 

typically very limited, < 1%, at this temperature regime due to the high probability of 

interaction between vacancies and SIA clusters [5, 37]. Another decisive temperature 

regime is T ≥ Stage V. Since sessile vacancy clusters, such as SFTs, are thermally unstable 

at this regime, the primary defect types are dislocation loops (vacancy and interstitial type), 

dislocation networks and cavities. The most important difference from lower temperature 

regimes is the appearance of significant void swelling. For many metallic materials, the 

peak swelling temperature happens around Stage V. The swelling will be less pronounced 

if the temperature becomes very high. Fig. 1.6 shows the temperature-dependent void 

swelling behavior in Fe and Ni [36]. More details for void swelling in FCC, BCC and HCP 

metals are discussed in the following Chapter 1.2.3. 

1.2.2.2 Role of SFE 

1.2.2.2.1 Overview of SFE 

A stacking fault will be created if the normal stacking sequence of atomic planes 

in a crystal is interrupted. This stacking fault carries a certain energy named the stacking 

fault energy (SFE), γ, which is a material property. In general, SFE is affected by several 

major factors, including bonding energy, alloying elements and their concentrations, 

electron-to-atom ratio (e/a), atomic radius, and so on [38]. Generally speaking, the larger 

the metallic bonding energy, the more difficult the crystal will be to form stacking faults 

[39]. The alloying element effect and e/a ratio effect are briefly discussed below. 

Alloying elements. It has long been established that the addition of alloying 

elements significantly lowers the SFE of most metals. The form of the variation with B-
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group solutes in all cases follows the pattern established in the earliest studies in that SFE 

decreases with increasing solute concentration [40, 41]. Liu and Gallagher have expressed 

the relationships between stacking fault probability (α), SFE (γ), and alloying 

concentration in binary alloy systems through the following equations [41], 

ln𝛼 = ln𝛼0 + 𝐾𝛼[𝐶/(1 + 𝐶)] ,                  (1.1) 

ln𝛾 = ln𝛾0 + 𝐾𝛾[𝐶/(1 + 𝐶)]2 ,                  (1.2) 

where α0 and γ0 are stacking fault probability and SFE, respectively, for pure metals. 𝐾𝛼 

and 𝐾𝛾 are the experimental constants. C = X/X*, where X (at%) is the concentration of 

the alloying element, and X* (at%) is the solubility limit at either the peritectic or the 

eutectic temperature. Note that, if a system that exhibits complete mutual solubility, such 

as Ag-Au, it cannot be analyzed through the above equations because the solubility limit 

X* in such systems cannot be properly established.  

𝐾𝛼 is usually within the range of 6.2 ± 0.5 for many reported transition elements 

with cubic structures, such as Al and Sn, when alloying with Ag [40, 41]. 𝐾𝛼 is normally 

smaller with the alloying elements exhibit hexagonal close-packed (HCP) structure, such 

as Mg and Zn. Clearly, adding alloying elements will increase the stacking fault 

probability α. Kγ in general is a negative value for cubic-structure elements. For HCP 

systems, Kγ is larger, and in some cases, becomes positive. Therefore, SFE in Eq. (2) 

decreases with adding alloying elements. For a brief summary, Eq. (1) and (2) show that 

the stacking fault probability will be increased and, in many cases, SFE will be decreased 

by addling alloying elements. As a results, the probability of twinning increases. 
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Electron-to-atom ratio, e/a. There are many physical properties that are closely 

related to e/a ratio, such as elastic constants, flow stress, activation energy for diffusion, 

stress corrosion cracking and SFE [42]. In close-packed systems, it is the dissociation of 

a dislocation into two partials that creates a stacking fault. However, the formation of 

stacking faults is not simple especially in B-group elements. The competition between 

energetically comparable structures decides the existence of stacking faults. Generally 

speaking, the number of d electrons per atom is decisive to the favorable structures, such 

as stacking faults, compared to s electrons. The SFE is, therefore, expected to be e/a-

dependent. In an alloy, assume the valences of the solute and solvent atoms are Z1 and Z2, 

respectively, then the e/a ratio can be calculated as e/a = (1 - x)Z1 + Z2 = 1 + xΔZ [40], 

where x is the solute content in at%. Many previous studies have confirmed that the larger 

the e/a ratio is, the lower the SFE and the higher the stacking fault probability will be. For 

instance, Gallagher has shown that the SFE value of Ag alloys, such as AgAl, AgZn, and 

AgSn, decreases with increasing e/a ratio [40]. Similar results have been reported by 

Thornton et al. and other researchers in both Cu-based and Ag-based alloys [38, 42, 43]. 

It is worth mentioning that e/a ratio is used as a normalizing parameter in the study of SFE. 

If the data of SFE or stacking fault probability is plotted as a function of the concentration 

of an alloying element, both γ and α will show a large scattering from one alloy species to 

another.  

1.2.2.2.2 The importance of SFE in irradiation study 

SFE is an important parameter in the investigation of irradiation damage in 

metallic materials. During collision cascade, the microstructural evolution is significantly 
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determined by the ratio of glissile SIA clusters created [44-46]. The ratio is typically very 

high in BCC metals, and the ratio is very low in FCC metals with low SFE because sessile 

clusters can be stabilized in the form of Frank loops. Therefore, a high-density of Frank 

loops may be created under irradiation in low SFE metals, and this will increase the 

number of residual defects [47]. As a result, FCC metals with low SFE appear more 

irradiation vulnerable. 

The stable configuration of defects is also affected by the SFE. For instance, SFTs 

are frequently observed in FCC metals and alloys with low SFE, such as Ag, Au, Cu and 

stainless steels [8, 11, 48-52]. The formation mechanisms of SFTs have been widely 

studied. In the classical Silcox-Hirsch model, SFTs originate from Frank loops by gliding 

of Shockley partials and form stair-rod dislocation (1/6 <110>). The energy difference 

between a perfect loop and a faulted loop (Frank loop) is  

2 2 41 2
ln 2

3 2(1 )
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E r b r
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
  



  
     

               (1.3) 

where ΔE is the energy difference, μ is the shear modulus, b is the burger’s vector, rL is 

the radius of the faulted area, ν is the passion ratio, rc is the core size of the dislocation 

and SFE is indicated by γSFE. Previous calculations showed that vacancy clusters in FCC 

metals can be either a stacking fault tetrahedra (SFTs), Frank loops, voids or perfect loops 

depending on the SFE and other factors [6, 53]. According to the above equation, if ΔE < 

0, faulted loops is more favorable. Therefore, SFTs are very likely to be created during 

irradiation if SFE is low. 



16 
 

The formation of SFTs during irradiation poses a major challenge on nuclear 

reactor structural materials because SFTs are very stable, and the removal of them requires 

high-temperature annealing, annihilation by interstitials or mobile dislocations. Also, the 

interactions between mobile dislocations and SFTs can modify the mechanical properties, 

such as strengthening, plastic instability and so on [54-56]. Austenitic stainless steel, as a 

widely used structural material in current nuclear reactors, has FCC like structure with 

very low SFE. So, it is critical to clarify the characteristic features of the defect formation 

process in such as austenitic stainless steel. Clearly, the investigation of the effect of the 

SFE on damage accumulation during irradiation is nontrivial. 

1.2.3 Irradiation damages in metals with different crystal structure 

1.2.3.1 Irradiation-induced defects in metals with face-centered cubic (FCC) 

structures 

FCC metals, such as austenitic stainless steels, Ni alloys and Cu, are widely used 

as structural materials in nuclear reactors, and the related theoretic calculation, 

experimental as well as computer simulation studies have been extensively performed [2, 

36, 57-59]. Materials with monolithic structures, such as Cu, Al, Au, etc., are normally 

used as model systems to demonstrate the irradiation response in FCC metals. In general, 

there are two benefits in the investigation of these monolithic metals. First, comparison 

studies can be carried out for materials with different SFEs. The SFE is an important 

parameter, as briefly described in the previous chapter, that could be critical for the 

improvement of irradiation resistance. Second, defect behavior during irradiation is 
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relatively straightforward in those monolithic systems because the effect from chemistry, 

such as second phases, can be excluded. 

1.2.3.1.1 The formation and migration energies of point defects in FCC metals 

Upon exposure to high-energy particle bombardments, a tremendous number of 

defects, including point defects and small clusters, are produced in the materials [12, 36]. 

Although the defects created by the lower-energy recoils tend to recombine immediately 

after the displacements cascades, the majority of defects produced by higher-energy 

recoils remain. Those stable defects will eventually evolve into large defect clusters. Fig. 

1.7 shows possible positions of interstitials, including 3 types of dumbbells, a crowdion, 

a tetrahedral and an octahedral position in FCC metals. Table 1.1 summarizes point defect 

formation and migration energy as well as the variation of free volume induced by these 

point defects.  

 

 

Fig. 1.7. Interstitial sites in FCC metals. (a) <111> dumbbell; (b) <110> dumbbell; (c) 

<100> dumbbell; (d) crowdion; (e) tetrahedral; and (f) octahedral position.  
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Table 1.1. The formation and migration energies of vacancies and interstitials. 

𝑬𝑽
𝑭- vacancy formation energy;             𝑬𝑰

𝑭- interstitial formation energy; 

𝑬𝑽
𝑴- vacancy migration energy;            𝑬𝑰

𝑴- interstitial migration energy 

𝑽𝑺𝑰𝑨
𝒓𝒆𝒍  - relaxation volume for self-interstitials 

 

 𝑬𝑽
𝑭 (eV) ref 𝑬𝑽

𝑴 (eV) ref 𝑬𝑰
𝑭 (eV) 

 - dumbbell 

(<100>, <110>, 

<111>) 

𝑬𝑰
𝑭 (eV) 

- crow/ 

tetra/ 

octa 

ref 

Cu 1.3 – 

1.31 

[60]   2.75  [60] 

1.28 – 

1.3 

[61] 0.72 [61] 2.76  [61] 

1.28 [62] 0.71 [62]    

  1.19 [63]    

  0.67 – 0.72 [64]    

0.92 – 

1.31 

[35] 0.67 – 0.76 [35]    

1.33 [65]      

1.28 [66]      

1.28 [67]      

    2.17 – 4.92 2.44 – 

4.77 

[68] 

1.18 – 

1.31 

[69]   2.47 – 3.39 3.4 – 

5.46 

[69] 

1.42 [70] 0.82 [70] 2.61  [70] 

1.38 [71]      

1.30 – 

1.31 

[72]      

1.27 [73] 0.8 [73] 2.2  [73] 

Ag 1.1 [60]   2.59  [60] 

0.97 – 

1.1 

[61] 0.83 [61] 3.92  [61] 

1.13 [62] 0.66 [62]    

  0.65 [63]    

  0.67 [64]    

1.06 – 

1.19 

[35] 0.55 – 0.88 [35]    
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Table 1.1. Continued 

 𝑬𝑽
𝑭 

(eV) 

ref 𝑬𝑽
𝑴 (eV) ref 𝑬𝑰

𝑭 (eV) 

 - dumbbell 

(<100>, 

<110>, 

<111>) 

𝑬𝑰
𝑭 

(eV) - 

crow/ 

tetra/ 

octa 

ref 𝑬𝑰
𝑴 

(eV) 

 

𝑽𝑺𝑰𝑨
𝒓𝒆𝒍   

() 

Ag 1.24 [65]        

1.11 [66]      

1.11 [67]      

    2.10 – 4.50 3.05 

– 

6.30 

[68] 

1.02 – 

1.16 

[69]   2.24 – 3.09 3.04 

– 

4.86 

[69] 

1.37 [70] 0.54 [70] 2.20  [70] 

1.10 [71]      

1.10 – 

1.16 

[72]      

Au 0.86 – 

0.9 

[60]   2.54  [60] 0.06 1.80 

1.03 – 

0.9 

[61] 0.71 [61] 2.46  [61] 

0.95 [62] 0.83 [62]    

  0.59 [63]    

  0.77 – 

0.85 

[64]    

0.89 – 

1.02 

[35] 0.62 – 

0.94 

[35]    

0.82 [65]      

0.89 [66]      

0.93 [67]   2.24 – 3.72 2.73 

– 

5.54 

[68] 

0.92 – 

0.97 

[69]   2.15 – 2.99 2.91 

– 

4.17 

[69] 

2.75 [70] 0.71 [70] 3.81  [70] 

0.97 [71]      

0.94 – 

0.97 

[72]      
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Table 1.1. Continued 

 𝑬𝑽
𝑭 

(eV) 

ref 𝑬𝑽
𝑴 (eV) ref 𝑬𝑰

𝑭 (eV) 

 - dumbbell 

(<100>, 

<110>, 

<111>) 

𝑬𝑰
𝑭 

(eV) - 

crow/ 

tetra/ 

octa 

ref 𝑬𝑰
𝑴 

(eV) 

 

𝑽𝑺𝑰𝑨
𝒓𝒆𝒍   

() 

Ni 1.6 – 

1.62 

[60]   4.61  [60] 0.14 1.98 

1.6 – 

1.63 

[61] 1.08 [61] 5.05  [61] 

  1.07 [63]    

  1.04 – 

1.25 

[64]    

1.45 – 

1.8 

[35] 1.03 – 

1.3 

[35]    

1.77 [65]      

1.78 [66]      

1.79 [67]      

1.49 [74] 1.32 [74] 4.08  [74] 

1.72 [71]      

1.6 – 

1.7 

[72]      

Pd 1.38 – 

1.4 

[60]   3.61  [60] 0.08 1.44 

1.4 – 

1.44 

[61] 0.82 [61] 3.42  [61] 

  1.42 [63]    

  1.21 [64]    

1.70 – 

1.85 

[35] 1.03 [35]    

1.65 [65]      

1.85 [66]      

       

Pt 1.48 – 

1.5 

[60]   4.67  [60] 0.06

3-

0.07 

2.05 

1.5 – 

1.68 

[61] 0.85 [61] 3.51  [61] 

1.51 [62] 1.43 [62]    

  1.35 [63]    

  1.36 – 

1.46 

[64]    
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Table 1.1. Continued 

 𝑬𝑽
𝑭 

(eV) 

ref 𝑬𝑽
𝑴 (eV) ref 𝑬𝑰

𝑭 (eV) 

 - dumbbell 

(<100>, 

<110>, 

<111>) 

𝑬𝑰
𝑭 

(eV) - 

crow/ 

tetra/ 

octa 

ref 𝑬𝑰
𝑴 

(eV) 

 

𝑽𝑺𝑰𝑨
𝒓𝒆𝒍   

() 

Pt 1.15 – 

1.6 

[35] 1.13 – 

1.48 

[35]      

1.45 [65]      

1.32 [66]      

1.35 [67]      

1.51 [73] 1.43 [73] 3.5  [73] 

Al 0.7 [60]   1.93  [60] - 2.03 

0.67 [62] 0.62 [62]    

  1.17 [63]    

  0.58 - 

062 

[64]    

0.62 – 

0.77 

[35] 0.55 – 

0.65 

[35]    

0.67 [67]      

    1.63 – 4.03 2.44 

– 

4.77 

[68] 

0.66 [70] 0.41 [70] 2.33  [70] 

0.65 [71]      

0.66 [72]      

0.66 [73] 0.62 [73] 3.2  [73] 

 

Several important conclusions for FCC metals can be obtained from Table 1.1: 

1. Vacancy migration energy varies between 0.41 to 1.48 eV, while interstitial 

migration energy is significantly smaller, 0.06 - 0.14 eV.  

2. Vacancy formation energy varies between 0.62 to 1.85 eV, which is much smaller 

than interstitial formation energy, 1.63 – 6.30 eV. 
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3. Migration energy of both vacancies and interstitials is less than their formation 

energy.  

The above conclusions indicate an important fact that interstitials exhibit higher 

mobility than vacancies. Vacancies are only mobile at elevated temperatures. The 

consequent result is that defect accumulation is closely related to irradiation temperature. 

A good example is void swelling in FCC metals. Void swelling is sensitive to irradiation 

temperature and usually not expected to occur at low temperature because the mobility of 

vacancies is low, and it is also not expected to happen at very high temperatures due to the 

strong influence of thermodynamic equilibrium processes [36]. Void swelling will be 

further discussed in Chapter 1.4.4. The volume of a vacancy,
F

VV , is in general less than 

the volume of an individual atom () due to the relaxation of atoms. The difference 

between 
F

VV  and  is then named as the relaxation volume, 
rel

VV , and is typically ~ 0.25 

for FCC metals [75]. The relaxation volume, 
rel

VV , and the activation volume for self-

diffusion, 
SD

VV , of vacancies in FCC metals can be calculated by: 

rel F

V VV V             (1.4) 

𝑉𝑉
𝑆𝐷 = 𝑉𝑉

𝐹 + 𝑉𝑉
𝑀            (1.5) 

where 
F

VV ,
M

VV  are respective activation volume for formation and migration of vacancies. 

As the vacancy migration volume (
M

VV ) is typically 0.1 , the activation volume for self-

diffusion (𝑉𝑉
𝑆𝐷) of FCC metals is ~ 0.85 .  
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When an interstitial is inserted in an FCC lattice, the dilatational expansion volume,

F

SIAV ,is ~ 1.1 , and the relaxation volume for self-interstitials (
rel

SIAV ) can be estimated by:  

rel

SIAV  = 
F

SIAV  + V            (1.6) 

where V is the volume expansion arising from the non-linear elastic strain. As shown in 

Table 1.1, 
rel

SIAV   is typically ~ 2 .   

1.2.3.1.2 Major types of irradiation-induced defects in FCC metals 

The formation of defect clusters is due to the agglomeration of point defects. In 

general, there are four types of microstructures for irradiation-induced vacancies and 

interstitials, including two 2D structures, faulted and perfect dislocation loops, which 

occur for both vacancies and interstitials, and two 3D structures, stacking fault tetrahedra 

(SFTs) and cavities, which occur only for vacancies [36]. For FCC metals with low-to-

intermediate SFE, such as Ag, Au and Cu, faulted dislocation loops with Burgers vector 

(b) of a/3 <111> will be created at the beginning of the irradiation process. Those loops 

are either interstitial-type or vacancy-type in nature, and they are sessile (immobile) loops. 

During irradiation, faulted loops experience unfaulting process that Shockley partials (b = 

a/6 <112>) sweep across the surface of faulted loops and turn them into perfect loops with 

b = a/2 <110>. After unfaulting, perfect loops may gradually change their habit plane from 

{111} to {110} through diffusion, and finally, perfect loops become glissile (mobile). 

Several examples in Fig. 1.8 show the irradiation-induced damage in several FCC metals, 

Cu, Ni and Al, to a similar dose level by different energetic particles, including Kr heavy 
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ions (1 MeV), neutron (> 0.1 MeV) and electrons (1 MeV) [76-82]. Several distinct 

phenomena can be observed: 

(1) A significant number of small dislocation loops are formed in all cases under heavy 

ion irradiation at 273 K [77, 78, 83]. 

(2)  Neutron irradiation at a higher temperature, 455K, produces a similar defect 

morphology but with somewhat lower defect density [79-81]. 

(3) Cu exhibits greater defect density compared to Al under both heavy ion and 

neutron irradiation due to the lower SFE. 

(4) Electrons introduce significantly large faulted dislocation loops (interstitial-type) 

on {111} plane [82]. 

SFTs are only observed in close-packed cubic structures, i.e. FCC structures. SFTs 

are known to have distinct triangular shapes (complete or truncated) and are considered to 

be the most energetically favorable configuration compared to faulted and perfect loops 

when defect cluster size is small [6]. The formation of SFTs relays on three different 

mechanisms. (1) Directly from the vacancy rich cascade during energetic displacement 

[36, 84, 85]. (2) The classic Silcox-Hirsch mechanism where SFTs are formed from 

equilateral triangular vacancy Frank loops by dissociation [86, 87]. However, it is less 

likely that SFTs are created from equilateral triangular vacancy Frank loops in the real 

irradiation cascade. Therefore, another mechanism has been proposed that is (3) from the 

scalene hexagonal vacancy Frank loops [88]. Some examples of SFTs in Ag [89] and Au 

[78] irradiated by 1 MeV Kr ions after 1 dpa are shown in Fig. 1.9.  

 



25 
 

1.2.3.2 Irradiation-induced defects in body-centered cubic (BCC) and hexagonal 

close-packed (HCP) metals 

Many of the BCC metals, such as ferritic steels, ferritic-martensitic (F-M) steel 

and W alloys, are important structural materials that are currently used or proposed as 

candidates in current and future nuclear reactors [128-131]. Besides, Point defect 

production is normally different between cubic systems (FCC/BCC) and HCP systems [18, 

90-93]. The materials with HCP structures, such as Zr-based alloys, are critical structural 

materials that used in the present light water nuclear reactors. Therefore, there is a large 

driving force on the exploration of HCP metals. 

1.2.3.2.1 Major types of irradiation-induced defects in BCC metals 

Compared to FCC metals, the SFE of BCC metals is generally very high, and 

therefore, faulted dislocation loops, which have higher energy than perfect loops, are not 

stable although they have been observed in several studies [82, 92, 94]. Perfect loops in 

BCC metals may habit on two different planes, {110} with b = a/2<111> and {100} with 

b = a<100>, while faulted loops typically only locate on {110} planes with b = a/2<110>. 

Like dislocation loops in FCC metals, perfect loops are mobile (glissile) and faulted loops 

are immobile (sessile) in BCC metals. Fig. 1.10 shows various types of dislocation loops 

in BCC Fe, Mo and W irradiated by heavy ions, neutrons and electron [59, 82, 95-102]. It 

can be seen that the morphology of defects in terms of size and density is similar for heavy 

ion and neutron irradiated materials, whereas electron bombardment creates much larger 

dislocation loops. Such phenomena have also been observed in FCC metals as shown in 
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Fig. 1.8. Moreover, since SFTs are only observed in close-packed cubic structures, they 

are not expected in BCC metals. 

 

 

Fig. 1.8. TEM micrographs showing neutron, heavy ion, neutron and electron beam 

irradiated FCC metals, Cu, Ni and Al. Under heavy Kr ion irradiation at 273 K, a large 

number of small interstitial dislocation loops are generated in Cu (Reprinted from [83]), 

Ni (Reprinted from [77] with permission from Springer) and Al.  Neutron irradiation at 

455 K to a similar level of the dose appears to generate defects with similar morphology 

(small loops) but with somewhat lower defect density in Cu (Reprinted from [79] with 

permission from Elsevier), Ni (Reprinted from [80] with permission from Springer) and 

Al (Reprinted from [81]). Room temperature electron (1 MeV) irradiation introduce large 

interstitial loops, which are mostly faulted loops on {111} planes (Reprinted from [82] 

with permission from Elsevier).   
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Fig. 1.9. SFTs in irradiated FCC metals. (a-b) Dark field TEM and HRTEM micrographs 

of SFTs in irradiated Ag films (1 MeV Kr ions/1 dpa/RT) (Reprinted with permission from 

Macmillan Publishers Ltd [89]). (c-d) Dark field TEM and atomic resolution TEM 

micrographs of SFTs in irradiated Au films (1 MeV Kr ions/1 dpa/RT) (Reprinted from 

[78]).  

 

1.2.3.2.2 Major types of irradiation-induced defects in HCP metals 

As mentioned above, point defect production is normally different between cubic 

systems (FCC/BCC) and HCP systems. In the former cases, point defects, such as self-

interstitials (SIAs) and vacancies, diffuse isotropically whereas anisotropic diffusion often 

occurs in the later cases due to their crystallographic anisotropy [103-105]. For instance, 

it has been shown that the ratio of prism plane to basal plane defects produced by electron 

irradiation strongly depends on the foil orientation in pure Mg [106]. The major type of 

irradiation-induced defects in HCP metals are vacancy clusters, including vacancy loops  
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Fig. 1.10. Compilation of TEM micrographs showing irradiation damage in Fe, Mo and 

W induced by heavy ions, neutrons and electrons. The morphology of defects in terms of 

size and density is similar for heavy ion and neutron irradiated materials, whereas electron 

introduces much larger dislocation loops (Heavy ion irradiated Fe, Mo and W are reprinted 

from [95] with permission from Elsevier, [96] and [97] with permission from Elsevier, 

respectively. Neutron irradiated Fe, Mo and W are reprinted from [59] with permission 

from Elsevier, [98] and [100], respectively. E-beam irradiated Fe, Mo and W are reprinted 

from [82] with permission from Elsevier, [101] and [102] with permission from Elsevier, 

respectively.). 

 

and voids, and interstitial loops. Perfect interstitial loop habit on {101 ̅0} plane with b = 

a/3 <112 ̅0>, and faulted interstitial loops resides on (0001) plane with b = a/6 <202 ̅3> or 

c/2 [0001]. Perfect vacancy loops are observed on {101 ̅0} prismatic planes with b = a/3 
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<112 0̅>, and faulted vacancy loops typically locate on (0001) basal planes with b = a/6 

<202 3̅> [91, 92, 107].   

Furthermore, it is generally adopted that the evolution of irradiation-induced 

defects has a strong correlation with (1) c/a ratio and (2) impurities [90, 91, 108]. For HCP 

metals with high purity, nucleation of basal plane loops takes place when c/a ratio is 

greater than the ideal value (1.633) while prism plane loops form with c/a ratio less than 

the ideal value. The reason is that basal planes are the most closely packed planes when 

c/a > 1.633, while prismatic planes become more densely packed when c/a < 1.633. 

Exceptions have been found in both experiment and simulations. For instance, basal plane 

loops have been observed in Mg [109], Zr [110, 111], Ti [112] (c/a ratio < 1.633 for these 

metals). The impurity atoms also play a critical role in determining the most stable 

configurations as shown in Fig. 1.11. When purity is low, the formation of basal plane 

loops is dominating even when c/a ratio is less than 1.633, such as Mg and Zr [90, 113-

115]. Compared to Zr, Mg is particularly sensitive to impurities due to its c/a ratio (1.623) 

that is close to the ideal value (1.633) [90]. It remains unclear why the habit planes are 

dependent on impurities. One possible effect of impurities is the reduction of the SFE 

resulting in the formation of faulted basal plane dislocations [40]. However, Griffiths has 

suggested that the SFE may not necessarily important in determining the loop habit planes 

[90], so the effect of impurities on SFE may not be a major factor in controlling loop habit 

planes as the impurities may contribute to other factors, such as dislocation bias, lattice 

strain and anisotropic diffusion, which will in turn affect the loop habit planes. Notice that, 
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in addition to impurities, other reasons, such as stresses in irradiated thin foils [116], also 

need to be taken into account.   

Nonetheless, the damage induced by irradiation in the real world is far complex 

than that predicted by these rules. The void formation has been observed in most HCP 

metals, and a more detailed discussion is given in Chapter 1.4.3. 

 

 

Fig. 1.11. Schematics showing the effects of c/a ratio on loop habit planes for pure HCP 

metals as well as the purity on loop habit planes for HCP metals with c/a < 1.633. 

 

The majority of studies on HCP metals are on Zr and its alloys. Another relatively 

well-studied HCP metal is Mg. Fig. 1.12 shows irradiation-induced damage in Zr and Mg 

induced by heavy ions, neutron and electrons. Heavy ion irradiation induced c-component 

loops in Zr have been observed [117]. Neutron and electron irradiation induce both a-

loops and c-loops in Zr [111]. For Mg under 1 MeV Kr ion irradiation [106], all the basal 

plane dislocation loops are interstitial in nature with b = a/6 <202̅3>, whereas prism plane 
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dislocation loops can be either interstitial or vacancy in nature with b = a/3 <112̅0>. 

Neutron-irradiated Mg also exhibits a similar phenomenon compared to heavy ion 

irradiation as shown in both BCC and FCC metals. Dislocation networks form after 

neutron irradiation [118]. After electron irradiation, the formation of large loops is obvious. 

These loops are typically either a-type loops with b = a/3 <112̅0> or c-type loops with b 

= a/6 <202̅3>  [91]. 

The nature of dislocation loops in FCC, BCC and HCP metals are very different. 

It is straightforward to imagine that since FCC and BCC are cubic systems, they must 

exhibit totally different defect types compared to the hexagonal system, HCP structure. 

However, even between FCC and BCC, since FCC is a close-packed system with well-

defined slip systems, while there are no truly close-packed planes in the BCC structures, 

they also exhibit different types of defects. A summary of defect clusters in all three 

systems is given in Table 1.2. 
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Fig. 1.12. TEM micrographs showing irradiation damage in HCP Zr and Mg irradiated by 

heavy ions, neutrons and electrons. Self-ion-irradiated Zr exhibits c-component loops 

(Reprinted from [117] with permission of Elsevier). Neutron-irradiated Zr showing a-

loops and c-loops (Reprinted from [111] with permission of Elsevier). Electron irradiation 

of Zr induces a-loops and c-loops (Reprinted from [111] with permission of Elsevier).  

Basal Mg foil irradiated by Kr ions showing abundant prism loop with b = a/3 <112̅0> 

(Reprinted from [106] with permission of Elsevier). Neutron irradiation of Mg induces 

dislocation networks (Reprinted from [118] with permission of Taylor & Francis). 

Electron irradiation of Mg produces a-loops with b = a/3 <112̅0>, which are vacancy (Av) 

or interstitial (Ai) in nature, and c-type interstitial loop (Ci) with b = a/6 <202̅3> (Reprinted 

from [91] with permission of Elsevier). 
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Table 1.2. Type of dislocations loops in FCC, BCC and HCP metals. 

 Vacancy loops Interstitial loops 

Type b and Habit plane Type b and Habit plane 

FCC 

Perfect loop a/2 <110>{111} or 

a/2 < 110>{110} 

Perfect loop a/2 <110>{111} or 

a/2 < 110>{110} 

Faulted 

(Frank) loop  

a/3 <111>{111} Faulted 

(Frank) loop 

a/3 <111>{111} 

SFT/ Voids    

BCC 

Perfect loop  a/2 <111>{110} or 

a<100>{100} 

Perfect loop a/2 <111>{110} or 

a<100>{100} 

Faulted loop a/2 <110>{100}    

HCP 

Perfect loop  a/3 <112̅0>{101̅0} 

or 

a/3 <112̅3>{101̅1} 

Perfect loop  a/3 <112̅0>{101̅0} 

or 

a/3 <112̅3>{101̅1} 

Faulted loop a/6 <202̅3>{0001} 

or 

c/2 <0001>{0001} 

Faulted loop a/6 <202̅3>{0001} 

or 

c/2 <0001>{0001} 

Voids    

 

1.2.4 Irradiation-induced property degradation  

There are several major property changes that are associated with irradiation-

induced microstructure evolution [36]. These property changes are (1) irradiation-induced 

hardening, (2) irradiation-induced amorphization, (3) irradiation-induced segregation and 

precipitation, (4) irradiation-induced embrittlement, decrease in (5) thermal and (6) 

electrical conductivity, and (7) dimensional instabilities. A brief introduction of 

phenomena (1-5) is given in Chapter 1.4.3.1, and (7) in terms of irradiation-induced 

swelling is discussed separately in Chapter 1.4.3.2. Phenomenon (6) is not reviewed 

because it has less relation to the present studies. 
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1.2.4.1 Overview of key degradation phenomena in irradiated metals 

1.2.4.1.1 Irradiation-induced hardening 

Irradiation-induced hardening is largely due to the creation of high-density sessile 

defect clusters. During irradiation, point defects preferentially migrate to different sinks 

which results in an unbalanced point defect concentration. Those point defects will form 

large clusters, and the clustering event is predominately determined by the irradiation 

temperature. At low temperatures, ≤ 0.3 TM (TM is the melting temperature), defect 

clusters, which originate from the clustering of irradiation-induced point defects, inhibits 

the movement of dislocation, and therefore, hardening and reduction in ductility and 

fracture toughness occur. The defect cluster densities decrease rapidly with increasing 

temperature above recovery Stage V, > 0.5 TM, and hardening becomes less pronounced. 

Irradiation-induced hardening can happen at very low doses, ≤ 0.1 dpa when temperatures 

are low, and tends to reach a plateau at ~ 10 dpa. Fig. 1.13 shows temperature-dependent 

defect cluster densities in neutron-irradiated Cu, austenitic stainless steel, and V–4Cr–4Ti 

(Fig. 1.13a) as well as the dose-dependent increase in yield strength for F-M steels (Fig. 

1.13b), where the dashed lines are simply the guidance that indicates the tendency. Defect 

density decreases with the increase of temperature. The yield strength increases rapidly to 

~ 10 dpa, and then, reaches to saturation thereafter. 
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Fig. 1.13. (a) Temperature-dependent defect cluster densities in neutron-irradiated Cu, 

austenitic stainless steel, and V–4Cr–4Ti (Reprinted from [36] with permission of 

Elsevier), and (b) Yield strength versus dose at irradiation temperatures between 360 °C  

to 400 °C (Reprinted from [119] with permission of Springer). 

 

1.2.4.1.2 Irradiation-induced amorphization 

Irradiation-induced amorphization happens at very low temperatures, where 

interstitials and their clusters are immobile, and low dose, ~ 0.1 – 1 dpa. Irradiation-

induced swelling is usually accompanied by such a phase transformation. Irradiation-

induced amorphization is very sensitive to the temperature. If the irradiation temperature 

increases to a certain level when long-range migration of interstitial and their clusters 

occurs, the increase in free energy as interstitials generate will be reduced through the 

clustering event. The dose required to induce amorphization will increase drastically as 

the temperature increases. Finally, when the temperature is above a critical value, no 

amorphization could occur. Such a critical temperature increases with increasing PKA 

energy. Fig. 1.14 compares the effect of PKA energy on the temperature-dependent dose 
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for complete amorphization in irradiated CuTi and SiC [36]. In both materials, for all types 

of irradiating particles, the critical dose for amorphization increases rapidly when the 

irradiation temperature exceeds a critical value. 

 

 

Fig. 1.14. Effect of irradiating particle with different PKA energies on the temperature-

dependent dose for amorphization in irradiated CuTi and SiC. Filled symbols in the figures 

denote complete amorphization and open and half-open symbols denote no amorphization 

occur (Reprinted from [36] with permission of Elsevier). 

 

1.2.4.1.3 Irradiation-induced segregation and precipitation 

Irradiation-induced segregation and precipitation are widely observed in ferritic 

and austenitic steels after irradiation at elevated temperatures with doses > 10 dpa [120-

123]. In reactor pressure vessel steels, the phenomena could happen at very low doses, 

0.0001 – 0.01 dpa. The reason that causes the irradiation-induced precipitation is due to 

the migration of solute atoms to defect sinks at intermediate temperatures. The 
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accumulation of solute atoms leads to the precipitation of new phases due to either the 

local enrichment or depletion of solute atoms. In general, three types of precipitation 

associated with segregation during irradiation are widely reported, including (1) 

irradiation-induced, (2) irradiation-enhanced and (3) irradiation-modified. In addition, 

irradiation-retarded precipitation has also been observed [36]. The irradiation-induced 

precipitation phenomenon can drastically modify the microstructures. For instance, the 

localized corrosion or stress corrosion cracking due to the enhanced susceptibility caused 

by solute segregation [124-126]. Another example is the swelling behavior of austenitic 

stainless steels can be either suppressed or enhanced [127, 128]. Fig. 1.15 shows the 

enlarged void formation in a Ti-modified austenitic steel after neutron irradiation at 500 °C 

to 11 dpa [123]. Large voids generate next to the irradiation-induced precipitate phase 

Mn6Ni16Si7 (G phase), which is the bias sink for interstitials. 

 

 

Fig. 1.15. Enlarged void formation in association with G phase (Mn6Ni16Si7) precipitates 

in Ti-modified austenitic steel following mixed-spectrum fission reactor irradiation at 

500 °C to 11 dpa (Reprinted from [123] with permission of Elsevier). 
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1.2.4.1.4 Irradiation-induced embrittlement 

Irradiation-induced embrittlement usually happens at elevated temperatures, 

typically > 0.5 TM, accompanied with He gas that is generated by transmutation reactions 

during irradiation. He migrates toward grain boundaries and forms large bubbles under 

the applied tensile stress during irradiation.  If He bubbles transform into voids, 

intergranular fracture may be triggered due to the coalescence of cavities. Therefore, 

irradiation-induced embrittlement is closely related to void swelling. Fracture may occur 

when swelling reaches to a threshold which generally at less than 10% of swelling. Fig. 

1.16a shows the formation of He bubbles in He ion irradiated FCC (Cu and Al) and BCC 

(Fe and W) metals [129-132], and Fig. 1.16b shows the tensile properties of Fe-15Cr-25Ni 

and Fe-15Cr-45Ni after irradiation in EBR-II to 12.5 dpa at 450 °C [133]. Clearly, 

irradiation leads to a drastic increase in strength and a reduction in ductility which is 

catastrophic for the safety of reactors. 

1.2.4.2 Irradiation-induced dimensional instability – void swelling 

Irradiation-induced dimensional instability includes several aspects, such as 

irradiation-induced creep, anisotropic growth, and void swelling. Void swelling describes 

a phenomenon that an increase in volume accompanied with the formation of voids within 

the materials after irradiation. Void swelling is broadly observed in neutron and heavy ion 

irradiated metals [134-138]. It is very difficult to accommodate a swelling level up to 5% 

through engineering design. When swelling is larger than 10%, the materials suffer from 

severe irradiation embrittlement. Clearly, there is a strong need for the design of swelling-

resistant structural materials. Void formation occurs due to the preferential absorption of 
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interstitials by biased defect sinks [139], and typically requires two conditions: a 

supersaturation of vacancies; and agglomeration of vacancies before being annihilated by 

interstitials or defect sinks. If more vacancies than interstitials arrive at void nuclei, voids 

will grow continuously. 

 

 

Fig. 1.16. (a) The formation of He bubbles in He ion irradiated metals with FCC (Cu and 

Al) and BCC (Fe and W) structures (He ion irradiated Cu, Al, Fe and W are Reprinted 

from [129], [130] with permission from Elsevier, [131] with permission from Elsevier and 

[132] with permission from Elsevier, respectively.). (b) Tensile properties of Fe-15Cr-

25Ni and Fe-15Cr-45Ni before and after irradiation in EBR-II to 12.5 dpa at 450°C 

(Reprinted from [133] with permission of Elsevier). 

 

Void swelling is sensitive to irradiation temperature, and it generally occurs at two 

different temperature stages, a very low-temperature stage and a high-temperature stage. 

Swelling at very low temperatures where point defects and their clusters are immobile 

generally refers to lattice parameter swelling. It is also called “point defect” or “defect 

cluster” swelling. At very low temperatures, irradiation-induced defects are frozen inside 
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the materials as they are generated. The accumulation of such immobile defects causes the 

volumetric swelling. At high temperatures, such as Stage V for FCC and HCP metals, and 

Stage III for BCC metals, swelling occurs when irradiation-induced vacancy-type defects 

are mobile enough to combine into large clusters, and finally into voids. Besides, sessile 

vacancy clusters, such as SFTs, could also dissociate at such temperatures which will also 

contribute to the onset growth of voids. Void swelling is not expected to happen at low-

temperature ranges, such as 0 – 200 °C, because of the poor mobility of point defect, and 

at very high-temperature ranges, such as > 500 °C, where defect recombination and 

absorption rather than agglomeration dominates. For most of the metals, void swelling is 

observed at the temperatures of 0.3 – 0.6 TM. Fig. 1.17 shows the temperature-dependent 

void swelling behavior in Cu and Cu–B alloy after neutron irradiation to 1.1 dpa [36]. 

Swelling occurs between 200 °C to 500 °C in both cases, and Peak swelling happens at ~ 

300 °C. Table 1.3 summarizes peak void swelling temperature (𝑻𝑺
𝑷) for various metallic 

materials with FCC, BCC and HCP crystal structures. Peak swelling temperature in FCC 

metals is usually between 0.4 TM to 0.45 TM, which is higher than that in BCC metals, 0.3 

TM – 0.35 TM. Peak swelling in HCP Zr happens at ~ 0.35 TM. However, since the studies 

of peak swelling temperature in HCP metals remain scarce, no clear conclusion can be 

drawn for HCP metals. 
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Fig. 1.17. Temperature-dependent void swelling behavior in Cu and Cu–B alloy after 

neutron irradiation to 1.1 dpa (Reprinted from [36] with permission of Elsevier). 

 

Void swelling casts serious threats to the reactor structural materials [134, 140, 

141]. For instance, in neutron irradiated austenitic stainless steels (FCC systems), the 

swelling rate can reach to 1%/dpa without evidence for saturation [142]. In many FCC 

metals, volume expansion can be as large as several tens of percent [140, 142, 143]. Fig. 

1.18 summarizes the dose-dependent swelling behavior in 20% cold-worked Type 316 SS 

after neutron irradiation. The amount of void swelling is typically lower in BCC metals. 

For instance, the void swelling in many F-M steels is limited to 2% after the damage levels 

of 50 dpa or higher [142]. Fig. 1.19 lists several examples of void swelling in neutron 

irradiated metals with FCC [58, 144] and BCC [145, 146] crystal structures. Voids are 

typically spherical, such as He bubbles. Faceted voids with faces corresponding to low-

index crystal planes are also observed. It should be noted that heavy ion irradiation 
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typically generates a depth-dependent dose profile, and the size and density of voids, 

therefore, vary as a function of irradiation depth [147, 148].  

 

 

Fig. 1.18. Summary of dose-dependent swelling behavior in 20% cold-worked Type 316 

austenitic stainless steel due to fast fission reactor irradiation (Reprinted from [36] with 

permission of Elsevier). 
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Fig. 1.19. Neutron irradiation induced void swelling in a variety of monolithic metals with 

FCC (Cu and Al) and BCC (Fe and W) crystal structure. Voids with different geometry, 

spherical or rectangular, are observed (Neutron irradiated Cu, Al, Fe and Fe are reprinted 

from [58], [144], [145] and [146], respectively, with permissions from Elsevier). 

 

Void formation has been observed in most HCP metals, such as neutron irradiated 

Mg [149], both neutron and electron irradiated Zr [150-152], neutron irradiated Ti [149] 

and Re [153]. Voids in HCP metals are normally faceted along {101̅1} and (0001) planes 

and often align in layers parallel to the basal plane, and in many cases, voids are reported 

to be faceted. For instance, voids formed in Marz-grade Zr during neutron irradiation in 

DFR at temperatures between 725 and 740 K were faceted along basal, prism, and 

pyramidal planes [90], were mostly near grain boundaries.  
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Table 1.3. Peak swelling temperature 𝑇𝑆
𝑃 in FCC, BCC and HCP metals 

 

FCC 

 
𝑻𝑺

𝑷 

(K) 

TM 

(K) 
𝑻𝑺

𝑷/TM  ref Irradiation source  

Al 423 933 0.45  [154] Al+ ions (1100 grade Al) 

Al No 

void 

933  [155] Al+ ions 

Pure Al (< 0.1 appm impurities) 

Al 300 933 0.32  [155] Al+ ions 

pre-injected with 10 ppm He 

Ag - 1235 -  - 

Au - 1337 -  - 

Cu 600 1358 0.44  [58, 

156] 

Neutron 

Ni 780 1728 0.45  [157] Neutron 

 873 1728 0.51  [158] Ni+ ions 

Pd - 1828 -  - 

Pt - 2041 -  - 

BCC 𝑻𝑺
𝑷 

(K) 

TM (K) 𝑻𝑺
𝑷/TM ref Source 

Fe 630 – 

780 

1811 0.35 – 

0.43  

[140, 

157] 

Neutron 

Mo 740 – 

870  

2896 0.26 – 

0.3  

[146, 

159, 

160] 

Neutron 

Mo 1173 2896 0.41  [161] Ni+ ions 

Nb 1073 

– 

1273  

2750 0.4 – 

0.46  

[161, 

162] 

Ni+ ions 

Ta 900 3290 0.27  [163] Neutron 

Ta 1400 3290 0.43  [164] Cu2+ ions 

V 630 2183 0.41  [160] Neutron 

V 973 2183 0.45  [165] Cu+ ions 

W 1000 3695 0.27  [166] Neutron 

HCP 𝑻𝑺
𝑷 

(K) 

TM (K) 𝑻𝑺
𝑷/TM ref Source 

Zr 750 2128 0.35  [150] Electron, pre-injected with 100 

appm helium 

Zr 700 - 

740 

2128 0.33 – 

0.35  

[151, 

152] 

Neutron 
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The development of swelling-resistant materials is manifested by an extensive 

investigation of void swelling in metals with FCC, BCC and HCP crystal structures. One 

method is to introduce a high density of point defect sinks that can suppress the formation 

and growth of voids. An enlightening thought has been proposed is the development of 

naturally porous structural materials in nuclear fuels to alleviate the fission gas 

accumulation with nanophases [167]. 

1.3 Overview of nanostructured materials 

Nanostructured metallic materials (NMMs) are materials contain nanoscale 

features the characteristic length scale of which is on the order of 100 nm or less [168, 

169]. NMMs synthesized by different methods exhibit various nanostructures that contain 

a significant volume fraction of interfaces, such as grain boundaries, twin boundaries, 

phase boundaries, etc. [76, 89, 170-179]. Fig. 1.20 shows four different nanostructures, 

including nanocrystalline (NC), Nanotwinned (NT), Nanoporous (NP) and nanolayers. 

Many properties, such mechanical, electrical, optical and magnetic, of NMMs are 

modified due to the existence of high-density interfaces, and therefore, NMMs have 

various applications. For instance, the strength of metallic nanolayers could approach 1/2 

- 1/3 of the theoretical value [180, 181]. Nanotwinned (NT) metals containing high-density 

growth twins exhibit increased strength and ductility simultaneously [182]. Furthermore, 

nanoporous (NP) metals with a large surface-to-volume ratio may have superior 

irradiation tolerance [172, 183, 184]. 
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Fig. 1.20. Transmission electron microscopy (TEM) micrographs of (a) nanotwinned (NT) 

Cu (Reprinted from [185] with permission of AIP Publishing LLC), (b) Cu/Zr multilayers 

with individual layer thickness of 20 nm (Reprinted from [186] with permission of 

Elsevier), (c) nanocrystalline (NC) Fe-Cr-Ni alloy (Reprinted from [187] with permission 

of Elsevier), and (d) nanoporous (NP) Au (Reprinted from [188] with permission of AIP 

Publishing LLC). 

 

1.4 Brief introduction of microstructure and mechanical properties of several 

nanostructured metallic materials 

1.4.1 Nanolayered metals 

Generally, metallic nanolayers (or multilayers) are synthesized by 

electrodeposition or physical vapor deposition (PVD), such as magnetron sputtering [189-

191]. The interfaces between two different components are responsible for their unique 

properties. This section will introduce the microstructure and mechanical properties of 
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certain metallic nanolayers. The orientation relationship (OR) is generally used to describe 

the relation between aligned planes and directions in nanolayers between two different 

components. There are at least four major types of FCC/BCC interfaces in nanolayers, 

including Kurdjumov-Sachs (K-S) [192], Nishiyama-Wassermann (N-W) [193], Pitsch 

[194] and Bain [195]. 

Size-dependent strengthening mechanisms in metallic nanolayers, often reported 

as the evolution of film hardness with individual layer thickness, h, have been extensively 

studied [180, 181, 196-204]. Since the establishment of the Hall-Petch (H-P) model in 

1950th, it has been widely adopted to explain the grain boundary (GB) induced 

strengthening mechanism due to dislocation pile-ups [205, 206]. The H-P model also 

works well for metallic nanolayers when the individual layer thickness h is greater than 

tens of nanometers (normally when h > 50 nm) [181, 196, 207-212]. At this length scale, 

the hardness increases linearly with h-1/2, and the H-P slope has been used to estimate the 

interface barrier strength and predict the peak hardness of nanolayers. When h decreases 

to below 50 nm, film hardness deviates from the linear prediction of the H-P model, as 

dislocation pile-ups are less likely at such a small length scale. Instead, the confined layer 

slip (CLS) model derived from the Orowan bowing of single dislocations may be a more 

realistic deformation mechanism [202, 213]. When h reduces to several nm (generally 1 ~ 

5 nm), the strength of nanolayers typically reaches a plateau and is independent of h. The 

maximum (or plateau) strength of the nanolayers is determined by various mechanisms, 

including Koehler stress [214-216], misfit dislocations [208, 215, 217, 218], chemical 

stress [208, 212, 215, 219], coherency stress [215, 220] and twinning [211, 212, 217, 221, 
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222]. A hardness plateau is generally observed at smaller h in incoherent systems [189, 

191, 196, 205, 223], while softening often occurs in coherent systems due to the formation 

of fully coherent interfaces (also referred to as transparent interfaces, that is the interface 

is transparent to the transmission of dislocations) [196, 210, 215]. Fig. 1.21 shows 

schematically the overview of deformation mechanisms of nanolayers at different length 

scale [180, 181, 202]. 

 

 

Fig. 1.21. Schematic illustration of the deformation mechanisms of nanolayers at different 

length scale (Reprinted from [181] with permission of Elsevier). 

 

1.4.2 Nanotwinned metals 

Twin boundary (TB) is a special class of grain boundaries (GBs) with mirror 

symmetry across the twinning plane. Among a variety of TBs, Σ3 (111) coherent twin 

boundaries (CTBs) and Σ3 (112) incoherent twin boundary (ITB) are of particular interest 



49 
 

and are relevant to this proposal. Fig. 1.22 shows some typical twinned structures in FCC 

metals (Cu and Ag). TB has been extensively reported in FCC metal. For instance, NT Cu 

exhibits superior strength and ductility simultaneously as shown in Fig. 1.23 [224, 225].  

Later, it has been demonstrated that TBs can enhance strength and/or ductility in Cu and 

several other metallic materials, such as Ag and 330 stainless steel [190, 209, 226]. TBs 

are strong barriers to dislocation propagation [225, 227-229]. When a dislocation 

encounters a TB in FCC metals, the perfect dislocation could dissociate and left a sessile 

dislocation (Frank dislocation) at the TB (  1 2 101 1 6[121] 1 3[111]  ) [226, 227]. In 

addition, since CTBs exhibit much lower interface energy than high angle GBs, they have 

much better mechanical and thermal stabilities than other types of GBs [229, 230]. 

It is noteworthy that in general TBs can be easily introduced in metals with low-

to-intermediate stacking fault energy (SFE), such as Ag, Cu, and 330 stainless steels [209, 

225, 226], but it is very challenging to introduce twins for metals with high SFE. However, 

recent studies have shown basic criteria for the formation of growth twins in high SFE 

metals [231], and some examples show successfully fabricated Al with high-density 

growth twins [232, 233]. 
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Fig. 1.22 Bright-field transmission electron microscopy (TEM) images of magnetron 

sputtered (a) epitaxial NT Cu (Reprinted from [234] with permission of AIP Publishing 

LLC) and (b) epitaxial NT Ag (Reprinted from [226] with permission of Elsevier). 

 

 

Fig. 1.23. (a) Nanotwinned Cu with twin lamellae thickness of ~15 nm shows improved 

yield stress and considerable ductility (Reprinted from [225] with permission of The 

American Association for the Advancement of Science). 

 

1.4.3 Nanoporous metals 

The presence of high-density nanopores inside metallic materials significantly 

remodels the response of materials under high pressure-high strain rate loading conditions. 
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For instance, nanoporous (np) metals have attracted extensive attention in the absorption 

of high energy impacts [235, 236]. Besides, many recent studies focused on the 

mechanical properties of the ligaments (or struts) and revealed the size-dependent strength 

behaviors of NP metals [172, 237-240]. 

For example, a recent study has investigated the mechanical properties of NP Au 

using a combination of nanoindentation, column microcompression, and molecular 

dynamics (MD) simulations, and observed that the mechanical behavior of NP Au is 

governed by its ligament dimension [237]. More specifically, with a relative density of 

20% and ligament dimensions 10, 25 and 50 nm, the strength of NP Au decreased with 

increasing ligament diameter. Especially, the yield strength of NP Au with 10nm 

ligaments and a porosity of 75% is stronger than bulk Au, indicating that NP Au can be 

strong as its bulk counterpart while maintaining a highly porous structure. 

1.5 Defect sinks and general philosophy for alleviation of irradiation damage 

Energetic particle (such as ions, neutrons and protons) irradiations induce a large 

population of vacancies and self-interstitial atoms (SIAs) in metallic materials, and these 

point defects can combine into clusters, in the form of dislocation loops and networks, 

voids, bubbles and stacking fault tetrahedra (SFTs) [9-12]. As a result of severe irradiation, 

the microstructure and mechanical properties of the materials can be significantly 

degraded as evidenced by void swelling, irradiation hardening, embrittlement and 

significant loss of ductility [13-17]. The search for irradiation tolerant materials has been 

a subject of intense research for decades. However, no material is known to be immune to 

irradiation-induced damage. It remains a major challenge to design materials that have 
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significantly enhanced irradiation tolerance at high temperatures and high doses. 

Numerous approaches have been adopted to design irradiation-resistant materials. The 

basic criterion is that certain types of defect sinks may promote the absorption and 

recombination of interstitials and vacancies and thus enhance the irradiation tolerance of 

materials. Consequently, various types of defect sinks have been investigated, including 

grain boundary (GB), twin boundary (TB), phase boundary, etc. [76, 170-176, 241]. For 

instance, nanocrystalline materials have abundant GBs and may have excellent irradiation 

resistance because GBs act as defect sinks that can absorb irradiation induced defects, and 

in some cases may serve as sources to emit interstitials and annihilate vacancies [89, 131, 

147, 242, 243]. The irradiation behavior of nanolayered, nanotwinned and Nanoporous 

metals is briefly reviewed in this section. 

1.5.1 Nanolayered metals 

Layer interface is an effective defect sink and its influence on irradiation tolerance 

of materials has been extensively studied [76, 175, 178, 241, 244]. For instance, significant 

layer thickness-dependent reduction of both helium bubble density and alleviation of 

irradiation hardening were reported in some of the immiscible systems, such as Cu/Nb 

[245] and Cu/V [246]. Significant reduction of both helium bubble density was reported, 

as shown in Fig. 1.24. In addition to Cu/Nb and Cu/V, many other systems, such as Cu/V 

[52, 246], Ag/V [175, 247], Fe/W [248], Al/Nb [249], Cu/Mo [250] and Cu/W [251], have 

also been investigated. A common conclusion can be obtained from these studies is that 

the nucleation and migration of defects will be largely limited when the individual layer 

thickness is very small, 1~5 nm. 
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 MD simulations of Cu/Nb also indicate that the Cu-Nb interface is a highly 

efficient sink for the annihilation of irradiation-induced defects [252]. Demkowicz et al. 

showed that two types of interfaces regarding two different Kurdjumov-Sachs (K-S) 

orientation relationships exist in Cu/Nb nanolayers. One type is the typical K-S relation 

where {111} FCC || {110} BCC, <110> FCC || <111> BCC). Another type contains a 

distorted Cu layer (only the first atomic layer) grown on top of Nb layer. The two different 

interfaces can convert alternatively by absorbing a vacancy or an interstitial and form 

extended jogs [253]. Such a process makes the Cu/Nb interface an unsaturable defect sink. 

 

 

Fig. 1.24. XTEM micrograph of He-ion irradiated Cu/Nb multilayer films. (a) Vacancy 

clusters and He bubbles, 2-3 nm in diameter, were observed in irradiated Cu films (b) He 

bubbles aggregated along layer interfaces in irradiated Cu100/Nb 100nm multilayers. (c) 

No aggregation of point defects into Frank loops or SFTs were detected in Cu2.5/Nb2.5 

nm nanolayers (Reproducd from [245] with permission of Elsevier). 

 

1.5.2 Nanotwinned metals 

Twin boundaries (TB) are low energy boundaries and are generally anticipated to 

be less efficient defect sinks. Han et al. showed that the width of void denuded zone in 
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non-Ʃ3 GBs is much greater compared to Ʃ3 TBs, indicating low sink efficiency of TBs 

[254]. A recent study on He ion implantation of nanotwinned (NT) Cu at room temperature 

suggests that TBs are poor sinks because point defects at Ʃ3 TBs have nearly identical 

properties to those in pure face-centered-cubic (FCC) Cu [255]. However, Niewczas and 

Hoagland reported, through MD simulations, that the interaction between Ʃ3 {111} 

coherent twin boundaries (CTBs) and stacking fault tetrahedra (SFTs) lead to the 

destabilization of SFTs [51]. Yu et al. validated the MD simulation experimentally by 

using in situ Kr ion irradiation study of NT Ag and showed that the density of SFTs in NT 

Ag is much lower than that in its bulk counterpart as shown in Fig. 1.25 [89]. The density 

of SFTs decreases drastically when average twin spacing is smaller than 15 nm. In addition, 

they also observed the frequent migration of incoherent twin boundaries (ITBs) [256]. 

Recent in situ study on NT Ag provided more evidence that TBs are effective defect sinks 

[179]. First, TBs may actively engage with defect clusters as shown by the distortion and 

self-healing of TBs during interaction with different types of defect clusters. Second, TB 

affected zones (TBAZs) have been identified. Time accumulative defect density and 

defect diffusivity within TBAZs are substantially distinct from those in twin interior. More 

specifically, the accumulative defect concentration within a 60 nm-thick twin is 

significantly higher in the central area than in the areas close to CTBs, and defect clusters 

form within the regions that are ~5 nm away from CTBs [179]. 
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Fig. 1.25. TEM images are showing the overview of defects morphology in NT Ag with 

different twin densities and the statistics of defect (SFT) density as a function of average 

twin spacing (Reprinted from [89]).  

 

1.5.3 Nanoporous metals 

Free surface is typically considered as an unsaturable defect sinks, and nanoporous 

(NP) materials with a giant surface-to-volume ratio may have the potential to be irradiation 

tolerant compared to the fully dense coarse-grained (CG) counterparts.[183, 184, 257] 

There are extensive studies on mechanical properties of NP metals.[237-240] An 

enlightening thought has been proposed almost 20 years ago to develop naturally porous 

structural materials in nuclear fuels to alleviate the fission gas accumulation with 

nanophases [167]. However, the number of irradiation studies on NP metals remains very 

limited [78, 172, 183, 184, 188]. Fig. 1.26 shows the window of irradiation resistance 

proposed by E. M. Bringa et al.. The resistance is described in terms of the diameter of the 

ligaments and the dose-rate under 45 keV Ne ions irradiation at room temperature [183]. 

Fu et al. performed an ex situ study on NP Au under 400keV Ne++ ion irradiation and 
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showed that defect accumulation depends on dose rate.[188] More specifically, SFTs 

formed at high dose rate, while few SFTs were generated at low dose rate. Their MD 

simulations indicate that low dose rate leaves ample time for SIAs and vacancies to diffuse 

to the surface or recombine, whereas at higher dose rate, the time interval between 

cascades is shorter than the time needed for migration of defects to the surface. 

Consequently, vacancies have enough time to aggregate and form SFTs. Previous in situ 

study on NP Ag showed the removal of various types of defect clusters, including SFTs, 

small dislocation loops and large segments, by the free surface in NP Ag under 1 MeV 

Kr++ ion irradiation [184]. Furthermore, the in situ studies showed that both the global and 

instantaneous diffusivities in NP Ag are lower than those in CG Ag.  

 

 

Fig. 1.26. Window of irradiation endurance showing the irradiation resistance (triangular 

area) in terms of the diameter of the ligaments and the dose-rate under 45 keV Ne ions 

irradiation at room temperature (Reprinted from [183] with permission from American 

Chemical Society). 
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1.6 Motivation and objective 

Irradiation involves extensive ion-solid interactions that lead to the degradation of 

many aspects of mechanical properties, such as irradiation hardening, embrittlement, etc., 

as well as thermal and electrical properties. For materials used in nuclear reactors, the 

stability and reliability of these materials are challenged by the accumulated irradiation 

damage during their service period. Next-generation nuclear reactors ask for the 

improvement of fuel performance at the cost of increased severity of structural materials 

under extreme irradiation environment [3, 4]. FCC metals with low SFE, such as stainless 

steels, are widely used in nuclear reactors. Low values of SFE lead to severe irradiation-

induced damage. Besides, Low values of SFE lead to wide dissociation of dislocations in 

their glide planes into Shockley partial dislocations, which severely affecting the 

hardening process of the metal. Therefore, the goal of this dissertation is to investigate the 

practical methods that can enhance the mechanical properties and irradiation tolerance of 

FCC metals with low SFE. One strategy of imparting desired properties to those FCC 

metals is to incorporate into them with a high density of defect sinks, such as multilayer 

interfaces, TBs and free surface. 

1.6.1 Ag/Fe nanolayers 

Metallic nanolayers have advanced physical properties and have been widely 

studied for various applications, including magnetic data storage [258, 259], hydrogen 

storage [219, 260], and irradiation tolerance, etc. [76, 175, 241, 244, 261-263]. In addition, 

NMMs may have applications as the future micro/nano-electromechanical devices as 

certain multilayer systems exhibit close to theoretical strength and relatively large 
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deformability [189, 196, 208, 213, 264]. Size-dependent strengthening in NMMs, that is 

the evolution of film hardness as a function of individual layer thickness h, has been 

extensively studied [180, 196-200, 202-204, 265]. 

Here, we studied Ag/Fe multilayers for the following reasons. First, the 

strengthening mechanisms in Ag/Fe with FCC/BCC interfaces are less well understood. 

Prior studies on Ag/Fe focused on their magnetic properties [266], microstructures and 

indentation creep behavior [267-269]. Second, when comparing Ag/Fe and Ag/Ni, it is 

evident that the elastic modulus of Fe and Ni are similar. Thus the Koehler stress due to 

elastic modulus difference should be similar in both Ag/Fe and Ag/Ni multilayers. 

Consequently, we anticipate that Ag/Fe and Ag/Ni multilayers should have comparable 

peak strength. Such a hypothesis will be tested. Third, we will compare the mechanical 

strength of Ag/Fe to Cu/Fe multilayers. In Cu/Fe multilayers, the grain size of Fe is smaller 

than h and determines the mechanical strength of system at large h (h > 50 nm). At small 

h (1 nm or so), Cu and Fe form coherent interfaces as Fe has transformed to FCC phase. 

Softening has been observed in Cu/Fe with small h due to the formation of coherent 

(transparent) interfaces. Furthermore, nanotwins with an average twin spacing of ~ 6 nm 

has been observed in Cu/Fe multilayers. It is unclear if twins can form in Ag/Fe 

multilayers at this small length scale; and if softening exists in Ag/Fe multilayers.      

1.6.2 Nanotwinned Ag 

High-density irradiation-induced defect clusters can significantly undermine the 

mechanical properties of irradiated materials. NMMs have high-density defect sinks that 

can improve irradiation resistance. Among all NMMs, twin boundaries (TBs) however are 
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low energy boundaries that are generally anticipated to be less effective in alleviation of 

irradiation damage, comparing to high angle grain boundaries [254, 255]. Interestingly, 

counter to the prediction, Yu et al reported that the density of SFT in NT Ag strongly 

depends on average twin spacing as TBs can effectively remove SFTs [89]. Moreover, ex 

situ [170] and in situ [89, 256] irradiation studies have revealed frequent TB migration in 

irradiated NT metals, which is desirable to actively engage and remove irradiation-induced 

defects. 

Despite these prior studies, physics of irradiation damage mechanisms in NT 

metals remains poorly understood. First, although one would anticipate the existence of 

twin boundary affected zones, it has been shown that defect density may not vary as a 

function of distance to TBs [170]. Second, in spite of the study of SFT removal by TBs, it 

is unclear if TBs can also remove dislocation loops. Third, it remains a challenge to 

measure defect migration kinetics in irradiated metallic materials [270], and defect 

migration kinetics in NT metals is largely unknown.  

1.6.3 Nanotwinned AgFe (Ag-1at%Fe) 

Numerous works have also been done to show that by mixing a small amount of 

impurity atoms could significantly amend irradiation-induced microstructures in metallic 

materials. Some of the impurity effects have been attributed to solid solution effect, i.e. 

point defect trapping at impurity atoms, and others to various aspects of precipitation 

effect [5, 271-274]. Mansel and Vogl have shown that neutron irradiation-induced 

interstitials in Al will be trapped at Co substitutional atoms [275]. Detrapping also occurs 

when vacancies become mobile and migrate to the trapped interstitials. Alexander and 
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Stanislav also indicated that adding solute atoms may decrease the diffusion rate of 

interstitial clusters, and therefore, increasing the recombination rate of those clusters with 

freely migrating vacancies [276]. 

FCC metals with very low stacking fault energy (SFE), such as Ag and Cu, are in 

general vulnerable to irradiation [8, 11, 48-51, 229, 277]. Previous reports have shown by 

introducing high-density defect sinks, such as twin boundaries and nanovoids, the 

irradiation tolerance of nanostructured Ag and Cu can be greatly enhanced [83, 89, 178, 

179]. There may be another approach that can drastically improve irradiation tolerance of 

Ag, which is by mixing merely 1 at% of Fe solute atoms into Ag matrix. Adding a small 

amount of Fe impurities leads to the formation of ultra-high-density twins, ~ 2 nm thick, 

in Ag-1at%Fe (referred to as NT AgFe). Compare to CG Ag, NT AgFe possesses three 

types of different defect sinks, GBs, TBs, and solutes. As a result, both irradiation-induced 

defect size and the defect density in NT AgFe have been significantly suppressed 

compared to coarse-grained pure Ag and NT Ag.  

1.6.4 Nanoporous Au 

Nanoporous metals exhibit a large surface-to-volume ratio have the potential to be 

superior irradiation tolerance compared to their coarse-grained (CG) bulk counterparts. 

There are extensive studies on mechanical properties of NP metals [237-240]. However, 

there are limited cases on irradiation responses of NP materials [172, 183]. Previous in 

situ study on NP Ag showed the removal of various types of defect clusters, including 

SFTs, small dislocation loops and large segments, by the free surface in NP Ag under 1 

MeV Kr++ ion irradiation.[184] Furthermore, the in situ studies showed that both the global 
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and instantaneous diffusivities in NP Ag are lower than those in CG Ag. Dose-rate-

dependent defect accumulation in NP Au has also been reported [188]. Defect migration 

kinetics is crucial for the modeling of defect dimension, density and their evolution under 

irradiation condition. However, such information remains largely unknown [87, 278]. 

Besides, the influence of dose rate on defect diffusivities is still unclear [10, 183, 279]. 

The behavior of defect cluster and the stability of nanopores are important factors to 

understand the enhanced irradiation tolerance of NP materials. Therefore, an in situ Kr ion 

irradiation studies have been carried out to investigate the irradiation resistance of NP 

metals. 
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CHAPTER II 

EXPERIMENTAL 

2.1 Thin film and TEM sample fabrication 

2.1.1 Ag/Fe metallic nanolayers 

Ag/Fe nanolayer (or multilayer) thin films with identical individual thicknesses, h, 

varying from 1 to 200 nm and overall thicknesses of 1-4 µm were deposited onto HF acid 

etched single crystal Si (111) substrates via DC magnetron sputtering, as shown in Fig. 

2.1, at room temperature from pure Ag (99.99%) and Fe (99.95%) targets. A base pressure 

of better than 8 × 10-8 torr was achieved before deposition, and the Ar pressure during 

deposition was 2~3 mtorr. A 50 nm-thick Ag buffer layer was deposited before the 

deposition of any Ag/Fe multilayers. Cross-sectional TEM (XTEM) samples were ground 

and polished mechanically, and further thinned by dimpling. Finally, low energy Ar ion 

milling (3.0~4.0keV) and ion polishing (2.0 keV) were involved in reducing film thickness 

to roughly 100 nm. 

2.1.2 Nanotwinned Ag 

Epitaxial NT Ag films, ~2 µm in thickness, were deposited through DC magnetron 

sputtering by using 99.99% purity Ag target onto HF-etched single-crystal Si (111) 

substrates at room temperature. Prior to deposition, the chamber was evacuated to a base 

pressure of < 8 × 10-8 torr. After deposition, part of Ag films was annealed at 700 ˚C for 

0.5 h in order to obtain an average twin thickness of ~70 nm. Otherwise, the average twin 

thickness of as-deposited Ag films is smaller than 20 nm. Cross-sectional transmission 



63 
 

electron microscopy (TEM) specimens were prepared by grinding, polishing and ion 

milling. Both as-annealed and post-irradiated specimens were investigated using an FEI 

Tecnai G2 F20 ST microscope. XTEM specimens were prepared by grinding, polishing 

and low energy ion-milling. 

 

 

Fig. 2.1. Magnetron sputtering system used for thin film deposition. 

 

2.1.3 Nanotwinned AgFe (Ag-1at%Fe) 

NT Ag and S-NT AgFe thin films with the thickness of 1 µm were deposited onto 

HF acid etched single crystal Si (111) substrates and P-NT AgFe were deposited on SiO2 

substrate (Si (100) substrates with 1μm-thick amorphous oxidized Si on top), respectively, 

via DC magnetron sputtering at room temperature from pure Ag (99.99%) and Fe (99.95%) 
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targets. A base pressure of ~ 5 × 10-8 torr was achieved before deposition, and the Ar 

pressure during deposition was ~ 2 mtorr. Both cross-sectional and plan-view transmission 

electron microscopy specimens were prepared by grinding, polishing and finally, ion 

milling by a Gatan PIPS II system. CG Ag samples were made from small pieces of Ag 

target using the same TEM specimen preparation method as aforementioned.  

2.1.4 Nanoporous Au 

The Ag65Au35 (atomic ratio) leaves (procured from New York Central Art Co.) 

with dimensions 20 mm × 20 mm × 120 nm were sandwiched by two 304 stainless steel 

plates and then cold rolled up to ~ 20 % strain so as to reduce the foil thickness and achieve 

electron beam transparent transparency under TEM. The Ag65Au35 foils in a smashed 

leaf form were chemically de-alloyed in a 70% HNO3 solution for 4 h at room temperature. 

The etched leaves were repeatedly rinsed in deionized water to remove residual acid and 

eventually lifted off by Cu grids (400 mesh) for in situ radiation studies. 

2.2 Indentation hardness 

The indentation hardness was measured using a Fischerscope HM2000XYp 

micro/nanoindenter with a Vickers indenter tip using instrumented nanoindentation 

technique. Approximately 15 indents were performed at different locations with different 

indentation depths. The loading rate was kept at 10 mN/s and each indent will typically 

penetrate into several bilayers, and the maximum depth was kept to be less than 15% of 

total film thickness to avoid the substrate effect. Hardness versus indentation depth was 

plotted, and the plateau value was chosen as the hardness of the measured film. 
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During indentation, a Vickers indenter is poked into the film with a load F, a 

deformed area Ac is created. The hardness (HIT) of the material measured by 

nanoindentation can be calculated by 

cAFH /maxIT   (2.1) 

where Fmax is the maximum applied force and Ac is the cross-sectional area of the contact 

between the indenter and the test piece. For a pyramid shaped Vickers indenter, 

25.24 cc hA  , where hc is the contact depth and can be calculated by 

)( maxmax ic hhhh  
 (2.2) 

where hmax is the maximum depth and hi is the intercept depth [280]. The correction factor 

ε represents the shape of the indenter tip, which is 0.75 for Berkovich, Vickers and 

spherical tips, 1 for flat punch tips and 0.73 for conical punch tips [281]. Fig. 2.2 shows a 

typical load-displacement curve during indentation. 

 



66 
 

 

Fig 2.2. A typical load-displacement curve during indentation. 

 

2.3 Structural characterization 

2.3.1 X-Ray Diffraction (XRD) 

Data analysis for XRD experiment is based on the Bragg’s law, 𝜆 = 2𝑑 ∙ 𝑠𝑖𝑛𝜃, 

where λ is the wavelength for the incident x-ray beam, d is the spacing between 

crystallographic planes, and θ is the angle between incident beam and the crystallographic 

plane. Information, such as crystal structure, film texture, lattice distortion, etc., can be 

obtained by analyzing XRD profiles. For instance, crystal structure can be investigated by 

comparing the peak position with standard PDF (power diffraction file) cards, and film 

texture is implied by the intensity of certain peaks. For all studies in this dissertation, XRD 

experiments were performed by using a PANalytical X’Pert PRO Materials Research 

Diffractometer (Cu Kα radiation) at room temperature. 
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2.3.2 Profilometer 

A Dektak 150 stylus profilometer is used to measure thin film thickness. The 

resolution in Z axis (height) of the profilometer is ~ 1Å, and the maximum depth can be 

measured is 65,000 nm. The radius of the stylus is 12.5 µm, and the horizontal resolution 

is determined by both the scan speed and scan length. Deposition rate can be obtained 

from film thickness divided by deposition time. Therefore, the total thin film thickness 

can be control fairly well during deposition.  

2.3.3 Transmission Electron Microscopy (TEM) 

Transmission electron microscopy (TEM) is a powerful tool for investigating 

microstructure of nanostructured metals and the induced damage by irradiation [96]. 

Transmitted electrons through TEM thin films can generate micrographs which results in 

bright-field (BF) images. If diffracted electrons is selected in the imaging process, then 

dark-filed (DF) images will be obtained and the DF technique is particularly useful in the 

characterization of radiation-induced defects [282]. Under weak beam DF (WBDF) mode, 

it is possible to image the dislocation lines and to determine the Burgers vector via 𝑔 ∙ 𝑏 

criteria [283], that is, if , 𝑔 ∙ 𝑏 = 0, the dislocation loop is invisible, otherwise it will be 

visible [282].  

Selected area diffraction (SAD) pattern under TEM is obtained by varying the 

focal plane of objective lens. The formation mechanism of SAD is also governed by 

Bragg’s law. However, compared to XRD, SAD provides more detailed data about a 

specific area at a relatively high magnification. This makes it straightforward to identify 

different crystallographic features, such as phase boundaries, twin boundaries and so on. 
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TEM studies were carried out on (2) FEI Tecnai F20 Super Twin microscope or 

(2) JEOL 2010 TEM microscope or (3) a Thermo Fischer Scientific/FEI Talos 200X 

microscope operated at 200 kV. Cross-sectional TEM (XTEM) samples were ground and 

polished mechanically, and further thinned by dimpling. Finally, low energy Ar ion 

milling (3.0~4.0keV) and ion polishing (2.0 keV) were involved in reducing film thickness 

to roughly 100 nm. 

2.4 Irradiation 

2.4.1 Estimation of radiation damage 

The radiation damage in the metal films was estimated by Kinchin-Pease model in 

SRIM software [284]. The radiation damage in the term of displacements-per-atom (dpa) 

is calculated by 

            Å                  (2.3) 

where D is displacement obtained from SRIM calculation and N is atomic density. An 

example is shown in Fig. 2.3. Most Kr ions (99.99%) penetrate directly through the 

specimen because the ion energy is as high as 1MeV and the TEM foil is very thin (~ 100 

nm). The plateau of DPA profile in Fig. 2.1 reveals that the damage is relatively uniform 

with respect to the depth of the irradiated specimen. The temperature rise of specimens 

during in situ Kr ion irradiation measured by the thermocouple is typically less than 10oC. 
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Fig. 2.3. SRIM simulation showing the dpa and Kr concentration profiles along the ion 

penetration depth for 1 MeV Kr ions. The first 100 nm thick TEM foil was subjected to 

an average dose of ~ 0.93 dpa (arithmetic mean value) and most Kr2+ ions penetrated 

through the TEM foil, leaving behind radiation damage and insignificant Kr concentration. 

 

2.4.2 In situ Kr ion irradiation 

In situ irradiation experiment was performed at room temperature at the IVEM-

TANDEM facility at Argonne National Laboratory (Fig. 2.4). A HITACHI H-9000NAR 

microscope, with operation voltage up to 300kV, is equipped with 1 MeV Kr2+ ion beam 

was used for radiation experiments to a maximum fluence of 2 × 1014 ions cm-2 (~ 1 dpa). 

The beam source is not limited to Kr, many different ion sources are available, such as H, 

He, Fe, Cu and so on. The ion beam diameter at the specimen location is ~ 1.5 mm. The 

dose rate applied during in situ radiation experiments can be varied from a few counts/s 

to a few hundred counts/s (for Ag and Au, ~ 32000 counts = 1 dpa). 
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Fig. 2.4. IVEM-TANDEM facility at Argonne National Laboratory 
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CHAPTER III 

COMPARISON OF SIZE DEPENDENT STRENGTHENING 

MECHANISMS IN AG/FE AND AG/NI MULTILAYERS* 

3.1 Overview 

Nanostructured metallic multilayers have attracted substantial attention as they 

often possess high mechanical strength. Here we report on the microstructure and 

mechanical strength of sputtered Ag/Fe multilayers with individual layer thicknesses (h) 

varying from 1 to 200 nm. Phase transformation of Fe from body-centered-cubic (BCC) 

to face-centered-cubic (FCC) structure occurred when h < 5 nm. Nanotwins formed in fine 

Ag/Fe multilayers. Although modulus mismatch is similar between Ag/Fe and Ag/Ni 

multilayers, the peak hardnesses of Ag/Fe multilayers is much lower than that of Ag/Ni 

system. Comparison of mechanical strength of several Ag based multilayers reveals that 

this drastic difference may arise from chemical stress due to the difference in stacking 

fault energy of the layer constituents.  

3.2 Introduction 

Nanostructured metallic multilayers (NMMs) have advanced physical properties 

and have been widely studied for various  applications, including  magnetic  data  storage  

 

*Reprinted from “J. Li, Y. Chen, S. Xue, H. Wang, X. Zhang, Comparison of size 

dependent strengthening mechanisms in Ag/Fe and Ag/Ni multilayers, Acta Materialia, 

114 (2016) 154-163” with permission from Elsevier. 
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[258, 259], hydrogen storage [219, 260], and radiation tolerance [76, 175, 207, 241, 244, 

261-263, 285] etc. In addition, NMMs may have applications as the future micro/nano 

electromechanical devices as certain multilayer systems exhibit close to theoretical 

strength and relatively large deformability [189, 196, 208, 213, 264]. Size-dependent 

strengthening in NMMs, that is the evolution of film hardness as a function of individual 

layer thickness, h, has been extensively studied [180, 181, 196-202, 204, 265].  

Since the establishment of the Hall-Petch (H-P) model in 1950th, it has been widely 

adopted to explain the grain boundary (GB) induced strengthening mechanism due to 

dislocation pile-ups [205, 206]. The H-P model also works well for NMMs [76, 181, 191, 

196, 208-212, 217, 221] when the individual layer thickness h is greater than tens of 

nanometers (normally when h > 50 nm). At this length scale, the hardness increases 

linearly with h-1/2, and the H-P slope has been used to estimate the interface barrier strength 

and predict the peak hardness of multilayers. However, if the multilayers contain a 

significant number of defects, such as nanotwins and nanograins, that have much smaller 

dimensions than h, the peak hardness predicted from the H-P slope may show a substantial 

deviation from the measured values [191, 208, 217, 221, 286, 287].  

When h decreases to below 50 nm, film hardness deviates from the linear 

prediction of the H-P model, as dislocation pile-ups are less likely at such a small length 

scale. Instead, the confined layer slip (CLS) model derived from the Orowan bowing of 

single dislocations may be a more realistic deformation mechanism [202, 213]. At this 

length scale, dislocation movement is confined within the layers since the stress required 

for transmission of dislocations across interfaces is larger than that to bow dislocations in 
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form of hairpins. A refined CLS model has also been developed by taking interface 

stresses and misfit dislocations into account, and the model describes the size dependent 

hardness evolution of certain metallic multilayers fairly well [181, 217].  

When h reduces to several nm (generally 1 ~ 5 nm), the strength of NMMs 

typically reaches a plateau and is independent of h. The maximum (or plateau) strength of 

the multilayers is determined by various mechanisms, including Koehler stress [214-216], 

misfit dislocations [208, 215, 217, 218], chemical stress [208, 212, 215, 219], coherency 

stress [215, 220] and twinning [211, 212, 217, 221, 222]. A hardness plateau is generally 

observed at smaller h in incoherent systems [189, 191, 196, 205, 223], while softening 

often occurs in coherent systems due to the formation of fully coherent interfaces (also 

referred to as transparent interfaces, that is the interface is transparent to the transmission 

of dislocations) [196, 210, 215].  

A substantial number of prior studies have focused on the microstructural 

evolution and mechanical properties of NMMs with various types of interfaces, including 

FCC/FCC [208, 209, 212, 221], BCC/BCC [221, 288, 289], HCP/HCP [290], FCC/BCC 

[189, 196, 217, 265], FCC/HCP [211, 217] and BCC/HCP [291-293] interface (FCC: face-

centered cubic; BCC: body-centered cubic; HCP: hexagonal close-packed). Among these 

systems, FCC/BCC multilayers with opaque and immiscible layer interfaces have 

attracted considerable attention as such interfaces are strong barriers to the transmission 

of dislocations because of the discontinuity of slip systems [294, 295]. Cu/Nb, Cu/V and 

Cu/Fe are some of the typical multilayers with FCC/BCC interfaces [196, 203]. Molecular 

dynamics (MD) simulations have shown that the interfaces in Cu/Nb multilayer systems 
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exhibit lower elastic modulus than layer constituents and thus the stress field of a glide 

dislocation can locally shear the interface and lead to dislocation core spreading along 

“weak” layer interfaces. The reemission of dislocations therefore becomes very difficult 

[295]. The study on Cu/V showed  that weak interface and slip discontinuity may be the 

key to determining the peak strength in this system [189]. The strengthening mechanism 

in Cu/Fe system is slightly different, as high strength is observed in multilayers with 

relative large h (50 ~ 100 nm). The high strength over this length scale is ascribed to the 

confined dislocation propagation within nanoscale columnar grains (in the Fe layers), 

which are much smaller than h [217]. High-density growth twins have been observed in 

fully coherent (111) Cu/Fe multilayers when h = 0.75 nm and Fe has transformed to FCC 

structure. Peak hardness was retained because nanotwins are strong barrier to the 

transmission of dislocations [277, 296]. In Ag/V system, multiple growth orientation 

relations, including K-S, N-W, Bain as well as other intermediate relations, exist between 

two layer components, and therefore the habit planes change locally with the curvature of 

the interfaces [297].  

Nanotwins have been extensively observed in some FCC/FCC multilayer systems, 

such as Cu/Ni [221], (100) textured Cu/Co ((100) Co has FCC phase) [211], Ag/Al [212], 

Ag/Ni [208], etc., and twin boundaries (TBs) contribute significantly to their peak strength. 

For instance, in (111) textured Cu/Ni multilayers, nanotwins significantly enhance the 

mechanical strength compared with their (100) textured counterparts. However, the large 

difference in peak hardness between (100) Cu/Ni and (100) Cu/Co (Co has transformed 

to FCC phase) is unexpected as both systems have nearly epitaxial microstructure, similar 
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lattice mismatch (~2.6%) and elastic modulus mismatch. Such a large difference in 

hardness has led to a hypothesis that the difference in stacking fault energy (SFE) between 

layer constituents could contribute significantly to the strength of multilayer systems [211]. 

In this study, we selected Ag/Fe multilayers for the following reasons. First, the 

strengthening mechanisms in Ag/Fe with FCC/BCC interfaces are less well understood. 

Prior studies on Ag/Fe focused on their magnetic properties [266], microstructures and 

indentation creep behavior [267-269]. Second, when comparing Ag/Fe and Ag/Ni, it is 

evident that the elastic modulus of Fe and Ni are similar. Thus the Koehler stress due to 

elastic modulus difference should be similar in both Ag/Fe and Ag/Ni multilayers. 

Consequently, we anticipate that Ag/Fe and Ag/Ni multilayers should have comparable 

peak strength. Such a hypothesis will be tested. Third, we will compare the mechanical 

strength of Ag/Fe to Cu/Fe multilayers. In Cu/Fe multilayers, the grain size of Fe is smaller 

than h and determines the mechanical strength of system at large h (h > 50 nm). At small 

h (1 nm or so), Cu and Fe form coherent interfaces as Fe has transformed to FCC phase. 

Softening has been observed in Cu/Fe with small h due to the formation of coherent 

(transparent) interfaces. Furthermore, nanotwins with an average twin spacing of ~ 6 nm 

has been observed in Cu/Fe multilayers. It is unclear if twins can form in Ag/Fe 

multilayers at this small length scale; and if softening exists in Ag/Fe multilayers.      

In this paper, we provide a comprehensive study on the microstructures of Ag/Fe 

multilayers by transmission electron microscopy (TEM), and the mechanical properties of 

Ag/Fe multilayers obtained by nanoindentation. The comparison of size dependent 

strengthening mechanisms in Ag/Fe to other systems, such as Ag/Ni and Cu/Fe, reveals 



76 
 

several surprises, and the conclusion derived from this study may have general 

implications on size dependent strengthening mechanisms in numerous metallic 

multilayer systems.   

3.3 Experimental 

Ag/Fe multilayer thin films with identical individual thicknesses, h, varying from 

1 to 200 nm and overall thicknesses of 1-4 µm were deposited onto HF acid etched single 

crystal Si (111) substrates via DC magnetron sputtering at room temperature from pure 

Ag (99.99%) and Fe (99.95%) targets. A base pressure of better than 8 × 10-8 torr was 

achieved before deposition, and the Ar pressure during deposition was 2~3 mtorr. A 50 

nm-thick Ag buffer layer was deposited before the deposition of any Ag/Fe multilayers. 

The indentation hardness was measured using a Fischerscope HM2000XYp 

micro/nanoindentor with a Vickers indenter tip using instrumented nanoindentation 

technique. Approximately 15 indents were performed at different locations with different 

indentation depths. Each indent will typically penetrate into several bilayers, and the 

maximum depth was kept to be less than 15% of total film thickness to avoid the substrate 

effect. Hardness versus indentation depth was plotted, and the plateau value was chosen 

as the hardness of the measured film. X-ray diffraction (XRD) experiments were 

performed by using a PANalytical X’Pert PRO Materials Research Diffractometer (Cu Kα 

radiation) at room temperature. Transmission electron microscopy (TEM) studies were 

carried out on both FEI Tecnai F20 Super Twin microscope and JEOL 2010 TEM 

microscope operated at 200 kV. Cross-sectional TEM (XTEM) samples were ground and 

polished mechanically, and further thinned by dimpling. Finally, low energy Ar ion 
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milling (3.0~4.0keV) and ion polishing (2.0 keV) were involved in reducing film thickness 

to roughly 100 nm. 

3.4 Results 

3.4.1 Microstructure characterization 

Fig. 3.1a compiles XRD profiles of as-deposited Ag/Fe multilayers on Si (111) 

substrates. When h > 50 nm, Fe layers had BCC (110) texture, while Ag layers had strong 

(111) texture. The Fe (110) peak shifted to lower angles when h < 25 nm. The magnified 

XRD patterns for multilayers with h of 1 ~ 10 nm in Fig. 3.1b show a peak with interplanar 

distance of  ½ (dAg
(111) + dFe

(111)) and a Ag (111) sueprlattice satellite peak (n = +1) in the 

Ag 5 nm/Fe 5 nm (referred to as Ag/Fe 5 nm) multilayer. Additionally, FCC Fe (111) peak 

emerged in Ag/Fe 5 nm and Ag/Fe 2.5 nm multilayers. The Ag/Fe 1 nm multilayer 

exhibited a single predominant Ag (111) peak, indicating the formation of strong (111) 

texture.  

A bright-field XTEM micrograph and the corresponding selected area diffraction 

(SAD) patterns of Ag/Fe 200 nm multilayer are shown in Fig. 3.2a and 3.2b respectively. 

The SAD pattern indicates the formation of polycrystalline film with strong BCC Fe (110) 

and Ag (111) texture. Furthermore, Fe layers had nanoscale columnar grains with an 

average grain size of ~ 21 nm, much smaller than that (~ 106 nm) in Ag layers as shown 

in Fig. 3.2c. The average columnar grain size clearly evolved with h, as shown in Fig. 

3.2d. When h > 50 nm the average columnar grain size of Ag decreased from 106 ± 25 to 

28 ± 6 nm, and the grain size of Fe decreased from 21 ± 5 to 9 ± 4nm. When h decreased 

to below 50 nm the grain size of Ag and Fe did not decrease further. 
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Fig. 3.1. (a) XRD patterns of Ag/Fe multilayers deposited on Si (111) substrates. When 

h > 50 nm, Fe exhibits BCC (110) texture, while Ag has strong (111) texture. When h < 

25 nm, the BCC Fe (110) peak shifts to lower angles. (b) Magnified XRD patterns for a 

multilayer with h of 1 ~ 10 nm. When h = 5 nm, a superlattice peak with ½(dAg
(111) + 

dFe
(111)) forms, and both BCC Fe (110) and FCC Fe (111) peaks emerges. A Ag (111) 

satellite peak (n = +1) appeared when h = 2.5 nm. The BCC Fe (110) peak disappears 

when h = 1 nm, and the Ag/Fe 1 nm multilayer exhibits single predominant Ag (111) peak.  

 

Fig. 3.3a shows clear layer interfaces in the Ag/Fe 5 nm multilayers deposited on 

Si (111) substrates. The SAD pattern of Ag/Fe 5 nm multilayer (in Fig. 3.3c) examined 

from the Ag <110> zone axis reveals the following orientation relationship: (111)Ag // 

(110)Fe, [110] Ag // [100]Fe , that is the typical N-W orientation. Also we have observed 

twinned orientation among Ag diffraction spots (as shown by the green and blue dotted 

lines). The SAD pattern of the Ag/Fe 5 nm multilayer examined from an orthogonal 

direction (along the Ag <112> zone axis) shows that (111)Ag // (110)Fe, [112]Ag // [110]Fe. 

Fig. 3.3b shows schematically the orientation relationship between Ag and Fe in the Ag/Fe 

5 nm multilayer.  
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Fig. 3.2. (a) A bright field cross-section TEM (XTEM) micrograph of Ag/Fe 200 nm 

multilayer showing the formation of nanoscale columnar grains in Fe layers. (b) The 

corresponding selected area diffraction (SAD) pattern reveals BCC Fe (110) and Ag (111) 

texture. (c) The statistical studies show that the average columnar grain size is ~106 nm 

for Ag, and 21 nm for Fe. (d) The evolution of columnar grain size as a function of h. 

When h > 50 nm the average grain size of Ag decreased from 106 ± 25 to 28 ± 6 nm, and 

the grain size of Fe decreased from 21 ± 5 to 9 ± 4nm. When h decreased to below 50 nm, 

the average grain size of Ag and Fe did not decrease further. 

 

Fig. 3.4 and Fig. 3.5 show separately, the existence of both incoherent and coherent 

interfaces in Ag/Fe 5 nm multilayer on Si (111) substrate. High-resolution TEM (HRTEM) 

micrograph in Fig. 3.4a shows distinct layer interfaces between Ag and Fe. Fast Fourier 
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transform (FFT) and the corresponding inverse FFT (IFFT) in the selected areas in Ag and 

Fe layer as well as along their interface are shown in Fig. 3.4b1 – b3 respectively. Ag is 

examined from <110> zone axis, and Fe has BCC phase along <100> zone axis. Fig. 3.4b3 

shows a clear incoherent interface between FCC Ag and BCC Fe. In contrast, the HRTEM 

micrograph in Fig. 3.5a shows the formation of coherent interfaces in the same Ag/Fe 5 

nm multilayer specimen. Three interfacial zones (labeled as A, B and C in Fig. 3.5a) are 

examined in detail. The magnified HRTEM micrograph in Fig. 3.5b2 shows a nearly 

coherent Ag/Fe interface formed at location B, and Fe had distorted FCC structure. 

Furthermore, an interesting hetero-twinning relationship is evident between Ag and Fe. 

As shown in Fig. 3.5b1 and Fig. 3.5b3, TBs formed between the adjacent Ag and FCC Fe 

layers. The zigzag pattern of these plane traces in the schematic in Fig. 3.5a clearly shows 

the twin orientation relationships between successive layers. 

Interface coherency was further enhanced when h < 5 nm. For instance the 

HRTEM micrographs of Ag/Fe 2.5 nm multilayer in Fig. 3.6a and the magnified TEM 

micrographs of the box d (Fig. 3.6c and 3.6d) show the formation of nearly coherent Ag/Fe 

interfaces. Although coherent interfaces are frequently observed in this specimen, the 

SAD pattern in Fig. 3.6b shows the existence of distorted FCC Fe. In particular the 6 {111} 

FCC Fe diffraction spots appear to match the diffraction pattern of the Ag <110> zone 

axis. Similar to Fig. 3.6, several HRTEM micrographs of the Ag/Fe 1 nm film in Fig. 3.7a, 

3.7c and 3.7d confirm the formation of semi-coherent interfaces with distorted FCC Fe. 

The SAD pattern in Fig. 3.7b shows the formation of distorted FCC Fe examined along 
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<110> zone axis. Furthermore the HRTEM micrograph in Fig. 3.7d shows a stacking fault 

in Fe and a misfit dislocation at the Ag/Fe layer interface.  

 

 

Fig. 3.3. (a) A bright field XTEM micrograph of Ag/Fe 5 nm multilayer on Si (111) 

substrates. N-W orientation relationship, (111)Ag // (110)Fe, [110]Ag // [100]Fe, between Ag 

and Fe was schematically illustrated in (b), and was revealed in SAD pattern in (c) 

examined along Ag <110> and Fe <100> zone axis. Ag layers have twinned orientations. 

The N-W orientation relationship was further proved in SAD pattern in (d) where the 

image was taken from the Ag <112> and Fe <110> zone axis. 
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Fig. 3.4. The formation of incoherent interfaces in Ag/Fe 5 nm multilayer film on Si (111) 

substrate. (a) An HRTEM micrograph shows the clear interface between Ag and Fe. (b1 - 

b3) Fast Fourier transforms (FFTs) and the corresponding inverse FFTs (IFFTs) in the 

selected areas in Ag and Fe layer as well as along their interface. Ag is examined from 

<110> zone axis, whereas Fe has BCC phase as revealed along <100> zone axis. (b3) FFT 

and IFFT showing the incoherent interface between FCC Ag and BCC Fe.  

 

 

Fig. 3.5. Coherent interface and growth twins in the Ag/Fe 5 nm multilayer film. (a) 

HRTEM micrograph of the multilayer combined with the FFT of each individual layer 

and schematics showing the formation of twin boundaries (TBs) in the multilayer. (b1 and 

b3) HRTEM micrographs and FFTs show the formation of nearly coherent TBs between 

Ag and Fe in multilayers at two different locations (A and C in Fig. 6a). (b2) A nearly 

coherent Ag/Fe interface forms in box B and Fe has distorted FCC structure.  
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Fig 3.6. (a) A cross-sectional HRTEM micrograph of Ag/Fe 2.5 nm multilayer on Si (111) 

substrate. (b) The corresponding SAD pattern shows a largely distorted FCC Fe pattern, 

where the 6 {111} FCC Fe diffraction spots appear to match the diffraction spots from 

FCC Ag {110} diffraction zone axis. (c-d) For the same specimen at a slightly different 

location, an HRTEM micrograph and the magnified box d at interface showing the 

formation of nearly coherent Ag/FCC Fe interface.  

 

3.4.2 Multilayer hardness 

The hardnesses of Ag/Fe multilayer films on Si (111) substrate as a function of h-

1/2 are compared with Cu/Fe (111) [217] and Ag/Ni (111) multilayers [208] in Fig. 3.8. 

The peak hardness of Ag/Ni is ~ 6 GPa (when h = 1 nm), comparing to ~ 4 GPa for the 

Ag/Fe 5 nm multilayers and ~ 4.5 GPa for the Cu/Fe 1 nm multilayers. Three distinct 

characteristics are noteworthy in this plot: 
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(1) When h ≥ 50 nm, the hardnesses of Cu/Fe and Ag/Fe are larger than Ag/Ni. In 

addition, the H-P slope is ~4.5 GPanm1/2 for Ag/Fe multilayers, much smaller 

compared with that for the Cu/Fe multilayers, ~10.3 GPanm1/2, and Ag/Ni, ~19.8 

GPanm1/2. 

(2) When 50 nm > h ≥ 5 nm, Ag/Ni multilayers become harder than Ag/Fe, but remain 

softer than Cu/Fe multilayers. 

(3) When h < 5 nm, the hardness of Ag/Ni continuously increases and finally becomes 

larger than that of the Ag/Fe and Cu/Fe films. No softening is observed for the 

Ag/Ni and Cu/Fe systems while softening occurred in the Ag/Fe multilayers. 

3.5 Discussion 

3.5.1 Microstructure evolution of Ag/Fe multilayers 

3.5.1.1 Coherency and phase transformation of Fe when h ≤ 2.5 nm  

Our previous study on Cu/Fe multilayers showed clear h dependence of columnar 

grain size in both Fe and Cu layers [217]. A similar phenomenon has been observed in 

this study. When h = 200 nm, the grain size of Ag is ~ 106 nm, which is approximately 

five times that of Fe (~ 21 nm). The lattice constants of Ag and BCC Fe are 4.085 Å and 

2.867 Å, respectively. Thus in general, Ag and Fe should form incoherent interfaces due 

to the large lattice mismatch, ~ 35%. However, a middle peak and a superlattice peak were 

observed when h = 5 and 2.5 nm. Furthermore, the Fe (110) peak gradually shifted to 

smaller 2θ angle and finally diminished at h = 1 nm. These observations indicate that semi-

coherent interfaces might have formed when h < 10 nm. More specifically when h = 1 nm, 

coherent interface may have become dominant as implied by the single predominant Ag 
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(111) peak in XRD pattern. Meanwhile, Fe might experience a BCC-to-FCC phase 

transformation (as evidenced by the HRTEM micrographs in Fig. 3.7). The formation of 

semi-coherent Ag/Fe interfaces with distorted FCC Fe phase is somewhat surprising. 

Coherent Cu/Fe interfaces have been observed before, where FCC Fe has lattice 

parameters, ~ 3.585 Å, similar to that of Cu (3.615 Å).  

 

   

Fig. 3.7. (a) An HRTEM micrograph of Ag/Fe 1 nm film on Si (111) substrate. (b) The 

corresponding SAD pattern shows the formation of distorted FCC Fe examined along 

<110> zone axis. (c) The magnified view in box c showing nearly coherent Ag/Fe 

interfaces. (d) An inverse of FFT of the box d in Fig. 3.7a showing a stacking fault in FCC 

Fe and a misfit dislocation at the Ag/Fe layer interface.  
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The critical film thickness to keep coherent interface (free from misfit dislocation) 

can be estimated by [298], 

ℎ𝑐 =
𝑏

8𝜋(1+𝜈)𝜀𝑚
[ln (

ℎ𝑐

𝑏
) + 1]      (3.1), 

where ℎ𝑐  is often referred to as the critical layer thickness for the formation of misfit 

dislocations, the magnitude of the Burgers vector b is ~ 0.25 nm, the mismatch strain 𝜀𝑚 

between Ag and FCC Fe is 13%, and the Poisson’s ratio 𝜈 is 0.33. The calculated value 

for ℎ𝑐 is ~ 0.5 nm. In Ag/Fe multilayers, since Fe is sandwiched by two Ag layers, the 

maximum thickness for maintaining coherent interface could be 2ℎ𝑐 = ~ 1 nm. Thus, it is 

feasible that Ag/Fe may exhibit semi-coherent interface when h = 1 nm.  

 When h = 2.5 nm, we also observed coherent Ag/Fe interface (as revealed by TEM 

micrographs in Fig. 3.6). Additionally, the same multilayer also shows the formation of 

distorted BCC Fe, as indicated by the SAD pattern in Fig. 3.6b. It appears that 6 FCC Fe 

{111} diffraction spots tend to match the diffraction spots of FCC Ag (along <110> zone 

axis). Such an intriguing phenomenon has not been reported before.  

3.5.1.2 Hetero-twin formation when h = 5 nm 

Although FCC Fe could form in Ag/Fe 1 nm multilayers, the formation of FCC Fe 

in Ag/Fe 5 nm multilayers is even more surprising. Both semi-coherent Ag/Fe (FCC Fe) 

and incoherent Ag/Fe (BCC Fe) interfaces were observed in Ag/Fe 5 nm multilayers. 

Furthermore, we have observed hetero-twins formed between Ag and Fe, that is the Ag/Fe 

layer interface may also serve as a TB between the two constituents in the Ag/Fe 5 nm 

multilayer. A somewhat similar observation has been reported in a metal/ceramic system, 
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Al/TiN,  where alternating Al layers may have a twin orientation separated by adjacent 

TiN layers [299]. Nanotwins have been observed in Cu/Fe 0.75 nm multilayers, and the 

average twin spacing is typically 6 nm [217]. In the current study, however, nanotwins 

were barely observed in Ag/Fe 1nm multilayers.  

3.5.2 Strengthening mechanisms in Ag/Fe multilayers and comparisons to other 

systems 

3.5.2.1 Strengthening at large layer thickness where h = 50 – 200 nm 

Previous studies typically show that, when h > 50 nm, the hardness of multilayer 

films scales approximately linearly with h-1/2. The maximum hardness can be estimated 

reasonably well by using a traditional H-P relationship [205, 206, 300]: 

HIT = H0 + kHPh−0.5,      (3.2) 

where H0 is the hardness when the grain size is infinitely large and it represents the overall 

resistance of the crystal lattice to dislocation motion.  H-P slope, kHP, is a measure of the 

relative hardening contribution from layer interfaces, and can be expressed via [300]: 

kHP = √𝜏∗G𝑏/[𝜋(1 − ν)]     (3.3), 

where 𝜏∗ is the interface barrier strength, G is the shear modulus (30 GPa for Ag), b is 

0.289 nm for Ag, and ν is ~ 0.33. From kHP measured from the HIT vs. h-1/2 plot, 4.45 

GPanm1/2, we calculate 𝜏∗ to be 0.073 GPa. The Tabor relation, H = 2.7σ, can be used to 

estimate peak hardness [301], where σ is the flow stress and can be calculated by taking 

into account the Taylor factor so that σ = 3𝜏∗. Thereby the peak hardness (=8.1𝜏∗) is 
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estimated to be ~0.6 GPa, which is much lower than the measured value, ~ 4.4 GPa. Thus 

the measured H-P slope in the current study cannot predict the peak hardness of Ag/Fe 

multilayer films, different from numerous prior studies [189, 208, 209, 211]. When 

comparing Ag/Fe to Cu/Fe multilayers, it is evident that the Cu/Fe multilayers have 

similarly low H-P slope [217]. Furthermore when h > 50 nm, the hardnesses of Ag/Fe and 

Cu/Fe multilayers are much greater than that of Ag/Ni with identical h. This is primarily 

because the Fe layers have small columnar grain sizes, ~ 20 nm, much smaller than h. In 

this case, the deterministic dimension for film hardness is no longer h, but columnar grain 

size. Thus once dislocations (nucleated in Ag layers) propagate through Ag/Fe layer 

interfaces, they will be confined by the narrow columnar grain boundaries (channels) in 

Fe. In this case the stress for the propagation of dislocations (via Orowan bowing) in Fe 

layers may determine the hardness of Ag/Fe multilayers over this length scale (h > 50 nm). 

In contrast, the columnar grain sizes in Ag/Ni multilayers are comparable to layer 

thickness, and thus the strength of Ag/Ni multilayers is lower than that of Ag/Fe 

multilayers.    

3.5.2.2 Strengthening mechanisms when h = 25 – 10 nm 

At these length scales, the hardness is no longer dominated by columnar grain 

boundaries because their dimension is comparable or greater than individual layer 

thickness (refer to Fig. 3.2d). Consequently, dislocation pile-ups become less effective, 

and the movement of single dislocations is confined within the layers and the 

strengthening mechanism is described by the CLS model based on Orowan bowing 
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mechanism. The critical resolved shear stress 𝜏CLS  needed to initiate dislocation 

movement can be calculated as [202, 213]: 

𝜏CLS =
G𝑏

8𝜋ℎ′ (
4−ν

1−ν
) (ln

ℎ′

𝑏
)    (3.4), 

where ℎ′  is the effective layer thickness - the distance along the slip plane between 

adjacent interfaces. Other variables carry the same meaning as defined previously. Using 

GAg = 30 GPa, bAg = 0.289 nm, ν = 0.33 and ℎ′ = √2ℎ = 14 nm (corresponding to h = 10 

nm), the τCLS is calculated to be ~ 0.52 GPa, corresponding to a hardness value of ~ 4.2 

GPa. This is in agreement with the measured hardness value of ~ 4.0 GPa. The size 

dependent strengthening in Ag/Ni multilayers in this regime has similar trend comparing 

to Ag/Fe. Furthermore, the hardnesses of the two systems over this length scale are very 

close at the same h. 

3.5.2.3 Peak hardness when h = 5 nm 

The hardness of Ag/Ni multilayers reaches a maximum value of ~ 4.4 GPa when 

h = 5 nm. At such a length scale, the maximum strength is determined by the intrinsic 

resistance of the Ag/Fe interface to the transmission of dislocations. In general, the 

interface barrier strength, 𝜏𝑏𝑎𝑟𝑟𝑖𝑒𝑟 can be estimated by [302]: 

𝜏𝑏𝑎𝑟𝑟𝑖𝑒𝑟  =  𝜏𝑘 + 𝜏𝑑 + 𝜏𝑐ℎ                                 (3.5), 

The first term 𝜏𝑘 is the Koehler stress due to the difference in elastic modulus of the layer 

constituents. The maximum 𝜏𝑘 can be estimated by [214]: 

𝜏𝑘 = RGAg sin 𝜃 /8𝜋                         (3.6), 
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where R = (GFe − GAg)/(GFe + GAg), GFe and GAg are the shear moduli of Fe and Ag 

separately. θ is the angle between the slip plane and the interface. Assuming θ = 54.74°, 

the Koehler stress 𝜏𝑘 is calculated to be ~0.44 GPa, corresponding to a hardness of ~ 3.6 

GPa.  

The second term 𝜏𝑑   arises from misfit dislocations, and the third term 𝜏𝑐ℎ 

originates from the difference in SFE of each layer constituent. Since FCC Ag and BCC 

Fe have incoherent interface, the contribution of misfit dislocations to hardness is 

negligible. Therefore, the maximum hardness in Ag/Fe system is mainly dominated by 

Koehler stress. Hardness of the Ag/Fe multilayers at such length scale could also be related 

to hetero-twinned structure between adjacent Ag and Fe layers. TBs form at the Ag/Fe 

interfaces. It has been shown previously by both experiments and molecular dynamics 

simulations that TBs are strong barriers for the transmission of dislocations[296, 303] 

3.5.2.4 Softening when h = 2.5 – 1 nm 

When individual layers become extremely thin (1-2.5 nm in thickness), the 

hardness decreases with decreasing h due to the increase of interface coherency. Coherent 

and semi-coherent interfaces have lower resistance than incoherent interfaces to the 

transmission of dislocations. Hence such interfaces are sometimes referred to as more 

“transparent” interfaces to dislocations than incoherent (also called “opaque”) interfaces 

[294, 295]. The softening in coherent and semi-coherent multilayers at small h is also 

related to the decreasing Koehler stress as the dislocation core radius is comparable to 

layer thickness [215]. A similar result has been observed in Cu/Fe (100) [217] and Cu/Ni 
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(100) multilayers [221]. However, no or little softening occurs in the coherent (111) Cu/Fe 

1nm and (111) Cu/Ni 2.5 nm multilayers due to the formation of high-density growth 

twins. 

 

 

Fig. 3.8. Comparison of size dependent hardnesses among Ag/Fe, Cu/Fe and Ag/Ni 

multilayers. No softening was observed in Ag/Ni, while both Ag/Fe and Cu/Fe show 

softening at small h. The peak hardness of Ag/Ni is ~ 6 GPa (when h = 1 nm), comparing 

to the peak hardness of ~ 4 GPa in Ag/Fe and ~ 4.5 GPa for the Cu/Fe multilayers (when 

h = 5 nm). 

 

3.5.3 The role of stacking fault energy in the determination of peak hardness 

The interface barrier strength, in general, determines the maximum strength of 

multilayers. Some factors, such as 𝜏𝑘, 𝜏𝑑 and chemical stress 𝜏ch  are taken into account 
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to estimate the total interface strength. Among these factors, 𝜏𝑘 and 𝜏𝑑 have been widely 

investigated. In contrast, the contribution from chemical stress 𝜏ch  are less well 

understood. To better understand the role of SFE in the determination of multilayer peak 

hardness,  all three terms (𝜏𝑘, 𝜏𝑑 and 𝜏𝑐ℎ) for several systems, Ag/Fe, Ag/Ni, Cu/Fe and 

Ag/Al are compared in Table 3.2, and Table 3.1 lists the shear modulus, SFE and lattice 

type and constant for these systems. 

 

Table 3.1. Comparison of modulus, SFE, ΔSFE (SFE difference between two components) 

and crystal structure for several multilayer systems. 

 Ag/Fe Ag/Ni Cu/Fe Ag/Al 

Shear modulus, G 

(GPa) 
30/80 30/76 48/80 30/26 

SFE (mJ m
−2

) 10/20 10/110 55/20 10/180 

ΔSFE (mJ m
−2

) 10 100 35 170 

Crystal structure FCC/FCC  FCC/FCC FCC/FCC FCC/FCC 

Lattice constant 

(Å) 
4.09/3.59 4.09/3.52 3.62/3.59 4.09/4.05 

(Note: In Cu/Fe and Ag/Fe multilayers, Fe has become FCC phase when h is ~ 1-5 nm) 
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Table 3.2. Comparison of Koehler stress (τk), misfit dislocation induced barrier stress 𝜏𝑑, 

chemical stress (τch),  calculated peak hardness (Hcal
peak

) and experimentally measured 

peak hardness (Hexp
peak

) for several multilayer systems. 

 
𝝉𝒌 

(GPa) 

𝝉𝒅 (GPa) 𝝉𝐜𝐡 

(GPa) 

𝝉𝒕𝒐𝒕𝒂𝒍  𝐇𝐜𝐚𝐥
𝐩𝐞𝐚𝐤

 𝐇𝐞𝐱𝐩
𝐩𝐞𝐚𝐤

 

Ag/Fe 0.44 0.09 - 0.53 4.3 4.3 

Ag/Ni 0.44 - 0.31 0.75 6.1 6.0 

Cu/Fe 0.37 0.25 - 0.62 5.0 4.8 

Ag/Al 0.05 - 0.5 0.65* 5.3 5.5 

                      Note: (𝜏𝑡𝑜𝑡𝑎𝑙 = 𝜏𝑘 + 𝜏𝑑 + 𝜏ch;  Hcal
peak

= 8.1𝜏𝑡𝑜𝑡𝑎𝑙 ) 

                      * 𝜏𝑡𝑜𝑡𝑎𝑙  in Ag/Al also comes from ω interaction. 

 

It is not surprising to see that Ag/Fe and Cu/Fe have the similar peak hardness 

since in both systems, 𝜏𝑘 is the primary term and similar for Ag/Fe and Cu/Fe multilayers. 

Whereas it is unexpected that Ag/Ni is ~ 2 GPa harder than Ag/Fe because Koehler stress 

is exactly the same for these two systems. Such a big difference in peak hardness can be 

explained in terms of the chemical stress, 𝜏𝑐ℎ, which can be estimated by [214, 215] 

𝜏𝑐ℎ =
𝛾Ag−𝛾Fe

𝑏
                      (3.7),  

where τch is chemical stress, γAg and γFe are respective SFE of Ag and Ni, and b  is Burgers 

vector of Ag. In Ag/Ni, the SFE difference between Ag (10 mJ/m2) and Ni (110 mJ/m2) is 

very large, resulting in a large chemical stress term, ~ 0.3 GPa in Ag/Ni; while the 

chemical stress is negligible in Ag/FCC Fe (as FCC Fe also has very low SFE, ~20 mJ/m2 
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[304]). Another interesting comparison is made between Ag/Fe and Ag/Al multilayers, 

where Ag/Al is more than 1 GPa harder than Ag/Fe multilayers. The Koehler stress in 

Ag/Al, is roughly an order of magnitude smaller than Ag/Fe (0.05 GPa vs. 0.44 GPa), but 

the chemical stress 𝜏𝑐ℎ for Ag/Al is significant, ~ 0.5 GPa, due to the giant SFE difference 

between Ag and Al (10 mJ/m2 vs. 180 mJ/m2). Consequently the Ag/Al multilayers have 

higher peak hardness than Ag/Fe multilayers [212]. 

The difference in SFE may determine the peak hardness of multilayers with 

FCC/FCC interfaces to a greater extent. Our recent studies show that the peak hardness of 

(100) textured Cu/FCC Co is much smaller than that of (100) Cu/Ni multilayers [211]. 

When Co transforms to FCC phase (in (100) Cu/Co multilayers), the chemical stress is 

very low as both Cu and FCC Co have low SFE. Consequently, the partial dislocations 

nucleated in FCC Cu may transmit across the Cu/FCC Co interface with low resistance. 

In contrast, the Cu/Ni system has a large SFE mismatch so that partials in Cu may have to 

constrict to perfect dislocations before they can transmit across the Cu/Ni interfaces (as 

Ni has a much greater SFE than Cu).      

Comparison of normalized peak hardness (Hpeak/Gave) as a function of SFE 

difference ΔγSFE between two components in different Ag and Cu based multilayer 

systems (with FCC/FCC interfaces) is shown in Fig. 3.9. The dashed line shows a simple 

linear fit to the literature data. A clear trend is identified, that is Hpeak/Gave increases with 

increasing ΔγSFE, indicating that chemical stress may play a major role in determining the 

peak strength of a variety of Ag and Cu based multilayer systems. Such an observation 

may provide a fresh perspective for the design of high strength metallic multilayers.   
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Fig. 3.9. Comparison of normalized peak hardness (Hpeak/Gave) as a function of stacking 

fault energy difference ΔγSFE between two components in different Ag and Cu based 

FCC/FCC multilayer systems. The dashed line shows a simple linear fit of the literature 

data. The values of Hpeak/Gave appear to increase with increasing ΔγSFE, indicating that 

chemical stress due to stacking fault energy difference plays a significant role in 

determining the peak strength of these multilayers.  

 

3.6 Conclusions 

Ag/Fe multilayers with various individual layer thicknesses were deposited on Si 

(111) substrate by magnetron sputtering. The coherency between Ag and Fe increases with 

decreasing h. Nearly coherent interfaces form in Ag/Fe 1 nm multilayers. Phase 

transformation from BCC to FCC Fe occurred when h < 5 nm. Hetero-twinned interfaces 

were observed between adjacent Ag and Fe when h = 5 nm. Comparisons of hardness 

between Ag/Fe, Ag/Ni, Cu/Fe and Ag/Al reveal the significance of stacking fault energy 

of layer constituents in the determination of peak hardness of multilayers with FCC/FCC 

interfaces.  
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CHAPTER IV 

IN SITU STUDY OF DEFECT MIGRATION KINETICS AND SELF-

HEALING OF TWIN BOUNDARIES IN HEAVY ION IRRADIATED 

NANOTWINNED METALS* 

4.1 Overview 

High energy particles can introduce severe radiation damage in metallic materials 

especially those with low stacking fault energy. Twin boundary (TB) has recently been 

shown to enable the reduction of defect density in heavy ion irradiated nanotwinned Ag. 

However, the defect-twin boundary interaction mechanisms in nanotwinned metals 

remain poorly understood. Here we report on the study of TB affected zone wherein time 

accumulative defect density and defect diffusivity are substantially different from those in 

twin interior. In situ studies also reveal surprising resilience of TBs in response to radiation: 

TBs continue to change their geometry to facilitate the capture, transportation and removal 

of defect clusters and can recover by absorbing opposite type of defects. This study 

provides further support for the implementation of TBs as effective defect sinks for the 

design of radiation tolerant nanostructured metallic materials.   

 

 

*Reprinted from “J. Li, K.Y. Yu, Y. Chen, M. Song, H. Wang, M.A. Kirk, M. Li, X. 

Zhang, In situ study of defect migration kinetics and self-healing of twin boundaries in 

heavy ion irradiated nanotwinned metals, Nano Lett, 15 (2015) 2922-2927” with 

permission from American Chemical Society. 
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4.2 Introduction 

High-density irradiation induced defect clusters, such as dislocation loops and 

networks, voids, bubbles and stacking fault tetrahedra (SFT), can significantly undermine 

the mechanical properties of irradiated materials in form of radiation hardening, 

embrittlement, etc., [2, 9-12, 14, 17, 94, 305, 306]. Next generation nuclear reactors call 

for exploration of advanced structural materials that can sustain extreme radiation up to 

several hundred displacements-per-atom (dpa) [3, 4]. Nanostructured materials, such as 

nanocrystalline, nanolayered, nanoporous  and nanotwinned (nt) materials, have high-

density defect sinks that can alleviate radiation damage. Fine grained materials have 

shown significantly reduced defect density and radiation induced hardening [77, 131, 147, 

242]. Grain boundary affected zones have been observed in various nanomaterials where 

defect clusters migrate toward grain boundaries swiftly before being absorbed. As a result, 

there are apparently fewer dislocation loops or He bubbles within grain boundary affected 

zones, a phenomenon also frequently referred to as the “grain boundary denuded zone” in 

the literature [243, 254, 307, 308]. Size dependence of radiation damage has been reported 

in He irradiated nanolayers where He bubble density and radiation induced hardening 

decrease drastically with the decrease of individual layer thickness [175, 241, 244, 246, 

309]. More recently, NP metals have shown drastic impact on defect population [183] and 

migration dynamics [184] in single crystal and NP Ag. The local and global diffusivities 

of defect clusters has been measured to be quite different. In addition, NP Au showed 

enhanced radiation tolerance as long as the ligament size is within an optimum range [183]. 

Twin boundaries (TBs) are low energy boundaries that are generally anticipated to be less 
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effective in alleviation of radiation damage, comparing to high angle GBs. However, Yu 

et al [89] reported that density of SFT in NT Ag strongly depends on average twin spacing 

as TBs can effectively remove SFTs. Moreover, ex situ [310] and in situ [89, 256] radiation 

studies have revealed frequent TB migration in irradiated NT metals. Beyond 

aforementioned nanostructured materials, other interesting structures and materials, such 

as nanopillars [170] and metallic glasses, have also been studied under radiation. For 

instance, the study on helium ion irradiated Ni73P27 indicated that metallic glasses exhibit 

an impressive resistance to high fluence of He ion irradiation, and could be a potential 

candidate for nuclear radiation applications [171]. 

Despite these prior studies, physics of radiation damage mechanisms in NT metals 

remains poorly understood. First, although one would anticipate the existence of twin 

boundary affected zones (TBAZs similar to GBAZs), it has been shown that defect density 

may not vary as a function of distance to TBs [310]. Second, in spite of the study of SFT 

removal by TBs, it is unclear if TBs can also remove dislocation loops. Third, it remains 

a challenge to measure defect migration kinetics in irradiated metallic materials [311], and 

defect migration kinetics in NT metals is largely unknown.  

Here we provide evidence for the existence of twin boundary affected zones in NT 

metals, and compare the global and instantaneous diffusivity of defect clusters at different 

separation distance from TBs in NT Ag. In situ radiation studies revealed dislocation loop 

induced distortion of coherent twin boundaries (CTBs) and self-healing of TBs after 

absorbing opposite type of defect clusters. The outstanding self-healing capability of TBs 

has important implication for the design of materials under extreme radiation environment. 
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4.3 Experimental 

Epitaxial NT Ag films, ~2 µm in thickness, were deposited through DC magnetron 

sputtering by using 99.99% purity Ag target onto HF-etched single-crystal Si (111) 

substrates at room temperature. Prior to deposition, the chamber was evacuated to a base 

pressure of ~1 × 10-5 Pa. Ag films were annealed at 700 ˚C for 0.5 h after deposition and 

an average twin thickness of ~70 nm was obtained. Cross-sectional transmission electron 

microscopy (TEM) specimens were prepared by grinding, polishing and ion-milling. Both 

as-annealed and post-irradiated specimens were investigated using an FEI Tecnai G2 F20 

ST microscope. In situ irradiation experiment was performed at room temperature at the 

IVEM-TANDEM facility at Argonne National Laboratory. 1 MeV Kr2+ ion beam was 

used for radiation experiments to a maximum fluence of 2 × 1014 ions cm-2 (~ 1 dpa). The 

dose rate and beam current applied during in situ radiation expeirments are 1.25 × 10-3 

dpa/s and ~250 nA, respectively. The radiation damage profile in unit of displacements-

per-atom (DPA) has been calculated by using SRIM (Kinchin-Pease method). Most Kr 

ions (99.99%) penetrated directly through the specimen because the ion energy was as 

high as 1MeV and the TEM foil was very thin (~ 100 nm). The plateau of DPA profile in 

Fig. 4.S1 reveals that the damage was relatively uniform with respect to the depth of the 

irradiated specimen. The temperature rise of specimen during in situ Kr ion irradiation is 

typically less than 50oC. 

4.4 Results 

As-deposited Ag has high-density growth twins with predominantly {111} CTBs. 

Before radiation, the TEM specimen was tilted to <110> zone Axis, nearly parallel to the 
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direction of Kr ion flux as shown in Fig. 4.1a. Frequent migration of irradiation induced 

defect clusters was observed during in situ radiation experiment and an example is shown 

in Fig. 4.1 (b1-b6). These defect clusters are primarily interstitial loops and SFTs as 

reported in our previous study [89], and the average size of the defect clusters was 

calculated to be 6 ± 2 nm, nearly independent on their relative distance to the TBs. 

Abundant SFTs were observed in irradiated NT Ag.  During radiation processes at room 

temperature, the interstitial loops are typically mobile, while vacancy loops and SFTs are 

immobile clusters [312]. A defect cluster generated in Zone A, which is in the center of a 

60 nm thick twin in NT Ag, is labeled in Fig. 4.1b1. After a dwell time of 0.8 s, the defect 

cluster migrated over ~ 20 nm to position 1 within ~ 0.1 s (Fig. 4.1b2).  The same defect 

cluster marched a few more times in Zone A by 14, 10 and 6 nm sequentially during 

subsequent irradiation (Fig. 4.1b3 - b5), until it was eventually removed (Fig. 4.1b6). 

Diffusion length and time were measured accordingly and the accumulative diffusion 

distance (L) as a function of accumulative time (t) is shown in Fig. 4.1c. Similar strategy 

was used to quantify defect migration kinetics in Zone B. 
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Fig. 4.1. Defect migration in Kr ion irradiated nanotwinned (nt) Ag. (a) Schematics 

showing the (011) zone Axis of NT Ag is nearly parallel to the direction of Kr ion flux. 

(b1-b6) In situ Video snapshots capturing defect migration kinetics in Zone A in the center 

of NT Ag. A defect cluster generated in Zone A at 0 s (b1) stayed static for 0.8 s, then 

migrated to position 1 over a distance of 20 nm within ~ 0.1 s (b2). The same defect cluster 

moved a few more times in Zone A during irradiation (b3-b5), until it was eventually 

removed (b6). (c) the plot of accumulative defect migration distance (L) versus 

accumulative time (t).  

 

To investigate the impact of TBs on the evolution of defect density in irradiated 

NT Ag, the accumulative defect concentration in various zones was evaluated using a 4 

min-long Video (0.6 - 1 dpa). As shown in Fig. 4.2a, the accumulative defect concentration 
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in Zone A (central) is greater than those in Zone B (closer to TBs) and significantly higher 

than those in Zone C (closest to TBs). Zone C was determined by overlapping numerous 

Video frames. As shown in Fig. 4.2b, a majority of defects in Zone C were “born” at ~ 5 

nm away from TBs. The yellow dash lines, which indicate the average distance from the 

edge of these defect clusters to TBs, demarcate the boundary of Zone C. Very few defect 

clusters were detected in Zone C because most of them were eventually removed by TBs. 

The history of defects in Zone A and B are intentionally not shown in Fig. 4.2b for clarity.  

 

 

Fig. 4.2. The existence of twin boundary affected zone. (a)  The accumulative defect 

concentration (0.6-1.0 dpa over 4 min) in Zone A (shown as appearance frequency) is 

significantly higher than those in Zone Bs. Zone Cs (closest to TBs) possess the lowest 

accumulative defect concentration. (b) Determination of Zone Cs by overlapping 

numerous frames captured during radiation. Abundant defects appeared to “park” at the 

boundaries of Zone Cs. The history of defects in Zone A and Bs are intentionally not 

shown for clarity.  
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Defect diffusivity was measured by tracking the migration of numerous individual 

defect clusters in the Video. The global diffusivity DGlobal is determined by averaging 

accumulative diffusion distance L over defect’s life time t (accumulative time), which 

includes both migration and dwell time; whereas instantaneous diffusivity, DInst., is 

measured by only considering the migration time (without dwell time). Several hundred 

mobile defect clusters were tracked through the analyses of the in situ radiation video. 

Among such a large number of defect clusters, ~ 50 defect clusters have distinguishable 

multiple migration events, permitting a reliable determination of of DGlobal (DGlobal = L2/4t). 

Fig. 4.3a shows a comparative plot of L2 versus defect life time for numerous defect 

clusters in Zone A and B. Linear fit shows that the DGlobal in Zone A (DA
Global) is 40 ± 7 

nm2/s, which is ~ three times of that in Zone B (DB
Global = 13 ± 2 nm2/s). In comparison, 

DInst. exhibits little size dependence in both Zone B and C and is at least an order of 

magnitude greater than the respective DGlobal (Fig. 4.3b). However, DInst. in Zone A is 1500 

± 150 nm2/s, twice of that in Zone B (750 ± 100 nm2/s). 
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Fig. 4.3. Different defect migration kinetics in Zone A and B in irradiated NT Ag.  (a) The 

global diffusivity, derived by fitting the the plot of L2 as a function of defect life time (t) 

as indicated by the dash lines is 40 ± 7 nm2/s for defect clusters in Zone A, ~ three times 

larger than that in Zone B, 13±2 nm2/s. (b) Instantaneous diffusivities of defect clusters in 

Zone A is 1500 ± 150 nm2/s, twice greater than that in Zone B, 750 ± 100 nm2/s. The 

instantaneous diffusivities exhibit little size dependence in both zones.   

 

4.5 Discussion 

4.5.1 The evidence of twin boundary affected zones in irradiated NT metals  

Previous ex situ study shows a lack of twin boundary affected zones in NT metals [310]. 

Here we show that by using accumulative defect statistics over a period of time obtained 

from in situ studies, there are apparent twin boundary affected zones next to TBs in NT 

Ag as evidenced by their lowest accumulative defect concentration. TBs are thus effective 

defect sinks for adjacent defect clusters. In addition to the prominent reduction of defect 

density in twin boundary affected zones, TBs also impose great influence on the defect 

migration kinetics in NT Ag.  
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4.5.2 Defect migration kinetics in NT Ag 

Defect migration kinetics is crucial for the modeling of defect density, dimension 

and their evolution with radiation dose (time). However, the determination of defect 

migration kinetics (such as diffusivity) is non-trivial. In general, one has to track the 

migration of defect clusters continuously (dynamically) during radiation.  

In this study, we calculated both global and instantaneous diffusivities of defect 

clusters and noticed a counterintuitive trend: the closer the separation distance to TBs, the 

lower the diffusivities of defect clusters. The influence of TBs on migration kinetics of 

defects is illustrated schematically for Zone A and B in Supporting Fig. 4.S5. Zone A 

(further away from TBs) contains higher defect density than Zone B, and consequently 

small interstitial loops interact frequently with the preexisting loops. Frequent migration 

of defect clusters in Zone A reduces dwell time and thus increases their global diffusivity. 

In contrast, defect clusters in Zone B are more sparsely distributed from one another (due 

to a lower defect density), and therefore their frequency of interactions become diminished, 

resulting in their lower diffusivities in Zone B. Recently Sun et al compared radiation 

tolerance between NP Ag and coarse grained (cg) Ag, and reported lower value of DInst 

for NP Ag, ~ 350 nm2/s, comparing to 1200 nm2/s in CG Ag. The value of DGlobal for NP 

Ag is 12 nm2/s, very close to that of NT Ag measured in the current study [184].    

If TBs affect diffusivity of defect clusters, it is natural to speculate that the 

diffusivity of defect clusters may depend on twin spacing (or twin thickness). To validate 

such a hypothesis, we examined twins with different twin thickness in irradiated NT Ag. 

For a 40-nm-thick twin, the global diffusivity of defect clusters, is ~23 ± 5 nm2/s in the 
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center area (Zone A), and ~ 11 ± 4 nm2/s in the area near TBs (Zone B). Clearly, the global 

diffusivity of defect clusters in Zone A of the 40-nm-thick twin is lower than that in the 

Zone A of the 60-nm-thick twin (40 ± 7 nm2/s). Compared to the 60-nm-thick twin, more 

point defects (mainly interstitials) in the 40-nm-thick twin were absorbed due to a shorter 

migration distance to the TBs. The concentration of defect clusters in zone A of the thinner 

twin was therefore lower than that in the 60-nm-thick twin. Hence, the reduced 

interactions among sparsely spaced defect clusters may lead to longer dwell time, 

manifested as lower measured global diffusivity in the 40-nm-thick twin. The global 

diffusivity of defect clusters in Zone Bs (adjacent to TBs) in both cases is similar (11 ± 4 

nm2/s vs. 13 ± 2 nm2/s).  Reliable determinations of the diffusivity of defect clusters in 

twins with an average twin spacing of 13 nm or less become very difficult, primarily 

because there was a lack of mobile defect clusters in these fine nanotwins. This 

phenomenon is probably due to the overlap of the twin boundary affected zones on each 

side of the TBs in these fine nanotwins. 

4.5.3 Dislocation loop-TB interactions: loop induced distortion of TBs and self-

healing of TBs 

Our previous studies [256, 313] have shown frequent migration of incoherent twin 

boundaries (ITBs) during radiation and CTBs can destruct SFTs. However, the interaction 

mechanisms between dislocation loops and CTBs remain unclear. In what follows we 

show a significant and representative event: CTBs can change their geometry to capture 

defect clusters.  
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Frequent distortions of CTBs during their capturing of different types of defect 

clusters were observed. A typical example is shown in Fig. 4.4 a1 – a4. At 0 s (Fig. 4.4a1), 

a CTB appeared straight. At 11 s, when a mobile interstitial loop emerged next to the CTB 

(Fig. 4.4a2), the CTB was distorted by forming a concavity (referred to as a puddle). Later 

the dislocation loop was partially captured by the curved CTB at 13 s (Fig. 4.4a3), and 

nearly completely absorbed by the CTB by 16 s (Fig. 4.4a4), leaving the puddle at position 

P1 along the CTB.  

The next few snap shots show that such a distorted CTB can self-heal by absorbing 

opposite type of defect clusters. The puddle on the CTB remained at P1 at 16 s (Fig. 4.4a4), 

until a moment later, it was replaced by two neighboring undulations, labeled as P2 and 

P3 at 18 s in Fig. 4.4a5, adjacent to two SFTs (vacancy clusters). The two SFTs were then 

gradually absorbed by the hitherto deformed CTB (Fig. 4a6), and the CTB nearly 

recovered (self-healed) by 25 s (Fig. 4.4a7) as implied by the return of its straight 

appearance.  

Schematics in Fig. 4.4b depict the distortion and self-healing of CTBs. A small 

interstitial loop was generated by radiation near a CTB (Fig. 4.4b1). As the interstitial loop 

grows, its stress field may be large enough to deform the adjacent CTB (Fig. 4.4b2), 

forcing it to bend rightwards. Meanwhile, the atoms at CTBs rearrange themselves to 

accommodate the shape variation. The absorption of interstitial loop by the CTB creates 

an interstitial-rich puddle locally. The newly captured interstitials on the CTB could be 

highly mobile. As shown in Fig. 4.4b4, the formation of two SFTs (vacancy clusters) near 

the CTB prompts the interstitials to rapidly redistribute themselves along the CTB into 
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two smaller puddles right next to each SFT. The annihilation of interstitials with SFTs 

leads to the gradual self-healing of the CTB (Fig. 4.4b5-4b6).  

 

 

Fig. 4.4. Distortion and self-healing of CTBs. (a1-a4) Distortion of CTB and capture of an 

interstitial loop. An initially straight CTB (a1) formed a curved puddle upon its 

encountering of a mobile interstitial loop (a2). (a3-a4) The dislocation loop was eventually 

captured by the CTB, leaving the puddle at position P1. (a5-a7) The self-healing of CTB 

via absorption of SFTs (vacancy loops). The puddle on CTB at P1 (a4) was replaced by 

two undulations, labeled as P2 and P3 (a5). Two SFTs adjacent to each puddle were 

gradually absorbed by the CTB (a6). By 25 s (a7), the CTB was nearly recovered (self-

healed). (b1-b6) Schematics illustrate the capturing of defect clusters by CTBs and their 

self-healing mechanism. The stress field of interstitial loops creates curvature in adjacent 

CTB (b1-b2). (b3) The atoms at CTBs rearrange themselves to accommodate the shape 

variation. (b4) The formation of SFTs prompts the interstitials stored in the puddle to 

quickly redistribute into two smaller puddles right next to each SFT. (b5-b6) The 

annihilation of interstitials with SFTs leads to the self-healing of the CTB. 

 

Foregoing discussions provide natural yet significant insight on one type of defect 

cluster-CTB interaction mechanisms, highlighted by distortion and recovering of the CTB. 

A fundamental hypothesis emerges: the stress field surrounding a dislocation loop could 
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distort the CTB, forming curved puddles, which could also be considered as a combination 

of discrete ITB and CTB steps. Next we attempt to estimate the stress field induced by a 

dislocation loop and compare such a value to the stress necessary to deform CTBs. 

Khraishi et al., calculated the stress field, without losing generality, of a circular 

Volterra dislocation loop with a Burgers vector normal to the plane of the loop numerically 

[314]. Using a similar method, the stress field components relevant for the distortion of 

TB, including xx , yy and xy  can be calculated. For instance, xx  is calculated under 

global coordinate system ( )x y z  by: 

2 2

' ' ' '2 2xx x x y y

x y
  

 
                                                        (4.1) 
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where G is the shear modulus, and ν is Poisson’s ratio, which are 30 GPa and 0.37 

respectively for Ag in this study. K(k) and E(k) in equation (4.2) are complete elliptic 

integrals of the first and second kinds respectively, where k is the modulus of these 

integrals or functions. 
' ( 0.289nm)z zb b   is Burgers vector of loop along z-axis. 

Coefficients C1 -C8 are given in Supporting Information. For the dislocation loop with 
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radius of 4 nm (Fig. 4.4a3), the stresses xx , yy and xy  on adjacent CTB are calculated 

to be ~ 110, 110 and 80 MPa, respectively.  

A recent in situ nanoindentation study on NT Cu [315] showed that the stress to 

induce migration of ITB or Shockley partials is as low as 100 MPa, similar to the 

prediction from molecular dynamics simulations [316]. Although there is no theoretical 

calculation on the shear stress needed for migration of ITB in Ag, given Ag has a lower 

elastic modulus than Cu, we suspect that the stress for ITB migration in Ag should be 

similar to or smaller than that in Cu. Thus the stress generated by the dislocation loop may 

be sufficient to provide both climb and glide force for Shockley partials to migrate 

perpendicular to and along CTB. Consequently a curved TB consisting of many discrete 

ITB and CTB steps emerges.  

4.6 Conclusions 

Nanotwinned epitaxial Ag was in situ irradiated using Kr ions at room temperature 

to explore mechanisms of dislocation loop - TB interactions. TBs are effective defect sinks 

that drastically reduce defect population within twin boundary affected zones. The stress 

field of loops can induce geometry change for TBs so that they can actively engage and 

remove defect clusters. Furthermore, TBs accelerate recombination of unlike defects by 

rapid transportation of interstitials along TBs to regions with high vacancy concentration, 

greatly increasing the odds for annihilation of opposite types of loops and consequently 

TBs self-heal. The impressive capture-recovering capability makes TBs attractive defect 

sinks for the design of radiation tolerant metallic materials.  
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CHAPTER V 

IN SITU STUDIES ON TWIN THICKNESS DEPENDENT 

DISTRIBUTION OF DEFECT CLUSTERS IN HEAVY ION 

IRRADIATED NANOTWINNED AG* 

5.1 Overview 

Recent studies have shown that twin boundaries are effective defect sinks in heavy 

ion irradiated nanotwinned (nt) metals. Prior in situ radiation studies on NT Ag at room 

temperature indicate that the accumulative defect concentration is higher in center areas 

in the 60 nm-thick twins, and twin boundaries are distorted and self-healed during the 

absorption of different types of defect clusters. In this follow-up study, we show that the 

spacial distribution of accumulative defect concentrations in NT metals has a clear 

dependence on twin thickness, and in certain cases, the trend of spatial distribution is 

reversed. Potential mechanisms for the counterintuitive findings are discussed. 

5.2 Introduction 

Heavy ion irradiations can introduce a significant amount of defect clusters in 

metallic materials including dislocation loops, vacancy clusters, precipitates and voids [6-

8]. Consequently, the mechanical properties of irradiated metallic materials can be  

 

*Reprinted from “J. Li, Y. Chen, H. Wang, X. Zhang, In situ studies on twin-thickness-

dependent distribution of defect clusters in heavy ion-irradiated nanotwinned Ag, 

Metallurgical and Materials Transactions A, 48 (2017) 1466-1473” with permission from 

Springer. 
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severely undermined in terms of irradiation hardening, embrittlement, irradiation-induced 

void swelling, etc [13-17]. Numerous types of high-energy boundaries, such as grain 

boundaries (GBs), phase boundaries and free surfaces, have proven to be effective defect 

sinks that can alleviate irradiation damage in materials [76, 77, 83, 89, 131, 147, 172, 174, 

178, 183, 184, 257, 317]. For instance, MD simulations show that GBs can act as efficient 

defect sinks by absorbing irradiation-induced interstitials or serve as sources to emit 

interstitials to annihilate vacancies [243]. Grain boundary affected zones (GBAZs, or grain 

boundary denuded zones (GBDZs)) have been reported in several previous studies, where 

the concentration of defect clusters, such as dislocation loops or He bubbles, is drastically 

reduced near GBs [254, 307, 308]. In metallic multilayers certain types of layer interfaces 

can act as efficient defect sinks, and size-dependent enhancement of radiation tolerance 

was observed in various multilayer systems [241, 244, 245, 262, 317]. In addition, free 

surface may have infinite sink capacity, and nanoporous (np) materials with a large 

surface-to-volume ratio may have superior irradiation resistance [183, 188, 257].  

Comparing to aforementioned high-energy defect sinks, twin boundaries (TB) are 

low energy boundaries and are generally anticipated to be less efficient defect sinks. Han 

et al. showed that the width of void denuded zone in non-Ʃ3 GBs is much greater 

compared to Ʃ3 TBs, indicating low sink efficiency of TBs [254]. A recent study on He 

ion implantation of nanotwinned (nt) Cu at room temperature suggests that TBs are poor 

sinks because point defects at Ʃ3 TBs have nearly identical properties to those in pure 

face-centered-cubic (FCC) Cu [255]. However, Niewczas and Hoagland reported, through 

MD simulations, that the interaction between Ʃ3 {111} coherent twin boundaries (CTBs) 
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and stacking fault tetrahedra (SFTs) lead to the destabilization of SFTs [51]. Yu et al. 

validated the MD simulation experimentally by using in situ Kr ion irradiation study of 

NT Ag and showed that the density of SFTs in NT Ag is much lower than that in its bulk 

counterpart [89]. They also observed the frequent migration of incoherent twin boundaries 

(ITBs) [256]. Recent in situ study on NT Ag provided more evidence that TBs are effective 

defect sinks [179]. First, TBs may actively engage with defect clusters as evidenced by 

the distortion and self-healing of TBs during interaction with different types of defect 

clusters. Second, TB affected zones (TBAZs) have been identified. Time accumulative 

defect density and defect diffusivity within TBAZs are substantially distinct from those in 

twin interior. More specifically, the accumulative defect concentration within a 60 nm-

thick twin is significantly higher in the central area than in the areas close to CTBs, and 

defect clusters form within the regions that are ~5 nm away from CTBs [179]. 

If TBs affect the distribution of defects during irradiation, it is natural to conjecture 

that the defect concentration profile may depend on twin thickness, t. To validate such a 

hypothesis, we performed in situ radiation studies on NT Ag at 473K (200oC), with t 

varing from 10 to 120 nm. The in situ studies show that the accumulative concentration of 

irradiation-induced defects indeed exhibits twin-thickness dependence. In the thicker 

twins, more defect clusters were detected in central areas than that close to TBs. However, 

an opposite trend has been observed in 20 nm-thin twins, where the central area exhibits 

slightly lower accumulative defect concentration than the areas close to TBs. Potential 

mechanisms that lead to twin thickness dependent distribution of defect concentration are 

discussed.   



116 
 

5.3 Experimental 

Epitaxial 1µm-thick NT Ag films were deposited onto HF-etched single-crystal Si 

(111) substrates at room temperature by the magnetron sputtering technique. X-ray 

diffraction (XRD) experiments were performed on a PANalytical X’Pert PRO Materials 

Research Diffractometer (Cu Kα radiation) at room temperature. Cross-sectional 

transmission electron microscopy (XTEM) specimens were prepared for in situ irradiation 

studies. Detailed specimen preparation method can be found elsewhere [226]. In situ 

irradiation experiment was performed at the IVEM-TANDEM facility at Argonne 

National Laboratory. Before irradiation, specimens were annealed inside microscope at 

473K (200oC) for about 15 min to remove some pre-existing defects. Specimens were then 

irradiated under 1 MeV Kr2+ ion beam up to a maximum fluence of 2 × 1014 ions cm−2 (∼1 

dpa) at 473K (200oC). The radiation damage profile in unit of displacements-per-atom 

(dpa) has been calculated by using the SRIM (Stopping and Range of Ions in Matter) with 

Kinchin-Pease method [179]. Most Kr ions (99.99%) penetrated directly through the 

specimen because the TEM foil was very thin (∼100 nm). The temperature rise of 

specimens during in situ Kr ion irradiation is typically less than 10 °C. Post radiation 

analysis was performed on an FEI T20 transmission electron microscope operated at 200 

keV. 

5.4 Results 

The XRD profile of the as-deposited films in Fig. 5.1a shows predominant Ag (111) 

and (222) peaks, indicating the epitaxial growth of films on Si (111) substrates.  The 

bright-field XTEM micrograph in Fig. 5.1b shows high-density growth twins with TBs 
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parallel to the substrate surface. The inserted selected area diffraction (SAD) pattern 

reveals the epitaxial growth of NT Ag. The average twin spacing of as-deposited films is 

~ 11 nm. During irradiation, a number of defects, consisting primarily of interstitial loops 

and SFTs, are generated, and Fig. 5.1c shows the typical microstructure of NT Ag that has 

been irradiated to 0.5 dpa.  

TEM snapshots taken from in situ video are adopted to systematically investigate 

the number and dimension of radiation-induced defects. As shown in Fig. 5.2a, the average 

defect size after radiation to 0.025 dpa increases with t and reaches a constant of ~ 8 nm 

when t ≥ 30 nm (defect size is measured along the longest dimension and the error bar 

represents standard deviation). Statistical analysis performed after radiation to 0.025 dpa 

shows nearly identical results. Accumulative defect density (within 0.025 dpa shown in 

Fig. 5.2b) increases with increasing t, and appears to reach a saturation when t ≥ 50 nm. 

The defect density in thicker twins (t ≥ 50 nm) is twice as large as that in thinner twins (t 

≤ 20 nm).  

For most ex situ studies, to estimate the concentration of irradiation-induced 

defects, data are typically derived for a particular dose. The calculated concentration at a 

particular dose is therefore referred to as instantaneous defect concentration. In situ studies 

provide an opportunity to track the evolution of defects with time and dose during 

radiation. In this in situ study, a different method was used to probe the evolution of defect 

concentration during radiation to obtain accumulative defect concentration. Fig. 5.3 shows 

the difference between instantaneous and accumulative defect concentrations with respect 

to their positions in an 80 nm-thick twin in NT Ag. A TEM snapshot in Fig. 5.3a 
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demonstrates the twin of interest that appeared relatively clean before irradiation. Fig. 5.3b 

and 3e are the same TEM snapshot captured at the dose of 0.005 dpa via in situ video. 

Two methods were adopted to calculate defect concentration. For method ①, red circles 

 

  

Fig. 5.1. (a) The XRD profile shows predominant Ag (111) and (222) peaks. (b) A bright 

field cross-section TEM (XTEM) micrograph showing the high density growth twins in 

as-deposited NT Ag film. The inserted selected area diffraction (SAD) pattern reveals 

single-crystal-like structure. (c) The influence of radiation damage on the microstructure 

of NT Ag after radiation (the TEM micrograph was taken in an area close to (b), but not 

exactly the same). 
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Fig. 5.2. (a) Statistics of defect size at 0.005 and 0.025 dpa versus twin thicknesses (t). 

The average defect size increases with twin thickness t and reaches a constant of ~ 8 nm 

when t ≥ 30 nm. (b) Accumulative defect density (within 0.025 dpa) increases with 

increasing t, and the defect density in thicker twins (t > 40 nm) is twice as large as that in 

thinner twins (t < 30 nm).  

 

indicate the positions of defect clusters appeared on the single snap shot taken at 0.005 

dpa, and the distribution of these defects within the twin is plotted in Fig. 5.3c. On the x-

axis, zero represents the center of the twin, and ± 40 nm corresponds to the location of the 

TBs for an 80 nm thick twin. Fig. 5.3c shows a uniform distribution of defects derived 

from the single snap shot in Fig. 5.3b. In contrast, method ② considers defects observed 

(generated) both during irradiation up to 0.0042 dpa (indicated by blue circles) and at 

0.005 dpa, that is Fig. 5.3b + Fig. 5.3d = Fig. 5.3e), and correspondingly there appear to 

be more labeled defects in Fig. 5.3e. The distribution of all defects, labeled as red and blue 

in Fig. 5.3e, with respect to their position is shown in Fig. 5.3f. The center areas exhibit 

evidently higher concentration of defects (when blue circles are taken into account).  
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Fig. 5.3. The difference between instantaneous and accumulative defect concentrations 

with respect to their positions in an 80nm-thick twin in NT Ag. A TEM snapshot shows a 

twin matrix appeared relatively clean at 0 dpa (a). (b) and (e) are the same TEM snapshot 

at 0.005 dpa. ① and ② are different methods when calculating defect concentration. For 

method ①, red circles indicate the positions of those defect clusters appeared on the single 

snap shot was taken at 0.005 dpa. (c) The distribution of defects (outlined in red circles in 

Fig. 3b). A uniform distribution indicates that defects distributed evenly at a single snap 

shot. In contrast, method ②considered the blue circles accumulated during 0.005 dpa and 

defects captured at 0.005 dpa ((b) + (d) = (e)). (f) shows the distribution of all circles, both 

red and blue, in (e) with respect to their position. The center areas exhibit higher 

concentration when blue circles are taken into account. 

 

By using the method ② as described in Fig. 5.3, the distributions of accumulative 

defect concentrations during irradiation up to 0.025 dpa in twins with various twins 

thicknesses are shown in Fig. 5.4 a. The position of x = 0 is defined as the center of the 

twinned crystals, whereas the left and right Y axis represent the locations of two TBs. The 

minimum bin width of investigated regions is 5 nm. When t = 10 nm, defect clusters 

distributed nearly uniformly as shown in Fig. 5.4b, while more defects appear close to TBs 

when t = 20 nm (Fig. 5.4c). When t = 40 nm, defects tend to distribute relatively uniformly 
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within the twins (Fig. 5.4d). When t ≥ 60 nm, the accumulative frequency of defect 

concentration in the center areas is higher than that near the TBs as shown in Fig. 5.4e-f.   

 

 

Fig. 5.4. Accumulative appearance frequency of defect clusters during 0.025 dpa in NT 

Ag with respect to defect position for twins with different thicknesses. (a) The position of 

0 (center axis) is defined as the center of the twinned crystals. The left and right Y axis 

represent the two twin boundaries. The minimum width of sampled regions is 5 nm. (b) 

When t = 10 nm, defect clusters distributed nearly uniformly. (c) When t = 20 nm, more 

defects appeared close to twin boundaries. (d) When t = 40 nm, defects tend to distribute 

relatively uniformly through the twins. (e-f) When t ≥ 60 nm, the accumulative frequency 

of defect concentration in the center areas is higher than near the twin boundaries.   

 

5.5 Discussion 

To alleviate radiation-induced damage in metallic materials, various types of 

defect sinks have been investigated over the years. Recent studies show nanostructured 
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metallic materials, such as nanoporous (np), nanocrystalline (nc) and nanolayered metallic 

materials may have outstanding radiation tolerance compared to their bulk counterparts as 

evidenced by smaller or less irradiation-induced defects. Most of these defect sinks, such 

as free surface, high angle GBs or phase boundaries are high energy defect sinks. And thus 

the general perception has been that high-energy defect sinks may have a greater impact 

on the alleviation of radiation damage than low energy defect sinks, such as TBs. However, 

there are increasing evidence that shows TBs in NT metals may significantly reduce 

radiation damage. For instance, it has been reported that the density of SFTs and 

dislocation loops formed during heavy ion irradiation decreased sharply in NT metals with 

small twin thickness as compared to that in thicker twins [89]. In our in situ study of heavy 

ion irradiation of NT Ag at 473K (200oC), the average defect size decreases from 8 nm 

(when t ≥ 30 nm) to 5 nm (when t = 10 nm) as shown in Fig. 5.2a.  

For NT Ag irradiated at room temperature, the major types of defects are interstitial 

loops (mobile) and SFTs (immobile). In the present study, although the radiation 

temperature is higher, the defects are somewhat similar, consisting of SFTs, vacancy and 

interstitial loops. The present study was performed at the temperature range between Stage 

III and Stage V. At such temperature regime, both interstitials and vacancies are mobile. 

The predominant visible features for irradiated FCC metals in this temperature regime are 

vacancy and interstitial loops and SFTs [36]. For FCC metals with medium- to high- 

atomic number, such as Ag, exposed under energetic cascades (heavy ion irradiation in 

this case), most vacancies are bundled in sessile vacancy clusters (such as SFTs). As a 
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result, the major type of observed dislocation loops in FCC metals in this temperature 

regime are of interstitial type. Void nucleation and growth are largely suppressed.  

The accumulative defect density is also less in fine twins than that in thicker twins, 

indicating that the formation of defect clusters becomes increasingly difficult when twin 

thickness is smaller. The concentration of interstitials can be expressed by a chemical rate 

equation [318] 

𝜕𝐶𝑖

𝜕𝜏
= 𝑅 − 𝑅𝑖𝑣𝐶𝑖𝐶𝑣 − 𝑅𝑖𝑠𝐶𝑖𝐶𝑠                                (5.1) 

where 𝜏  is time, R is the atomic displacement rate and Ci, Cv and Cs are respective 

concentration of interstitials, vacancies and defect sinks (TBs in this case). Riv is 

recombination rate of interstitial and vacancy and Ris is the absorption rate of interstitials. 

Before the steady state concentrations of interstitials and vacancies are attained (In this 

regime, sinks contribute to interstitial annihilation ,Ci, can be calculated as [318] 

𝐶𝑖 = (
𝑅

𝑅𝑖𝑣𝑅𝑖𝑠𝐶𝑠𝜏
)1/2                                  (5.2) 

In equation (5.2), R, Riv and Ris are all constant and Cs ∝ 1/t (t is twin thickness), 

therefore, Ci is proportional to 𝑡1/2, that is 𝐶𝑖 ∝ 𝑡1/2. This simple analysis suggests that 

interstitial concentration can be effectively reduced in fine twins, in qualitative agreement 

with our experimental observations.                           

GBAZs (or GBDZs) have been observed in various metallic materials [254, 307, 

308] while TBAZs are rarely reported [179]. In this study, we show that in situ technique 

provides an opportunity to reveal the existence of TBAZs. For most ex situ studies, in 
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general, a single or a couple of TEM micrographs are used to study defect density in 

irradiated materials. In a dynamic process during irradiation, defects are continuously 

generated and they frequently recombine or annihilate during irradiation, and therefore the 

instantaneous defect concentration (obtained in a single snapshot) and accumulative defect 

concentrations (accrued within a period of time) could be very different. This hypothesis 

has been illustrated in Fig. 5.3, which shows the prominent difference between 

instantaneous and accumulative defect concentrations in an 80 nm-thick twin. More 

specifically the accumulative defect analysis reveals the existence of TBAZs. An analogy 

of such a statistical analysis is the methodology to compare the traffic flow during 

weekdays vs. weekends. In that case, enough statistics must be accrued during all 5 

weekdays and 2 weekends over a period of months or years, rather than comparing the 

statistics of one weekday vs. one weekend. The width of TBAZs in NT Ag irradiated at 

473K (200oC), is ~ 5-15 nm, comparable to the width of TBAZ observed in NT Ag 

irradiated at room temperature, ~ 5 nm [179].   

Our previous studies show in a 60 nm-thick twin in NT Ag irradiated at room 

temperature up to 0.6-1.0 dpa, the accumulative defect concentration is higher in the center 

of twins, similar to the observation reported in this study (when t ≥  40 nm). However, the 

opposite concentration profile has been observed in this study when t = ~ 20nm, that is the 

concentration of defects is lower in the center of twins. This observation is quite surprising 

and requires further discussion. One should also note that the previous study on spacial 

distribution of defect in NT Ag was derived when a steady state defect concentration has 

been reached. In this case, thermodynamics works better and can predicts that defect 
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density should be lower near defect sinks. Whereas the current study of NT Ag at 473K 

(200oC) focus on an ultra-low dose regime (<0.025 dpa), where a steady state defect 

concentration has not been established, and the chance for recombination or growth defect 

clusters is insignificant. Hence the discussion on interpretation of spacial distribution of 

defect density in this case should eye more on kinetics (migration of defects and their 

clusters).    

For a defect cluster to be absorbed (annihilated) by TBs, the defect cluster normally 

experiences two stages, migration and absorption. As reported in our previous study in NT 

Ag irradiated at room temperature [179], when a defect cluster approaches to a TB, it will 

interact with the TB before being absorbed. And this interaction-absorption process in 

general takes a few seconds according to our in situ observations. The time for a TB to 

absorb adjacent defect clusters, τa, is mainly affected by defect size when dose rate is 

constant. In contrast, the time for a defect cluster to travel (migrate) to TBs (defect sinks), 

τt, not only depends on defect size but also the travel distance. A longer travel distance (as 

TB is further away from the defect cluster) normally leads to a greater τt. Fig. 5.5 illustrates 

two different scenarios during the competition between τt and τa. The first scenario (Case 

I), describes the defect accumulation in fine twins, where τt < τa. At the beginning of 

radiation (Fig. 5.5a), irradiation-induced defect clusters are randomly distributed within a 

twin, where several defect clusters close to a TB are labeled as “1”s, and some defect 

clusters are located in the central area (labeled as “2”s). After a time period of τt, most of 

the group 2 defects (in the center) come closer to the TBs due to the existence of defect 

sinks (or TBAZs) (Fig. 5.5b). However, as τt < τa, that is the absorption of group 1 defect  
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Fig. 5.5. Schematics illustrating the opposite types of defect distribution in twinned metals. 

Case I: τt < τa (a-b-c); and case II: τt > τa (a-b’-c’). τt is the time for a defect cluster to travel 

(migrate) to twin boundaries (defect sinks), and τa is the time it takes for a twin boundary 

to absorb adjacent defect clusters. (b) In case I (a-b-c), when twins are very fine, as τt < τa, 

defects (labeled as “2”s) arrive at twin boundary before predecessors (marked as “1”s) can 

be absorbed, and thus defect clusters pile-up near the TBs, and consequently leads to 

higher defect density near the TBs (c). Note that the TBs are distorted while attempting to 

absorb adjacent defect clusters. Case II: The scenario becomes the opposite for thick twins, 

it is likely that τt > τa, that is the arrival of group 2 defect clusters takes longer time than 

the absorption of defect clusters (group 1 adjacent to TBs). (c’) Thus the central area 

exhibits higher defect density. 

 

clusters has not been completed before the arrival of newcomers, defect clusters will build 

up near the TB. Consequently, the central area has fewer defect clusters than near the TBs 

(Fig. 5.5c). In the second scenario (Case II) for thicker twins, we assume that τt > τa. In 

this case, it is likely that the absorption of group 1 defect clusters is faster than the 

migration of group 2 defect clusters, that is defect clusters adjacent to TBs can be absorbed 

before the arrival of incoming dislocation loops (due to the longer migration distance in 
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thicker twins (Fig. 5.5b’). Consequently, the density of defect clusters generated in the 

central area will exceed that in the area close to the TB (Fig. 5.5c’), which is a classical 

example for the evidence of TBAZs. 

If the foregoing hypothesis is correct, then it is natural to speculate that the 

accumulative defect concentration is equal everywhere within the twins when τt = τa. To 

verify the hypothesis, the absorption time τa for defect cluster is estimated. The global 

diffusivity, Dg, of the defect clusters close to TBs is measured to be ~ 13 nm2/s for NT Ag 

irradiated at room temperature [179]. Thus, τt can be calculated from 𝐿 = 2 ∙ √𝐷g𝜏t, where 

L is travel distance. In this study, a nearly uniform defect distribution is observed when t 

= 40 nm as shown in Fig. 5.3d. For a defect cluster formed in the center of the 40 nm thick 

twin, L is 20 nm (= t/2). Therefore τa (= τt) is calculated to be ~ 8 s. Our previous study on 

in situ study of radiation damage in NT Ag at room temperature shows that the absorption 

time of dislocation loops by CTBs is typically ~ 5 s [179]. Notice that Dg used in the 

aforementioned estimation is obtained at room temperature. The irradiation temperature 

used in this study is 473K (200oC), thus Dg may be larger at this temperature, and thus the 

estimated τa could be shorter than that obtained at room temperature.  

Nonetheless, the forgoing discussion provides an opportunity to probe defect 

migration/annihilation kinetics in irradiated materials in close proximity to defect sinks. 

When a flat distribution profile of defect clusters is measured (an indication of τa = τt), one 

can estimate defect absorption time (by defect sinks), if the global diffusivity of defect 

clusters can be determined and vice versa.  
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5.6 Conclusion 

In situ heavy ion irradiation studies were performed on nanotwinned Ag at 473K 

(200oC). Our studies show that the accumulative concentration of irradiation-induced 

defects exhibits twin-thickness dependence that is more defect clusters were detected in 

central areas than that close to TBs in thicker twins (t > 40 nm), and an opposite trend has 

been observed in fine twins (t = 20 nm). Such twin-thickness-dependent distribution of 

defect concentration is considered as a result of the competition between defect travel time 

τt and defect absorption time τa. The number of defect clusters generated in the central area 

will be greater than that in the area close to the TB if τt > τa (for thicker twins) due to the 

longer migration distance. However, if τt < τa,(in the case of thin twins), then the central 

area has fewer defect clusters than near the TBs.  
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CHAPTER VI 

ENHANCED RADIATION TOLERANCE AND RADIATION 

STABILITY OF NANOTWINS IN AG-1AT.%FE ALLOY 

6.1 Abstract 

Face-centered cubic metals with low stacking fault energy, such as Ag and Cu, are 

in general vulnerable to high-energy ion irradiation. Our previous studies have shown by 

introducing high-density defect sinks, such as twin boundaries, the irradiation tolerance of 

nanostructured monolithic Ag and Cu can be greatly enhanced. However nanotwins in 

monolithic metals may detwin during radiation. In this study, we report a follow-up study 

that shows drastically improved irradiation stability of twin boundaries in Ag. By adding 

merely 1 at.% of Fe solute atoms into Ag matrix, ultra-high-density twins with an average 

twin thickness of ~ 3 nm form in Ag. In situ Kr ion irradiation studies show that defect 

size and density in AgFe have been significantly reduced comparing with monolithic 

coarse-grained Ag and nanotwinned Ag. Furthermore, these extremely fine twins survived 

the heavy ion irradiation. The mechanisms that lead to enhanced radiation tolerance are 

discussed. 

6.2 Introduction 

Irradiation of metallic materials by energetic particles, such as neutrons and heavy 

ions, introduces a large population of point defects and small defect clusters in the 

displacement cascades. These defects can interact with each other and form larger defect 

clusters, such as dislocation networks, stacking fault tetrahedrons (SFTs) and voids, etc.. 
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These significant microstructure damage can degrade a material’s mechanical properties 

in terms of irradiation-induced hardening and embrittlement [3, 15, 16, 119, 120], results 

in degradation of thermal and electrical conductivity [3, 36], and lead to dimensional 

changes, such as void swelling [14, 17, 36, 134-136, 317]. Significant research has been 

performed to design irradiation-tolerant materials. A basic premise is that the introduction 

of certain types of defect sinks that can enhance the recombination of irradiation-induce 

defects. Different types of defect sinks have been investigated, such as grain boundaries 

(GBs) [131, 147, 173, 254, 319, 320], twin boundaries (TBs) [89, 178, 179, 321], free 

surface [78, 183, 257], and phase boundaries [76, 174-176].  

Grain boundaries (GBs) are effective defect sinks that can eliminate irradiation-

induced defects [131, 147, 242, 243, 322]. For instance, prior studies show grain-size 

effect on alleviation of irradiation-induced defects in neutron irradiated alloys [3, 305, 

323]. An interesting simulation study showed that GBs can also act as sources that emit 

interstitials into the grain interior to annihilate vacancies [243]. There are increasing 

evidence showing that nanocrystalline (NC) metals exhibit lower helium bubble density 

than their coarse-grained counterparts [131, 324]. TBs are a special type of GBs and they 

are normally considered to be ineffective defect sink because the energy of TBs is very 

low [254, 255]. For instance, Han et al. showed that the width of void denuded zone in 

non-Ʃ3 GBs is much greater than Ʃ3 coherent TBs (CTBs), indicating CTBs have low 

efficiency in eliminating defects [254]. Interestingly, several recent studies have shown 

that TBs can effectively remove irradiation-induced defects, such as stacking fault 

tetrahedrons (SFTs), which is a major type of vacancy clusters formed in face-centered 
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cubic (FCC) metals, and interstitial clusters [51, 89, 170, 178, 179]. The twin boundary 

affected zone (TBAZ) has also been observed in NT Ag and the accumulative 

concentration of irradiation-induced defects exhibits twin-thickness dependence [177, 

179]. More defect clusters were identified in central areas than that close to TBs in the 

thicker twins, whereas the opposite phenomenon has been found in fine twins. 

Numerous works have shown that a small amount of impurity atoms can 

significantly amend irradiation-induced microstructures in metallic materials. Some of the 

impurity effects have been attributed to solid solution effect, i.e. point defect trapping at 

impurity atoms, and others to various aspects of precipitation effect [5, 271-274]. Mansel 

and Vogl have shown that neutron irradiation-induced interstitials in Al will be trapped at 

Co substitutional atoms [275]. Detrapping also occurs when vacancies become mobile and 

migrate to the trapped interstitials. Alexander and Stanislav have indicated that adding 

solute atoms may decrease the diffusion rate of interstitial clusters, and therefore, 

increasing the recombination rate of those clusters with freely migrating vacancies [276]. 

FCC metals with very low stacking fault energy (SFE), such as Ag and Cu, are in 

general vulnerable to irradiation [8, 11, 48-51, 229, 277]. Previous studies have shown by 

introducing high-density defect sinks, such as TBs and nanopores, the irradiation tolerance 

of nanostructured Ag and Cu can be greatly enhanced [83, 89, 178, 179]. In this study, we 

report another approach that can drastically improve irradiation tolerance of Ag. Adding 

a small amount of Fe impurities leads to the formation of ultra-high-density twins, ~ 2 nm 

thick, in Ag-1at%Fe (referred to as NT AgFe hereafter). NT AgFe possesses a powerful 

TB-solute network that significantly improve radiation tolerance of NT alloys.   
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6.3 Experimental 

NT Ag and S-NT AgFe thin films with thickness of 1 µm were deposited onto HF 

etched Si (111) substrates, and P-NT AgFe were deposited on SiO2 substrate (Si (100) 

substrates with 1μm-thick amorphous SiO2), respectively, via DC magnetron sputtering at 

room temperature from pure Ag (99.99%) and Fe (99.95%) targets. A base pressure of ~ 

5 × 10-8 torr was achieved in the main chamber before deposition, and the Ar pressure 

during deposition was ~ 2 mtorr. X-ray diffraction (XRD) experiments were performed 

on a PANalytical Empyrean system (Cu Kα radiation) at room temperature. Both cross-

sectional and plan-view transmission electron microscopy (TEM) specimens were 

prepared by grinding, polishing and ion milling by a Gatan PIPS II system. CG Ag samples 

were made from small pieces of Ag target using the same TEM specimen preparation 

method. All TEM specimens were examined by using a Thermo Fischer Scientific/FEI 

Talos 200X microscope with Super X EDX detectors (4 detectors) before and after 

irradiation. In situ irradiation experiment was performed at room temperature at the 

IVEM-TANDEM facility at Argonne National Laboratory. 1 MeV Kr++ ion beam was 

used for radiation experiments to a maximum fluence of 2 × 1014 ions cm−2 (∼1 dpa). The 

dose rate applied during in situ radiation experiments was kept at ~ 2.5  10-3 dpa/s. The 

Stopping and Range of Ions in Matter (SRIM) (Kinchin-Pease method) simulation was 

used to estimate the displacement damage profile (in the unit of displacements-per-atom 

(DPA)) and Kr ion distribution. Most Kr ions (99.99%) penetrated directly through the 

TEM specimen and the residual Kr ion concentration in the TEM thin foil is ~ 0.01at.%. 
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More details can be found elsewhere [179]. During in situ Kr ion irradiation, the 

temperature rise of specimens is less than 10 °C. 

 

Table 6.1. Summary of irradiation experiments in this study. Four different types of 

samples have been studied, including coarse-grained (CG) Ag, nanotwinned (NT) Ag, 

Single crystal-NT (S-NT) AgFe and polycrystalline NT (P-NT) AgFe. All specimens have 

been irradiated from their plan-view direction. NT-Ag and S-NT AgFe have also been 

irradiated from cross-section direction. 

 

 

6.4 Results 

A summary of irradiation experiments reported in this study is shown in Table 6.1. 

Four types of specimens have been studied, including coarse-grained (CG) Ag, 

nanotwinned (NT) Ag, single crystal-NT (S-NT) AgFe and polycrystalline NT (P-NT) 

AgFe. All specimens have been irradiated from their plan-view direction. NT-Ag and S-

NT AgFe have also been irradiated from cross-section direction. The X-Ray diffraction 

(XRD) profile in Fig. 1a shows highly {111} textured NT Ag and Ag-1at.%Fe (referred 

to as AgFe hereafter) grown on Si (111) substrates. In comparison, NT AgFe on SiO2 
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substrates shows polycrystalline nature with (111) texture and a weak Ag (311) peak. Plan-

view scanning TEM (STEM) image (Fig. 1b) of polycrystalline nanotwinned (P-NT) 

AgFe shows nanograins with clear grain boundaries. The corresponding EDX composition 

maps of Ag (98.8 at.%) and Fe (1.2 at.%) are shown in Fig. 1c-d, respectively. It can be 

seen from the EDX Fe composition map (Fig. 1d) that the Fe solute is uniformly 

distributed throughout the film. 

 

 

Fig. 6.1. (a) The XRD profile shows highly {111} textured nanotwinned (NT) Ag and NT 

Ag-1at.%Fe (referred to as AgFe hereafter) grown on Si (111) substrate. In comparison, 

AgFe on SiO2 substrates shows polycrystalline nature with (111) texture. However, the 

predominant peaks are still Ag (111) and (222). Ag (311) is identified but with a very low 

intensity. (b) A scanning TEM (STEM) plan-view image of polycrystalline nanotwinned 

(P-NT) AgFe, and (c-d) the corresponding EDX composition maps of Ag (98.77 at.%) and 

Fe (1.23 at%). Fe is uniformly distributed throughout the film. 
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The plan-view and cross-sectional TEM micrographs of the NT Ag, S-NT AgFe 

and P-NT AgFe films are compared in Fig 2a-c and 2d-e, respectively. The average 

columnar grain size is 120 ± 20 nm for NT Ag, 100 ± 30 nm for S-NT AgFe, and 100 ± 

40 nm for P-NT AgFe. The inserted selected area diffraction (SAD) patterns examined 

along Ag <111> zone axis embedded in Fig. 2a and 2b indicate NT Ag and S-NT AgFe 

exhibit single-crystal-like pattern. In contrast, the SAD pattern of P-NT AgFe in Fig. 2c 

shows polycrystalline nature with a strong Ag (111) and a weak (311) diffraction ring, 

consistent with the XRD results in Fig. 1a. Cross-section TEM (XTEM) micrographs in 

Fig. 2d-e show the formation of high-density twin boundaries (TBs) in NT Ag and ultra-

high-density TBs in S-NT AgFe and P-NT AgFe. The average twin spacing is 13 ± 7, 3 ± 

2 and 3 ±2 nm for NT Ag, S-NT AgFe and P-NT AgFe, respectively. The inserted SAD 

patterns in the three figures indicate the formation of classical twinned structures. TBs are 

parallel to the substrate surfaces in the NT Ag and S-NT AgFe films, whereas TBs are 

frequently misaligned in neighboring grains in P-NT AgFe. The columnar boundaries in 

NT Ag and S-NT AgFe are primarily incoherent twin boundaries (ITBs). As shown in Fig. 

2e, ITBs in S-NT AgFe align either on the same line (blue arrows), or appear diffused 

(yellow arrows). Therefore, the columnar boundaries shown in Fig. 2b are either narrow 

(depicted by blue dotted lines) or wide (sandwiched by yellow dotted lines). In P-NT AgFe 

(Fig. 2f), the columnar boundaries are mostly conventional high-angle grain boundaries 

(HAGBs) rather than ITBs. High-resolution TEM (HRTEM) images in Fig. 3 show that 

the coherent twin boundaries (CTBs) separating ultra-fine twins in S-NT AgFe are 

decorated with stacking faults (SFs).  
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Since Fe solute is a key parameter that affects both the twin morphology and 

irradiation response in NT AgFe, it is critical to identify the distribution of Fe atoms in 

NT AgFe films before and after irradiation. EDX composition maps of Ag and Fe in S-

NT AgFe film before irradiation from both cross-section (Fig. 4b) and plan-view (Fig. 4d) 

TEM analysis show that Fe solutes are uniformly distributed. After in situ Kr ion 

irradiation of S-NT AgFe to 1.5 dpa, Fe solutes remain distributed homogeneously 

throughout the films as shown in Fig. 4f and 4h. The XTEM image (Fig. 4e) of the 

irradiated film shows the retention of high-density nanotwins, and the plan-view TEM 

micrograph (Fig. 4g) reveals the formation of high-density defects in irradiated film, but 

the columnar boundaries are no longer visible. Similar results are obtained in irradiated P-

NT AgFe films (see Suppl. Fig. 1). 

During irradiation, all films accumulate irradiation-induced damages, but to a very 

different level. In situ video snapshots compare the microstructures of different specimens 

irradiated to the same dose levels. The scale bar in Fig. 5a applys to all images. The CG 

Ag film accumulates a large number of defects after merely 0.025 dpa, and is significantly 

damaged by 0.2 dpa (Fig. 5a-c). In irradiated NT Ag,  a moderate number defects are 

generated within the grains, and the columnar boundaries become blurry by 0.025 dpa. At 

0.2 dpa, defect density appears to increase further, and the columnar boundaries become 

invisible (Fig. 5d-f). In S-NT AgFe, fewer defects are generated at 0.025 dpa compared to 

NT Ag, and most of the columnar boundaries are still visible at this dose level. The 

columnar boundaries become indistinguishable at 0.2 dpa. However, the film appears to 

have smaller and fewer defects compared to NT Ag (Fig. 5g-i). Similar to S-NT AgFe, the 



137 
 

P-NT AgFe film experiences moderate damage, but a large fraction of the grain boundaries 

in P-NT AgFe remains visible even after 2 dpa (Fig. 5j-o). It is worth mentioning that 

given the polycrystalline nature of P-NT AgFe, not all grains appear to contain the similar 

number of irradiation-indued defects due to different imaging conditions. Thus defect 

analysis for P-NT AgFe was performed by carefully examining grains oriented to the 

correct imaging conditions.  

The XTEM images of NT Ag and S-NT AgFe before and after irradiation to 1.5 

dpa are compared in Fig. 6. Both specimens have well defined TBs before irradiation (Fig. 

6a and 6c). After irradiation to 1.5 dpa, numerous TBs in NT Ag disappeared, and the 

average twin spacing increased from 13 ± 7  to 22 ± 15 nm. Additionally, most ITBs at 

the original columnar boundaries are no longer visible after radiation (Fig. 6b). In 

comparison, the TBs in irradiated S-NT AgFe are much more stable (Fig. 6d). After 

irradiation to 1.5 dpa, few TBs were removed and the average twin spacing increased 

slightly from 3 ± 2 to 5 ± 3 nm. The sharp ITBs became diffused and less distinguishable 

after irradiation. Also, the sharp edges of CTBs became blurred due to the formation of 

stacking faults along CTBs.  
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Fig. 6.2. (a-c) Plan-view TEM images are showing the surface morphology of the NT Ag, 

S-NT AgFe and P-NT AgFe films. The inserted selected area diffraction (SAD) patterns 

examined along Ag <111> zone axis embedded in (a) and (b) indicate NT Ag and S-NT 

AgFe exhibit single-crystal-like pattern. In contrast, the SAD pattern of P-NT AgFe shows 

polycrystalline with predominating Ag (111) and a weak (311) diffraction ring, consistent 

with the XRD results in Fig. 6.1. (d-f) Cross-section TEM (XTEM) micrographs showing 

the formation of high-density twin boundaries (TBs) in NT Ag and ultra-high-density TBs 

in S-NT AgFe and P-NT AgFe. The SAD patterns in the three figures indicate the 

formation of classical twinned structures. TBs are parallel to the substrate surfaces in the 

NT Ag and S-NT AgFe films, whereas TBs are frequently misaligned in neighboring 

grains in P-NT AgFe. The columnar boundaries in NT Ag and S-NT AgFe are 

predominantly incoherent twin boundaries (ITBs), and S-NT AgFe has a higher density of 

TBs than NT Ag. As shown in (e), ITBs in S-NT AgFe align either on the same line (blue 

arrows), or diffused in a wide range (yellow arrows). Therefore, the columnar boundaries 

as shown in (b) are either narrow and sharp (depicted by blue dotted lines) or wide and 

blur (sandwiched by yellow dotted lines). In P-NT AgFe (f), the columnar boundaries are 

mostly conventional high-angle grain boundaries (GBs) rather than ITBs.  
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Fig. 6.3. (a) High-resolution TEM images showing the microstructure of ultra-fine twins 

in S-NT AgFe. (b) The magnified view of box in (a) shows clear (111) TBs are decorated 

with SFs.  

 

The evolution of defect density as a function of irradiation dose is different for 

four types of specimens. As shown in Fig. 7, the defect density in CG Ag reaches 

saturation ~ 21.5 × 1022/m3 at ~ 0.05 dpa, while defect densities in NT Ag, S-NT AgFe 

and P-NT AgFe gradually increase until 0.2 dpa, and level off thereafter. In comparison 

NT Ag has only half of the defect density, ~ 10.8 × 1022/m3.  The saturation defect density 

in both S-NT AgFe and P-NT AgFe reduces further by another 50% to ~ 5.1 and 4.9 × 

1022/m3, respectively. Note that defect density analysis reflects a lower bound estimation 

since not all defects can be resolved under in situ TEM observation.  

A summary of average grain size, twin spacing (before and after irradiation), defect 

size and density in CG Ag, NT Ag S-NT AgFe and P-NT AgFe are given in Table 6.2. 

CG Ag has the largest average defect size, ~ 12 nm. NT Ag has a much smaller average 
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defect size, ~ 7 nm, followed by 5 nm in both types of AgFe specimens. In addition, the 

average defect size in NT AgFe is comparable to their average twin spacing. 

6.5 Discussion 

It has been shown previously that NT Ag exhibits prominently enhanced 

irradiation tolerance compared to CG Ag due to high-density TBs. It is, however, 

surprising to see that the radiation resistance can be further improved by adding merely 

~1 at.% Fe solutes. The Fe solute effects on both the microstructure and irradiation 

response of NT AgFe are considered from three aspects. First, Fe solutes promote the 

nucleation of growth twins and lead to higher density of growth twins than that in 

monolithic Ag. Second, the Fe solutes significantly improve the radiation stability of all 

TBs (CTBs and ITBs) presumably due to the solute drag effect. Third, the uniformly 

distributed Fe atoms are effective defect sinks that accelerate the recombination of 

interstitials and vacancy through trapping and detrapping processes. The following 

discussions are based on the three aspects.   
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Fig. 6.4. TEM images and EDX maps of S-NT AgFe before (a-d) and after (e-h) Kr ion 

irradiation. (a) XTEM, (c) plan-view TEM images and (b,d) the corresponding EDX 

composition maps of Ag and Fe before irradiation. (e) The XTEM image of the irradiated 

film showing the retention of high- density nanotwins. (g) The plan-view TEM 

micrograph demonstrates the formation of defects in irradiated film and the columnar 

boundaries are not visible. (f,h) The corresponding EDX composition maps of irradiated 

films show that both Ag and Fe are distributed uniformly. The EDX composition maps for 

P-NT AgFe before and after irradiation are shown in Suppl. Fig. 6.1.  
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Fig. 6.5. In situ video snapshots recorded during Kr ion irradiation at room temperature 

compare the irradiation response among CG Ag, NT Ag, S-NT AgFe and P-NT AgFe at 

the same dose levels. The scale bar in (a) applys to all images. (a-c) CG Ag accumulates 

a large number of defects after 0.025 dpa, and is significantly damaged by 0.2 dpa. (d-f) 

In irradiated NT Ag,  a moderate number defects are generated within the grains, and the 

columnar boundaries become blurry by 0.025 dpa. At 0.2 dpa, defect density appears to 

increase further, and the columnar boundaries become invisible. (g-i) In S-NT AgFe, 

fewer defects are generated at 0.025 dpa compared to NT Ag, and most of the columnar 

boundaries are still clear at this dose level. The columnar boundaries become 

indistinguishable at 0.2 dpa. However, the film appears to have smaller and fewer defects 

compared to NT Ag. (j-o) Similar to S-NT AgFe, the P-NT AgFe film experiences 

moderate damage. A large fraction of the grain boundaries in P-NT AgFe remains visible 

after 2 dpa.  
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Fig. 6.6. XTEM images of NT Ag and S-NT AgFe before and after irradiation to 1.5 dpa. 

(a-b) After irradiation to 1.5 dpa, numerous TBs disappeared, and the average twin spacing 

increased from 13 ± 7  to 22 ± 15 nm, and most ITBs at the original columnar boundaries 

are no longer visible after radiation. (c-d) In comparison, the TBs in irradiated S-NT AgFe 

are much more stable. After 1.5 dpa, few TBs were removed and the average twin spacing 

increased slightly from 2 ± 2 to 4 ± 3 nm. The sharp ITBs became diffused and less 

distinguishable after irradiation. Also, the edges of CTBs became blurred due to the 

formation of stacking faults along CTBs.    
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Table 6.2. Summary of average grain size, twin spacing (before and after irradiation), 

defect size and density in CG Ag, NT Ag S-NT AgFe and P-NT AgFe. 

 

 

 

Fig. 6.7. The defect density evolution as a function of irradiation dose for four types of 

samples. The defect density in CG Ag reaches saturation at ~ 0.05 dpa, while defect 

densities in NT Ag, S-NT AgFe and P-NT AgFe gradually increase until 0.2 dpa, and then 

leveled off thereafter. The defect density in CG Ag reaches ~ 21.5 × 1022/m3, and is 

significantly higher than NT Ag, ~ 9.2 × 1022/m3. Both S-NT AgFe and P-NT AgFe exhibit 

very low density, ~ 5.1  and 4.9 × 1022/m3, respectively.     
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6.5.1 Formation of ultra-high-density twins in NT AgFe 

Nanoscale growth twins have been observed in numerous monolithic metals, such 

as Ag [226], Cu [178, 325], Ni [326], Pd [327] and Al [232, 328], and their alloys [296, 

329]. The influence of impurity on formation of twins has been a subject under debate 

[329-331]. Lu and Hellawell have proposed an “impurity-induced twinning” mechanism 

in their study of twin formation in Al-Si alloys [329]. Their study shows that the adsorption 

of impurity atoms at monolayer steps may contribute to an alteration of the stacking 

sequence of {111} planes in Si, and thus to the formation of twins. In this hypothesis, 

growth twins are created at the interface when the atomic radius of the impurities relative 

to Si exceeds 1.65. That is to say, a specific radius of impurity atoms is required to trigger 

twinning. Shahani et al. have studied the twinning in Al-Si-Cu alloys, but they found 

neither Al nor Cu satisfies the geometrical consideration [331]. Moreover, Timpel et al 

reported that the chemistry of co-segregated species rather than size effect plays a major 

role on formation of twins [330]. Clearly, impurity-induced twinning is a phenomenon 

requiring further investigation.  

In general, Fe exhibits body-centered cubic (BCC) structure, but it is plausible to 

expect that the minute Fe solutes have FCC structure in this study. Our previous study on 

Ag/Fe multilayers also observed phase transformation of Fe (BCCFCC) when the 

individual layer thickness is very small, ≤ 5 nm [332]. For the FCC Ag-1 at.% Fe alloy, 

the average separate distance between Fe atoms is ~ 2 nm, which matches the average 

twin spacing measured in both S-NT AgFe and P-NT AgFe, 3 ± 2 nm. This simple 
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estimation indicates that the Fe solutes may have close correlation with the average twin 

spacing in AgFe films. 

6.5.2 Significantly enhanced irradiation stability of twin boundaries in NT AgFe 

Prior studies have shown that TBs are mobile under stress (deformation) and 

radiation. ITB segments consist of 1/6<112> Shockley partial dislocations on consecutive 

{111} planes. Wang et al. show, by means of in situ nanoindentation inside a TEM and 

molecular dynamics simulations, ITBs can be highly mobile during deformation, a 

phenomenon often referred to as detwinning [67]. The driving force for detwinning is the 

reduction in TB energy. Detwinning has also been reported in irradiate NT Cu [67, 68] 

and NT Ag [69]. In general, CTBs can actively engage in defect clusters and form a series 

of tiny ITBs steps. These ITBs are highly mobile and thus promote detwinning. Hence it 

is critical to enhance radiation stability of TBs in order to design advance radiation tolerant 

NT metals.  

The columnar boundaries in NT Ag and S-NT AgFe are ITBs  [56]. After 

irradiation to 1.5 dpa, TBs in NT Ag detwin significantly and the average twin spacing 

increases from 13 ± 7 to 22 ± 15 nm. In comparison, the ITBs in S-NT AgFe are highly 

stable, and after radiation to 1.5 dpa, the average twin spacing only increases slightly. In 

P-NT AgFe, the GBs remain visible even after irradiation to 2 dpa, indicating TBs are 

highly stable against radiation as well. The significantly enhanced stability of ITBs in NT 

AgFe can be interpreted from several perspectives.  
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First, the solute drag effect may dominate the radiation stability of ITBs. Solute 

drag effect on GB stability has been extensively investigated [70-75].Lücke and Detert 

[70] proposed that GB mobility M can be expressed as [76], 

/

1
E kT

D
M

kT nCe


  ,               (6.1) 

where D is the diffusivity of solute atoms, n is the number of solute atoms per unit area of 

the boundary, C is the average concentration of solute atoms, and E is the boundary–solute 

interaction energy, i.e., the heat of segregation. Clearly, the mobility of GB is proportional 

to the diffusivity of solute atoms and inversely proportional to the concentration of solute 

atoms. Interestingly, this suggests that there will be no effect in the case when solute atoms 

are immobile. However, as studied later by Mendelev and Srolovitz using kinetic Monte 

Carlo (KMC) simulation, it is still possible that solute drag effect exists in the real grains 

even when solute atoms are immobile [72]. 

Using a similar strategy, Borovikov et al. have studied the drag effect of Ag solutes 

in Cu on TB stability by MD simulations [76]. Their modeling suggest that the presence 

of Ag solutes, 0.2-0.5 at.%, significantly resist the migration of ITBs. The migration rate 

of ITBs is found to be twin-thickness-dependent, and the ITBs migrate a lot faster, 14 

times large, in pure Cu than that in Cu with Ag impurities. ITBs migrate smoothly in the 

pure Cu, whereas the motion becomes jerky in the presence of Ag solutes. Zhang et al., 

have also pointed out the importance of solute drag effect in the enhanced high-

temperature stability of TBs in NT Cu contains 0.5 at% Fe precipitates at GBs [20]. MD 

simulations on Cu-Ag solid solution suggests that the mechanism of solute drag effect on 
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the TB migration has little relation with the solute segregation to the ITB. Instead, it is 

related to variation of the ITB shape or position to accommodate more solute atoms [76]. 

In the present study, we anticipate that Fe atoms may also impede the migration of ITBs 

through a similar solute drag effect.  

Second, Fe has an atomic radius of 1.56 Å, smaller than Ag, 1.65 Å. It is well 

known that small solute atoms introduce tensile stress field, and thus may trap dislocations, 

such as mobile Shockley partials. Such an interaction may slow down the migration of 

Shockley partial dislocations on the ITBs, and thus prohibit the migration of ITBs. 

Additionally, it has been shown that the interaction of dislocation loops with Shockley 

partials (on ITB) may lead to sessile Frank partials. The interaction of perfect dislocation 

loops with Frank partials may lead to mobile Shockley partials again [77]. It is likely that 

the Fe solutes may stabilize Frank partials, making them difficult to evolve and thus 

stabilize ITBs.   

Third, the stability of ITBs may be related the influence of solute atoms on SFE of 

Ag. A recent study shows that the addition of Fe solute to Al increases the stable stacking 

fault energy slightly, but the unstable stacking fault energy increases significantly. 

Consequently, trailing partials is difficult to migrate and thus stabilize TBs. We 

hypothesize that Fe atoms may have a similar impact on the variation of unstable SFE of 

Ag, and thus may stabilize TBs in Ag. 
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6.5.3 The integration of Fe solutes to TB networks to enhance radiation tolerance 

Here we will discuss the influence of CTB-ITB networks and Fe solutes on the 

radiation tolerance of NT AgFe. 

6.5.3.1 Role of CTBs on irradiation tolerance 

It has been known that NT metals have enhanced radiation tolerance compared to 

their bulk counterparts. The current study confirmed that NT Ag and AgFe indeed have 

significantly improved radiation tolerance than CG Ag. Although there are studies that 

show CTBs maybe ineffective defect sinks comparing to HAGBs [254, 255], there are 

increasing evidence that show CTBs can actively engage in defect capture and annihilation 

during irradiation. For instance both MD simulations and in situ radiation studies show 

that CTBs interact with and destruct SFTs [51, 89, 170, 178, 179]. CTBs also change their 

geometry to accommodate dislocation loops and facilitate the transportation of interstitials 

along CTBs to locations where vacancy concentration is high and thus promote vacancy-

interstitial recombination [179]. Recent studies on NT Ag have also shown the defect-

CTB interactions lead to the existence of twin boundary affected zone (TBAZ), where the 

time accumulative defect concentration is low near CTBs [179]. In addition, the 

distribution of defects has been revealed to be twin-thickness (spacing between CTBs) 

dependent [177]. These studies confirm that CTBs are indeed effective sinks in irradiated 

metals.  

The current study shows that NT Ag and NT AgFe have similar columnar grain 

size, 100-120 nm, but NT AgFe has a much smaller twin spacing, 3 ± 2 nm, comparing to 

that of NT Ag, ~13 ± 7 nm. Irradiated AgFe has 50% less defects than that in NT Ag, as 



150 
 

well as a smaller average defect size. Such a drastic reduction of defect density and a 

moderate decrease in defect dimension is clearly related to the much smaller average twin 

thickness in NT AgFe, lending further evidence on the role of CTBs on alleviation of 

radiation damage. The dislocation loop size in NT AgFe is comparable to their average 

twin spacing, indicating that nanotwins may significantly suppress the growth of defect 

clusters during radiation.  

6.5.3.2 Grain boundary and ITBs as defect sinks in irradiated NT metals  

NT Ag and NT AgFe have abundant grain boundaries. In situ TEM snapshots (Fig. 

8) show representative defect capture events by grain boundary in P-NT AgFe over ~ 0.15 

dpa (~ 69 s) (see Supplementary Video 1). The boundary of a grain is indicated by yellow 

dotted line (Fig. 8a). After 5s, two defect clusters near GB appeared as indicated by red 

arrows (Fig. 8b). After 1 s (at 6 s) they combined into a large cluster that grew further (Fig. 

8c-d) and remained in contact with the GB. The large defect cluster was gradually 

absorbed by the GB at 24 s and continuously shrank (Fig. 8e-g). Finally, the defect cluster 

was removed by the GB at 69 s (Fig. 8h). The corresponding schematic diagrams of the 

defect-GB interaction events are shown in Fig. 8a’-h’. Such a defect cluster could be a 

vacancy loop as it appears less mobile, and the absorption of a large vacancy loop by GB 

is a sluggish process as it involves significant diffusion of atoms along GBs. There are 

also prior evidence that shows ITBs are effective defect sinks [310, 333]. And it has been 

shown that ITBs can sometime recover after interaction with dislocation loops [256]. ITBs 

not only capture large defect clusters, but they can also effectively transport point defects. 

Prior studies on Kr ion irradiated NT Cu with nanovoids show that Shockley partials ITB 
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steps can effectively transport interstitials to grain boundaries where they can be 

annihilated by nanovoids [83].    

6.5.3.3 Role of Fe solute atoms in irradiation tolerance 

Classical solute drag effect assume that solute atoms migrate together with GBs or 

dislocations. However, EDS maps did not reveal segregation of Fe solutes near TBs in 

irradiated NT AgFe, indicating that solute atoms did not travel along with ITBs or 

Shockley partials. The significance of Fe solutes on radiation tolerance of NT AgFe can 

be interpreted from several perspectives. First, Fe solutes may facilitate the recombination 

of opposite types of point defects, a phenomena that has been reported previously [5, 271-

274]. Fe has smaller atomic radius than Ag, and thus a tensile stress field may arise around 

substitutional Fe atoms, making Fe solutes preferential sites to attract interstitials. 

Although Fe solute may not eliminate interstitials due to limited excess free volume, they 

increase an interstitial’s dwelling time, promoting the interstitial to recombine with nearby 

vacancies. The average separation distance among these Fe solutes is ~ several nm, 

making them effective to prohibit preferential segregation of vacancy and interstitials 

clusters.  

Second, it is worth mentioning that although Fe solutes may slow down the 

migration of interstitials and promote the recombination of Frenkel pairs, solutes alone are 

not effective defect sinks, as they do not have the necessary excess free volumes to 

accommodate point defects, such as interstitials. Schematics in Fig. 9 illustrate the 

significance of solute-TB networks on radiation tolerance of NT AgFe alloys. Before 

irradiation (0 dpa, Fig. 9a), a 10nm-thick twin in NT Ag is nearly free of defects. After 0.1 
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dpa, numerous defects form within the twin. A portion of the point defects are removed 

by TBs, and the rest combine to form defect clusters. The frequent defect-TB interactions 

lead to detwinning in NT Ag (Fig. 9b). At 0.3 dpa, both defect size and defect density are 

further increased and they tend to reach saturation. Moreover, detwinning happens more 

frequently (Fig. 9c). After 1 dpa, the defect morphology does not change significantly 

further. However, a large portion of the twins has been removed (Fig. 9d). However, NT 

AgFe has abundant ITB and CTB networks. Thus Fe solutes are nicely integrated into the 

TB networks to facilitate the point defect-TB interactions. As shown in Fig. 9e, S-NT 

AgFe possesses ultra-high-density twins, with an average twin spacing of 3 nm, and 

contain uniformly distributed Fe solutes (Fe solutes can either locate on TBs or within 

twin matrices as shown in the figure). At 0.1 dpa, point defects are absorbed by TBs. 

Furthermore, the presence of Fe solutes provides extra defect sinks in S-NT AgFe (Fig. 

9f). As irradiation processes, both defect size and defect density are moderately increased, 

and detwinning proceeds at a slow rate as Fe solute stabilize TBs during radiation (Fig. 

9g-h). 

Atomistic simulation on the interplay of solute-TB networks with radiation 

induced point defects and defect clusters may provide further insight on the fundamental 

mechanisms of solute enhanced radiation tolerance and stability of TBs in NT metals. The 

integration of Fe solutes into TB networks may prove to be an effective approach to 

significantly enhance the radiation tolerance and stability of NT metals and alloys. 
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Fig. 6.8. In situ TEM video snapshots (a-h) showing representative defect capture events 

by a grain boundary (GB) in P-NT AgFe over ~ 0.15 dpa (~ 69 s) (see Supplementary 

Video 1). (a) The boundary of a grain is indicated by yellow dotted line. (b) Two defect 

clusters appeared at 5 s as indicated by red arrow. (c) They combined into a large cluster 

at 6 s. (d) The defect grew further into a large defect cluster. (e) The large defect cluster 

was gradually absorbed by the GB at 24 s and became smaller (f-g). (h) Finally, the defect 

cluster was removed by the GB. The corresponding schematic diagrams of the defect-GB 

interaction events described in (a-h) are shown in (a’-h’). 
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Fig. 6.9. Schematics illustrate the different irradiation responses between NT Ag (a-d) and 

S-NT AgFe (e-h). (a) Before irradiation (0 dpa), a 10nm-thick twin in NT Ag is nearly 

free of defects. (b) After 0.1 dpa, numerous defects form within the twin. A portion of the 

point defects are removed by TBs, and the rest combine together to form defect clusters. 

The frequent defect-TB interactions lead to detwinning. (c) At 0.3 dpa, both defect size 

and defect density are further increased and they tend to reach saturation. Moreover, 

detwinning happens more frequently. (d) After 1 dpa, the defect morphology does not 

change significantly further. However, a large portion of the twins has been removed. In 

comparison, S-NT AgFe exhibit significantly improved irradiation resistance. (e) S-NT 

AgFe possesses ultra-high-density twins, with an average twin spacing of 2 nm, and 

contain uniformly distributed Fe solutes. (f) At 0.1 dpa, Point defects are absorbed by  TBs. 

Furthermore, the presence of Fe solutes provides extra defect sinks in S-NT AgFe. (g-h) 

Both defect size and defect density are moderately increased, and detwinning proceeds at 

a slow rate as Fe solute stabilize TBs during radiation.  

 

6.6 Conclusion 

In this study, we report on drastically improved irradiation stability of twin 

boundaries in NT Ag. By adding merely ~1 at.% of Fe solute atoms into Ag matrix, ultra-

high-density twins with an average twin thickness of ~ 3 nm form in NT AgFe. The 

extremely fine twins in NT AgFe have outstanding stability against heavy ion irradiation 
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compared to that in NT Ag. Moreover, NT AgFe has much smaller defect size and lower 

defect density than NT Ag. The uniformly distributed Fe atoms incorporate nicely into 

CTB-ITB networks to capture and promote recombination of opposite point defects and 

stabilize ITBs. This study provides an important solution to the design of NT metals with 

improved irradiation tolerance and stability.  
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CHAPTER VII 

IN SITU HEAVY ION IRRADIATION STUDIES OF NANOPORE 

SHRINKAGE AND ENHANCED RADIATION TOLERANCE OF 

NANOPOROUS AU* 

7.1 Overview 

High energy particle radiation induces severe microstructural damage in metallic 

materials. Nanoporous materials with a giant surface-to-volume ratio may alleviate 

radiation damage in irradiated metallic materials as free surface are defect sinks. Here we 

show, by using in situ Kr ion irradiation in a transmission electron microscope at room 

temperature, that nanoporous Au indeed has significantly improved radiation tolerance 

comparing with coarse-grained, fully dense Au. In situ studies show that nanopores can 

absorb and eliminate a large number of radiation-induced defect clusters. Meanwhile, 

nanopores in nanoporous Au shrink (self-heal) during radiation, and their shrinkage rate 

is pore size dependent. Furthermore, the in situ studies show dose-rate-dependent 

diffusivity of defect clusters. This study sheds light on the design of radiation-tolerant 

nanoporous metallic materials for advanced nuclear reactor applications. 

 

 

*Reprinted from “J. Li, C. Fan, J. Ding, S. Xue, Y. Chen, Q. Li, H. Wang, X. Zhang, In 

situ heavy ion irradiation studies of nanopore shrinkage and enhanced radiation tolerance 

of nanoporous Au, Scientific Report, 7 (2017) 39484” with permission from Nature 

Publishing Group. 
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7.2 Introduction 

Energetic particle (such as ions, neutrons and protons) radiations induce a large 

population of vacancies and self-interstitial atoms (SIAs) in metallic materials, and these 

voids, bubbles and stacking fault tetrahedra (SFTs).[9-12] As a result of severe radiation, 

the microstructure and mechanical properties of the materials can be significantly 

degraded as evidenced by void swelling, radiation hardening, embrittlement and 

significant loss of ductility.[13-17] The search for radiation tolerant materials has been a 

subject of intense research for decades. Numerous approaches have been adopted to design 

radiation-resistant materials. The central premise is that certain types of defect sinks may 

promote the absorption and recombination of interstitials and vacancies and thus enhance 

the radiation tolerance of materials. Consequently, various types of defect sinks have been 

investigated, including grain boundary (GB), twin boundary (TB), phase boundary, etc.[76, 

170-176, 241] Nanocrystalline materials have abundant GBs and may have extraordinary 

radiation resistance because GBs act as defect sinks that can absorb irradiation induced 

defects, and in some cases may serve as sources to emit interstitials and annihilate 

vacancies.[89, 131, 147, 242, 243] TBs are low energy boundaries and are generally 

considered to be weak defect sinks. However, recent studies reported that TBs in 

nanotwinned (nt) metals can capture defect clusters, remove irradiation-induced defects 

(including SFTs) effectively, form a TB affected zone within which the accumulative 

defect cluster density is lower than in crystal interior, and thus NT metals may have 

remarkable radiation resistance.[76, 89, 178] Layer interface is another effective defect 

sink and its influence on radiation tolerance of materials has been extensively studied.[76, 
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175, 241, 244] For instance, significant layer thickness-dependent reduction of both 

helium bubble density and alleviation of radiation hardening were reported in some of the 

immiscible systems, such as Cu/Nb[245] and Cu/V.[246] MD simulations of Cu/Nb also 

indicate that the Cu-Nb interface is a highly efficient sink for the annihilation of 

irradiation-induced defects.[252] 

Free surface is typically considered as an unsaturable defect sinks, and nanoporous 

(np) materials with a giant surface-to-volume ratio may have the potential to be radiation 

tolerant compared to the fully dense coarse-grained (cg) counterparts.[183, 184, 257] 

There are extensive studies on mechanical properties of NP metals.[237-240] However, 

there are limited cases on irradiation responses of NP materials.[172, 183] Fu et al. 

performed an ex situ study on NP Au under 400keV Ne++ ion irradiation and showed that 

defect accumulation depends on dose rate.[188] More specifically, SFTs formed at high 

dose rate, while few SFTs were generated at low dose rate. Their MD simulations indicate 

that low dose rate leaves ample time for SIAs and vacancies to diffuse to the surface or 

recombine, whereas at higher dose rate, the time interval between cascades is shorter than 

the time needed for migration of defects to the surface. Consequently, vacancies have 

enough time to aggregate and form SFTs. Previous in situ study on NP Ag showed the 

removal of various types of defect clusters, including SFTs, small dislocation loops and 

large segments, by the free surface in NP Ag under 1 MeV Kr++ ion irradiation.[184] 

Furthermore, the in situ studies showed that both the global and instantaneous diffusivities 

in NP Ag are lower than those in CG Ag.  
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Despite these previous studies, the number of in situ studies on irradiation response 

of NP metals remains scarce. In addition, defect migration kinetics, which is crucial for 

the modeling of defect evolution in irradiated metals, remains largely unknown.[87, 278] 

The influence of dose rate on defect diffusivities is still unclear.[10, 183, 279] 

Here we present in situ Kr ion irradiation studies on CG and NP Au. The migration 

of defect clusters and their elimination by free surfaces were captured by in situ video. 

Compared to our previous study on NP Ag32, we have confirmed that NP Ag also has 

significantly better radiation tolerance than coarse-grained Au in terms of reduced size 

and density of radiation-induced defect clusters. Furthermore, we discovered the dose-

rate-dependent defect global and instantaneous diffusivities in NP Au, which has not been 

studied in NP Ag previously. In addition, we observed void shrinkage due to the 

absorption of defect clusters by nanovoids during irradiation in NP Au, and their shrinkage 

rate depends on pore size. The outstanding irradiation tolerance of NP Au has important 

implications for the design of advanced NP materials under extreme radiation environment. 

7.3 Experimental 

The Ag65Au35 (atomic ratio) leaves (procured from New York Central Art Co.) 

with dimensions 20 mm × 20 mm × 120 nm were sandwiched by two 304 stainless steel 

plates and then cold rolled up to ~ 20 % strain so as to reduce the foil thickness and achieve 

electron beam transparent specimens. The rolled Ag65Au35 leaves were then chemically 

de-alloyed in a 70% HNO3 solution for 4 h at room temperature. The etched leaves were 

repeatedly rinsed in deionized water to remove residual acid and eventually lifted off by 

Cu grids (400 mesh) for in situ radiation studies. All specimens were investigated using 
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an FEI Tecnai G2 F20 ST microscope before and after irradiation. In situ irradiation 

experiment was performed at room temperature at the IVEM-TANDEM facility at 

Argonne National Laboratory. An 1 MeV Kr++ ion beam was used for radiation 

experiments to a maximum fluence of 2 × 1014 ions cm−2 (∼1 dpa). The dose rate applied 

during in situ radiation experiments varied from 3.2  10-3 to 5  10-4 dpa/s. SRIM 

(Kinchin-Pease method) simulation was used to estimate the displacement damage profile 

(in the unit of displacements-per-atom (DPA)) and Kr ion distribution. Most Kr ions 

(99.99%) penetrated directly through the specimen and the residual Kr ion concentration 

in the TEM thin foil is ~ 0.01at.%. The temperature rise of specimens during in situ Kr 

ion irradiation measured by thermocouple is less than 10 °C. 

7.4 Results 

As-prepared CG Au and NP Au were both transparent to the electron beam. The 

diameter of nanovoids varies from ~10 to 100 nm, and the selected area diffraction (SAD) 

pattern suggests the film was highly textured. Fig. 7.1 compares the microstructural 

evolution in CG and NP Au under 1 MeV Kr++ ion irradiation at room temperature. Before 

irradiation, both NP Au and CG Au appeared relatively clean with little preexisting defects 

(Fig. 7.1a–a’). Radiation leads to a gradual and 
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Fig. 7.1. Transmission electron microscopy (TEM) snap shots obtained from in situ 

radiation video revealed drastically different irradiation response between nanoporous 

(NP) and coarse grained (CG) Au subjected to in situ Kr ion irradiation at room 

temperature. (a-a’) Before irradiation, both NP Au and CG Au appeared relatively clean 

with little preexisting defects. (b-d) TEM snap shots show gradual and moderate increase 

of defect density in irradiated NP Au, up to 0.5 dpa. (b’-d) In contrast, CG Au has 

accumulated much more defects rapidly by 0.5 dpa.  
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moderate increase of defect density in NP Au, up to 0.5 dpa (Fig. 7.1b-d). In contrast, CG 

Au has accumulated much more defects rapidly by 0.5 dpa (Fig. 7.1b’-d’). Bright field 

and weak beam dark field (WBDF) TEM images show that a majority of defect clusters 

are dislocation loops and SFTs. TEM snapshots from in situ videos compare CG and NP 

Au irradiated to several doses. From 0 to 0.02 dpa (Fi. 1b and 1b’), few defect clusters 

formed in NP Au, whereas defect density in CG Au increased rapidly. By 0.2 dpa, both 

the diameter and density of defect clusters in CG Au increased significantly (Fig. 7.1c’), 

while only a few defect clusters were generated in NP Au. By 0.5 dpa (Fig. 7.1d and 1d’), 

the average diameter of defect clusters in NP Au appeared much smaller than that in CG 

Au. Fig. 7.2 shows statistics of the diameter and density of defect clusters in NP Au and 

CG Au. The average defect size is ~ 10 and 4 nm for CG and NP Au, respectively (Fig. 

7.2a). The defect density in both CG and NP Au reached saturation at similar dose, ~0.1 

dpa (Fig. 7.2b).  

 

 

Fig. 7.2. Statistics of defect cluster diameter and density in NP Au and CG Au. (a) The 

average defect diameter is ~ 10 and 4 nm for CG and NP Au, respectively. (b) The defect 

density in both CG and NP Au reached saturation at similar dose level, ~0.1 dpa. 
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The migration of a large number of defect clusters in NP Au has also been 

examined to estimate their global and instantaneous diffusivities. The global diffusivity, 

DGlobal, of a defect cluster is determined by using the square of overall defect migration 

distance (L2) over the accumulative defect lifetime, which includes the migration time and 

dwelling time. Most defects migrate in a ‘stick-slip’ manner that is a defect cluster 

migrates instantaneously within a fraction of a second, and then stays for a while (dwelling 

time) before its next movement. Thus DGlobal is correlated qualitatively to the average 

migration speed of a defect cluster over its entire lifetime. Meanwhile, we have also 

determined the instantaneous diffusivity, DInst., of a defect cluster by only considering the 

diffusion distance over its migration time (excluding dwelling time). Thus DInst. appears 

much greater (by an order of magnitude) than DGlobal. The detailed methods to determine 

diffusivity have been shown previously [76]. Fig. 7.3a shows DGlobal of defect clusters in 

NP Au at a higher dose rate of 3.2  10-3 is ~ 23 ± 5 nm2/s (DH
Global), significantly greater 

than ~ 4 ± 2 nm2/s at a lower dose rate of 5  10-4 dpa/s (DL
Global). Meanwhile, Fig. 7.3b 

shows the DInst. of defect clusters of irradiated NP Au varies from 200 to 800 nm2/s, and 

due to a large scattering, the average value of DInst. shows little dependence on dose rate.  

Typical examples of the evolution and interaction of defect clusters with nanovoids 

are demonstrated by in situ video snapshots over 0.02 – 0.04 dpa in Fig. 7.4. Two small 

isolated loops were identified at 0 s, one of them (outlined by red dots) was several nm 

away from the nanovoid, and the other one was adjacent to the void (marked in green ) 

(Fig. 7.4a). After 2.8 s, two other loops (indicated by the yellow dotted lines) and an SFT 

(blue marker) emerged near the void (Fig. 7.4b). Fig. 7.4c-4e show the individual loops 
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combined into a dislocation segment. Meanwhile, the SFT interacted with the void surface 

and was destructed. In Fig. 7.4f-4h, the same video also shows a small dislocation loop 

(marked by the red dotted line) migrated towards the void and was captured by 15.9 s. The 

dislocation segment combined more defects and then interacted with an adjacent SFT, 

leading to their mutual destruction (Fig. 7.4i-4l). Later a cluster of small SFTs emerged at 

25.7s during irradiation (Fig. 7.4l).  

 

 

Fig. 7.3. The global and instantaneous diffusivities of defects under different dose rate in 

NP Au. (a) The global diffusivity of defects in NP Au is significantly reduced (by six 

times) when the dose rate decreased from 3.2  10-3 to 5  10-4 dpa/s. (b) The instantaneous 

diffusivity of defect clusters in irradiated NP Au varies from 200 to 800 nm2/s, and the 

average value of instantaneous diffusivity shows little dependence on dose rate and cluster 

diameter. 

 

Another phenomenon is the universal shrinkage of numerous nanopores during in 

situ radiation of NP Au and an example is shown in Fig. 7.5. Three pores with diameters 
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of 15, 12 and 11 nm were tracked during radiation over 2 dpa (~ 1600s). During irradiation, 

a significant number of defect clusters migrated to these pores (defect absorption), and the 

dimension of pores decreased continuously (Fig. 7.5a-5e). For instance, by 1.25 dpa (Fig. 

7.5f), the diameter of the pore (marked by red arrows) decreased substantially from 12 to 

merely 3 nm, and eventually disappeared by 1.5 dpa (Fig. 7.5g).  The diameter of the other 

two nanopores changed from 15 to 8 nm, and 11 to 8 nm, respectively over 2 dpa. 

Statistical data in Fig. 7.6a show that nanopores shrink much faster at higher dose rate, 

0.0032 dpa/s, compared to lower dose rate, 0.0005 dpa/s. Furthermore, the normalized 

shrinkage of pores, Δd/d, decreases rapidly with increasing pore size (Fig. 7.6b), indicating 

smaller pores shrink faster during irradiation. 

7.5 Discussion 

Free surfaces are perfect sinks for defects, so it is natural to speculate that NP Au 

with high surface-to-volume ratio would be more radiation tolerant compared to its CG 

counterpart. Indeed, our in situ studies show NP Au has excellent radiation resistance as 

evidenced by its substantially lower defect dimension and density than those in CG Au. 

During irradiation, although the defect density in both CG and NP Au reached saturation 

at similar dose level, the continuous migration of point defects and their clusters towards 

nanovoids leads to significant reduction of defect concentration, manifested by an overall 

decrease in defect size and density. Although it appears that there is only a moderate 

reduction of defect cluster density (a factor of 2) and cluster size (a factor of ~2.5) for NP 

Au compared to CG Au, the point defect concentration difference can be substantial. 

Assuming all defect clusters are spherical, the point defect concentration amounts to (2.5)3 
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× 2 ≈ 30. Furthermore, many of the defect clusters in CG Au are much greater than the 

average defect diameter, whereas the defect clusters in NP Au has a much narrower size 

distribution. In situ studies captured evidence that shows the capturing of numerous types 

of defect clusters (including SFTs, individual dislocation loop, and dislocation segments) 

by nanovoids. The removal of various types of defect clusters by free surface has been 

reported previously during in situ radiation study of NP Ag [184]. 

Another significant observation revealed by in situ radiation study is the shrinkage 

of nanovoids in NP Au at room temperature. During radiation of NP Au at room 

temperature, most of the vacancies are bound in the form of sessile defect clusters, and 

thus there may be insufficient vacancies to support void growth. Meanwhile, there is a 

continuously biased flock of interstitials and their clusters to nanovoids during irradiation. 

As void shrinkage in the current study is caused by the absorption of irradiation-induced 

defects, these deliberately introduced nanovoids are excellent defect sinks, providing NP 

Au much better radiation tolerance than their CG counterparts. Furthermore, it is natural 

to speculate that the void shrinkage rate could be determined by the defect capture 

(absorption) rate or the frequency of interactions between nanovoids and defects. Fig. 7.6a 

confirms this hypothesis by tracking the evolution of diameters for a number of nanovoids. 

When the dose rate is increased by ~ six times, the void area, A, decreased much faster. 

Void shrinkage rate (indicated by the slope of the plots) in the high dose rate area (shaded 

by yellow color) is ~ six-times larger than the slope of the data in low dose rate area 

(highlighted in blue color), indicating the void shrinkage rate scales with dose rate.  
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Fig. 7.4. In situ video snapshots showing several representative defect capture events by 

an individual nanovoid over 0.02-0.04 dpa (~ 26 s). (a) Two small isolated loops were 

observed, one of them (outlined by red dots) was several nm away from the nanovoid, and 

the other one was adjacent to the void (green marker). (b) After 2.8 s, two more loops 

(indicated by the yellow markers) and a SFT (blue marker) emerged near the void. (c-e) 

The individual loops combined into a short dislocation segment. Meanwhile, the SFT 

interacted with the void surface and was destructed. (f-h) A small dislocation loop (marked 

by the red dotted line) migrated towards the void and was captured by the void at 15.9 s. 

(i-l) The dislocation segment and a SFT interacted with each other and were eventually 

eliminated by the adjacent void.  
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Fig. 7.5. In situ video snapshots showing the shrinkage of nanopores during irradiation (0-

2 dpa). (a) Three pores with diameter of 15, 12 and 11 nm were observed before irradiation 

(0 dpa). (b-e) During irradiation, a large number of defects migrated to the pores (defect 

absorption), and the dimension of pores continuously decreased. (f) By 1.25 dpa, the 

diameter of the void (marked by red arrows) decreased substantially from 12 to merely 3 

nm, and finally disappeared by 1.5 dpa (g). (h) The diameter of the other two nanopores 

changed from 15 to 8 nm and from 11 to 8 nm, separately.  

 

Besides the direct observation of defect absorption events, another benefit of in 

situ study is that it allows us to estimate global and instantaneous diffusivities of defect 

clusters by carefully analyzing the videos and tracking the migration of defect clusters 

continuously during irradiation. More details on the methods to estimate diffusivity can 

be found in previous studies.[76, 178, 184] The global diffusivity for defect clusters in NP 

Au is calculated to be 4 ± 2 nm2/s when dose rate is 5  10-4 dpa/s, and 23 ± 5 nm2/s at a 

higher dose rate of 3.2  10-3 dpa/s. Clearly, the global diffusivity is significantly reduced 

(by six times) when the dose rate decreases. However, the instantaneous diffusivity in NP 
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Au varies from 200 to 800 nm2/s and shows little dependence on dose rate. Such intriguing 

phenomena clearly warrant further discussions.  

 

 

Fig. 7.6. Statistic data revealing the shrinkage of nanopores during irradiation (0-2 dpa). 

(a) Statistic data showing the evolution of pore diameter vs radiation dose. Nanopores 

shrank much faster at higher dose rate, 0.0032 dpa/s, compared to lower dose rate, 0.0005 

dpa/s. (b) The normalized diameter reduction, Δd/d, as a function of pore size. The olive 

dashed line is the result of fitting for all data, and the red dashed line and blue dashed line 

are fitting results by choosing the data in the range of d < 16 nm and d > 30 nm, 

respectively. A significant deviation between three fitting results indicates that J is greater 

(smaller) for smaller (larger) voids.  

 

Both global and instantaneous diffusivities are determined by two factors: 

diffusion distance and a defect’s lifetime. In this study, the diffusivities of defect clusters 

were estimated when defect density reached saturation. The saturated defect cluster 

density in NP Au is ~ 15  1022 m-3 as shown in Fig. 7.2b, and therefore, the distance 

between two defect clusters can be simply estimated to be 15 ~ 21 nm (these values 
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considered (1) average defect diameter, 4 nm, and (2) the length between two defect 

clusters can be either side length or diagonal length in a square). Although dose rate has 

been changed, the defect density has reached a plateau (independent of dose rate from ~0.1 

- 2.0 dpa). It follows that the average diffusion distance (limited by defect separation 

distance) for both high and low dose rate is nearly the same, ~ 18 nm (see Fig. 7.3a). Thus 

the global diffusivity of defects may be largely determined by defects’ lifetime. 

A defect’s lifetime includes two components, defect migration time (hopping time) 

and dwell time (rest time). To estimate the global diffusivity, both migration and dwell 

time were taken into account. As a defect migrate very rapidly, the migration time of a 

defect is very short, and the lifetime of a defect is dominated by its dwell time. Compared 

to low dose rate, both defect generation rate and recombination rate increased prominently 

at higher dose rate. As a consequence, a defect cluster cannot stand still for a long time. 

Instead, it will frequently migrate toward the free surface, or combine with other clusters. 

Thus the defect’s dwell time significantly decreases at higher dose rate. Since diffusion 

lengths are similar in both cases (low vs. high dose rate), the global diffusivity at high 

dose rate is larger than that at low dose rate.  

In contrast to global diffusivity, only a defect’s migration time is considered to 

determine the instantaneous diffusivity. Nearly all defects migrated within a single frame, 

and therefore, a defect’s migration time is assumed to be 66 ms for a single migration 

event (limited by the camera’s capture speed of 15 frames/s). Notice that such an 

assumption may overestimate a defect’s migration time. There is a large scattering of 
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instantaneous diffusivity. Consequently, the instantaneous diffusivity appears to have an 

insignificant dependence on dose rate and defect dimension.  

We now examine the shrinkage of nanovoids in NP Au. Void swelling is frequently 

observed in many neutron and heavy ion irradiated metals at elevated temperatures,[134-

138] while void shrinkage is commonly observed at room temperature or at the 

temperature much below the material’s melting point.[146, 334-336] It is known that 

vacancies will be bundled in thermally stable defect clusters, such as vacancy loops and 

SFTs, during energetic displacement cascade under heavy ion irradiation, and interstitials 

are mobile near room temperature.[36, 337, 338] Therefore, void shrinkage is anticipated 

in the current study. However, a question remains to be addressed is: Does defect 

absorption efficiency dependents on void size in NP materials? Fig. 7.6b may provide 

some clues to this question.  

Assuming the incoming flux of defect into a single void is a constant J (unit: 

volume/areasecond), and these defects will fill in the voids (leading the reduction of void 

diameter), then J can be simply estimated by (assuming that most nanovoids are through 

thickness nanopores with cylindrical shape): 

∆𝑉 = ∆𝑅 ∙ 2𝜋𝑅 ∙ ℎ = 𝐽 ∙ ∆𝑡 ∙ 2𝜋𝑅 ∙ ℎ                 (7.1) 

where V is the volume of voids, R (= d/2) is the radius of voids, h is the film 

thickness. ∆𝑅 is the reduction of void radius over a period of t. It is readily seen that 

∆𝑅 = 𝐽∆𝑡, i.e., ∆𝑑 = 2𝐽∆𝑡. Consequently the relation between normalized void shrinkage, 

Δd/d, and void size d can be expressed as: 
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∆𝑑/𝑑 = 2(𝐽 ∙ ∆𝑡)/𝑑                       (7.2) 

Thus, the normalized void shrinkage is inversely proportional to the initial defect 

diameter. This is very close to what has been captured experimentally (Fig. 7.6b). 

Furthermore, the attempt to use a constant J to fit all data point (Olive dash line) seems to 

underestimate (overestimate) Δd/d for smaller (larger) voids. Such systematic deviation 

suggests that J is greater for smaller voids and less for larger voids. In other words, defects 

may interact more frequently with smaller voids than the larger ones during irradiation, 

and therefore, defect absorption efficiency is higher for smaller voids than larger voids. In 

a recent study on nanovoid-nanotwinned Cu (with an average void diameter of ~ 10 nm), 

significant loop-void interactions were observed. Analytical calculations show the 

existence of significant tensile stress surrounding voids.[83] When a loop comes closer to 

a void, its migration rate increases drastically due to the substantial reduction of formation 

and migration energies of the loop under tensile stress. Compared to larger voids, smaller 

voids generate higher stress field near void surfaces and therefore, smaller voids capture 

more defects during irradiation.  

It may appear that the irradiation resistance of NP metals will degrade over the 

long term if most of the nanovoids are completely filled with radiation induced defect 

clusters. Such concern can be eased for the following reasons. First, bulk (fully dense) Au 

is extremely vulnerable to radiation damage as shown by severe radiation damage at 

merely 0.02 dpa. It is clear that nanovoids significantly delay damage accumulation in Au 

by more than an order of magnitude, rending NP Au more resistant to heavy ion 

irradiations to a much greater dose (1 dpa). Furthermore, the foregoing studies show that 
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the concentration of point defects (such as self-interstitial atoms) could also be an order 

of magnitude lower in NP Au than in CG Au. Such a concept derived from the current 

study indicates that the safe service period (lifetime) of nuclear reactor steels, if engineered 

with nanoporous structures, could also be significantly extended. Second, Au is a model 

system that is known to be vulnerable to radiation damage than many other alloys, such 

as austenitic stainless steels. One can envision that for a practical reactor steel, the 

incorporation of nanovoids/nanopores could achieve even greater radiation tolerance than 

what has been demonstrated in the current model system. Third, although nanovoids may 

be eliminated during radiation, modeling tool (such as phase field models), may reliably 

predict the correlation between the service lifetime and desirable combination of different 

diameter and density nanovoids for design purposes. As Fig. 6(b) suggested, smaller voids 

shrink faster than the larger ones. Therefore, by deliberately introducing nanovoids with 

different diameters and density, the radiation stability of reactor steels may be significantly 

prolonged. Of course, further improvements in nanopore stability might also be beneficial 

before this concept transfers into a practical option for future reactor steels. 

7.6 Conclusion 

In situ heavy ion irradiation studies were performed on nanoporous Au at room 

temperature. Dose-rate-dependent defect migration diffusivities were examined, and the 

global diffusivity is significantly reduced when the dose rate decreases, while the 

instantaneous diffusivity shows little dependence on dose rate. Nanovoids are effective 

defect sinks where various types of defect clusters can be absorbed during irradiation. The 

absorption of defect clusters leads to the shrinkage of nanovoids, and the shrinkage rate, 
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or defect absorption efficiency, is size-dependent. Comparing to larger voids, smaller 

voids exhibit higher defect absorption efficiency capture more defects during irradiation. 

This study provides significant insight into the design of radiation-tolerant nanoporous 

metallic materials. 
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CHAPTER VIII 

IN SITU STUDIES ON RADIATION RESISTANCE OF NANOPOROUS 

AU THROUGH TEMPERATURE-JUMP TESTS 

8.1 Overview 

Nanoporous (NP) materials have great potentials to alleviate irradiation-induced 

damage due to their giant surface-to-volume ratio. Previous in situ irradiation study on NP 

Au at room temperature has shown the shrinkage of nanopores due to the absorption of 

irradiation-induced defects, and the shrinkage rate is pore-size-dependent. In this follow-

up temperature-dependent study, we show that both defect density and nanopores evolve 

with radiation temperature. Higher temperature results in lower defect density and reduced 

shrinkage rate of nanopores. The sink strength of nanopores as a function of temperature 

is estimated. Moreover, NP Au exhibits significantly enhanced swelling resistance 

compared to coarse-grained Au. Potential mechanisms for temperature dependent 

radiation resistance of NP metals are discussed. 

8.2 Introduction 

Radiation responses of metallic materials subjected to high-energy particle 

(electron, neutron, and heavy ions) irradiation have been intensively investigated over the 

past few decades [4, 12, 36, 339]. Next-generation nuclear reactors demand significant 

improvement of fuel performance as well as superior structural materials that can sustain 

extreme radiation environment over a much longer period of service lifetime than those 

materials in conventional reactors [3, 4]. Upon exposure to high-energy particle (neutron 
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or heavy ions) bombardments, a significant number of point defects are produced in the 

irradiated materials [12, 36]. Furthermore, these point defects can migrate, interact with 

other defects and evolve into much greater defect clusters, such as dislocation loops, 

dislocation networks and voids [6-8]. The microstructural damage can dramatically impact 

the properties and stability of irradiated materials in the form of radiation-induced 

hardening and loss of ductility, change in material dimension (such as swelling), loss of 

electrical and thermal conductivities, and radiation-induced phase segregation and 

precipitation, and degradation of corrosion resistance [9-18].  

Among various types of radiation-induced microstructural damage, volumetric 

swelling caused by the accumulation of voids is a severe problem [3, 16, 36, 340-347]. 

Void swelling occurs in most irradiated metals and alloys [139, 348]. It is very difficult to 

accommodate a swelling level up to 5% through engineering design. When swelling is 

larger than 10%, the materials suffer from servere radiation embrittlement. Clearly, there 

is a strong need for the design of swelling-resistant structural materials. Void formation 

occurs due to the preferential absorption of interstitials by biased defect sinks [139], and 

typically requires two conditions: a supersaturation of vacancies; and agglomeration of 

vacancies before being annihilated by interstitials or defect sinks. If more vacancies than 

interstitials arrive at void nuclei, voids will grow continuously. One method to disrupt the 

formation and growth of voids is to introduce a high density of point defect sinks that can 

reduce the supersaturation and aggregation of vacancies.  

To enhance radiation resistance of materials, various types of defect sinks have 

been investigated, such as grain boundaries (GBs), twin boundaries (TBs), phase 
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boundaries, etc. [76, 89, 170-179, 317].  Nanoporous (NP) metals are expected to exhibit 

enhanced swelling resistance compared to their fully dense coarse-grained (CG) 

counterparts because of their large free surface area per unit volume [183, 184, 257]. An 

enlightening thought has been proposed almost 20 years ago to develop naturally porous 

structural materials in nuclear fuels to alleviate the fission gas accumulation with 

nanophases [167]. However, the number of radiation studies on NP metals remains very 

limited [78, 184, 188]. The potential of NP metals to alleviate void swelling has not been 

systematically testified yet. In our previous in situ irradiation study on NP Au, nanopore 

shrinkage has been observed instead of void swelling when irradiated at room temperature 

[78]. Nanopores shrink during irradiation by absorption of interstitials and their clusters, 

and their shrinkage rate is pore-size-dependent, i.e. smaller pores shrink faster because of 

higher efficiency to absorb radiation-induced defects [78, 83]. However, the radiation 

response and swelling resistance of NP metals have not been investigated at elevated 

temperatures.  

Defect sink strength is a parameter used to quantify the efficiency of a defect sink 

in annihilating radiation-induced defects (or the affinity of a sink for defects), and it is one 

of the central parameters in the reaction-rate theory [12, 308]. However, it remains 

challenging to obtain sink strength from experimental studies [349, 350]. One method 

frequently used to study the sink strength of different GBs is to compare the width of the 

defect-denuded zone [254, 307, 308, 351]. In parallel, computer simulations, such as 

molecular statics and molecular dynamics (MD) simulations are widely used to describe 

sink strength [254, 320, 349, 352-355]. Most prior studies on sink strength focus on GBs, 
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TBs or layer interfaces [241, 254, 320, 356, 357], while research on sink strength of free 

surface in NP metals remains limited. 

Here we present a systematic study on in situ Kr ion irradiation on NP Au and CG 

Au at various temperatures. Temperature-dependent defect evolutions of defect size, 

density and diffusivities in both NP Au and CG Au have been investigated. Surprisingly, 

nanopore shrinkage in NP Au has been observed even close to peak swelling temperature, 

and void swelling in NP Au is largely suppressed as compared to CG Au. The hypothetical 

mechanisms that lead to the suppression of void growth in NP Au are discussed. In 

addition, the sink strength of nanopores is calculated from experimental studies of NP Au.  

8.3 Experimental 

Ag65Au35 (atomic ratio) leaves (procured from New York Central Art Co.) with 

dimensions 20 mm × 20 mm × 120 nm were sandwiched by two 304 stainless steel plates, 

and then cold rolled up to ~ 20 % strain so as to reduce the foil thickness and achieve 

electron beam transparent specimens. More information on TEM specimen preparation 

can be found elsewhere [78]. All specimens were investigated using a Thermo Fischer 

Scientific/FEI Talos 200X and an FEI Tecnai G2 F20 ST microscopes before and after 

irradiation. In situ irradiation experiment was performed at room temperature at the 

IVEM-TANDEM facility at Argonne National Laboratory. An 1 MeV Kr++ ion beam was 

used for radiation experiments to a maximum fluence of 2 × 1014 ions cm−2 (∼1 dpa). The 

dose rate applied during in situ radiation experiments varied from 3.2  10-3 to 5  10-3 

dpa/s. SRIM (Kinchin-Pease method) simulation was used to estimate the displacement 

damage profile (in the unit of displacements-per-atom (DPA)) and Kr ion distribution. 
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Most Kr ions (99.99%) penetrated directly through the specimen and the residual Kr ion 

concentration in the TEM thin foil is ~ 0.01at.%. The temperature rise of specimens during 

in situ Kr ion irradiation measured by thermocouple is less than 10 °C. 

8.4 Results 

A bright-field TEM image in Fig. 8.1a showing the overview microstructure of NP 

Au before irradiation.  NP Au exhibits (110) texture as inferred from the inserted selected 

area diffraction (SAD) pattern. In this study, three series of in situ irradiation experiments 

are summarized in Fig. 8.1b.  

Series I: temperature-jump tests (400300200100 °C, ~ 1 dpa at each temperature) 

for NP Au and CG Au;  

Series II: in situ radiation of NP Au at constant temperature, 200 °C; and  

Series III: in situ radiation of NP Au and CG Au at room temperature (RT).  

During irradiation, both NP Au and CG Au exhibit different responses at different 

temperatures. Fig. 8.2 compares irradiation responses of NP Au and CG Au at various 

temperatures through a series of transmission electron microscopy (TEM) snapshots 

obtained from in situ videos. Before irradiation, both CG Au and NP Au have little defects 

(Fig. 8.2a1- e1). During radiation of CG Au at RT (Fig. 8.2a2-a4), defects accumulate 

rapidly with increasing dose to 1 dpa. At 400oC, radiation of CG Au induces much fewer 

defects (Fig. 8.2b2-b4). In comparison to radiation of CG Au, during radiation of NP Au 

at the same temperature (RT and 400oC shown in  Fig. 8.2c2-c4 and e2-e4), the number 

of defects increases gradually and moderately with dose up to 1 dpa. Furthermore, 
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comparison of radiation damage in NP Au at different temperatures (Fig 2c-e) shows that 

defect density decreases with increasing radiation temperature in NP Au. 

 

 

Fig. 8.1. (a) A bright-field TEM image showing the overview microstructure of NP Au 

before irradiation.  The inserted SAD pattern shows NP Au exhibits (110) texture. (b) The 

summary of in situ irradiation experiments reported in this study. Series I: temperature-

jump tests (400300200100 °C) for NP Au and CG Au; Series II: in situ radiation 

of NP Au at constant 200 °C and Series III: in situ radiation of NP Au and CG Au at room 

temperature (RT).  
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Fig. 8.2. Transmission electron microscopy (TEM) snapshots obtained from in situ Kr ion 

irradiation videos compare irradiation response between NP Au and CG Au at various 

radiation temperatures. Before irradiation, both CG and NP Au have little defects (a1, b1, 

c1, d1, e1). (a2-a4) During radiation, defects accumulate rapidly in CG Au at RT (b2-b4). 

At 400oC, radiation induces much fewer defects in CG Au (c2-c4, d2-d4, e2-e4). In 

contrast, during radiation of NP Au, the number of defects increases gradually and 

moderately with dose up to 1 dpa. Furthermore, defect density decreases with increasing 

radiation temperature. 
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SFTs are the major type of defect clusters introduced during irradiation. Bright-

field TEM images in Fig. 8.3 (a-c) shows that after temperature-jump irradiation tests of 

NP Au, 400100 °C (to 5 dpa), many truncated SFTs are observed as confirmed by 

atomic resolution TEM. Radiation of NP Au at constant temperature, 200 °C to 2 dpa, 

(Fig. 8.3d-f) also leads to abundant SFTs. The statistics of defect size (cluster diameter) 

and density evolution as a function of dose and radiation temperature in NP Au and CG 

Au are shown in Fig. 8.4. The colored background in (a-d) is used to distinguish different 

temperature stages for Series I specimens (irradiated at 400100 °C). The average defect 

size is ~ 4 nm after 0.1 dpa of radiation of NP Au (Fig. 8.4a) regardless of radiation 

temperature. In CG Au irradiated via temperature-jump tests, however, defect size 

increases from ~ 4 nm (irradiated at 400oC) to 10 nm (at 100oC) (Fig 4b). At RT, the defect 

size in CG Au increases drastically before 0.1 dpa and then reaches a plateau, ~ 10 nm. 

During temperature-jump irradiation tests of NP Au, the defect density in Fig. 8.4c 

increases stepwise when radiation temperature decreases from 400 to 100oC. For 

isothermal radiation of NP Au at 200oC, defect density increases rapidly and reach a 

saturation level comparable to that at 200oC in the temperature-jump test.  For radiation 

performed at RT, the defect density increases much more rapidly to a greater level than 

that irradiated at 200oC. The stepwise increase of defect density in CG Au shown in Fig. 

8.4d is also observed during temperature-jump irradiation studies. Also the defect density 

in CG Au is 2-3 times larger than that in NP Au irradiated at the same condition. The 

saturation defect size in NP Au (Fig. 8.4e) is ~ 4 nm and has little temperature-dependence. 

In contrast in irradiated CG Au, saturation defect size is ~ 10 nm at RT, and decreases 
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monotonically to ~ 4 nm with increasing temperature to 400oC. Fig. 8.4f shows that 

saturation defect density in both NP Au and CG Au decreases gradually with increasing 

radiation temperature. Defect cluster diffusivities as a function of radiation temperature 

for Kr ion irradiated NP Au are also estimated. The global diffusivity of defect clusters, 

shown in Fig. 8.5a, increases significantly from 23 ± 5 to 48 ± 30 nm2/s when radiation 

temperature increases from RT to 400 °C. The instantaneous diffusivity of defect clusters 

in Fig. 8.5b however, shows little temperature dependence as compared to the global 

diffusivity.  

 

 

Fig. 8.3. Bright-field TEM images are showing the formation of SFTs in irradiated NP Au. 

(a-c) After temperature-jump irradiation, 400100 °C (5 dpa), SFTs (many of them are 

truncated) are observed as confirmed by their triangular shape and atomic resolution TEM. 

(d-f) Radiation at 200 °C (2 dpa) also leads to abundant SFTs.  
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The shrinkage of nanopores in NP Au has been observed at all radiation 

temperatures explored in this study. At 100 °C, three nanopores in Fig. 8.6 (a) with areas 

of 150, 380 and 290 nm2 decreases to 120, 310 and 230 nm2, respectively after radiation 

to 1 dpa (Fig. 8.6 (d)) corresponding to 20%, 18.4% and 20.7% reduction in volume. In 

comparison, three nanopores in Fig. 8.6 (e) irradiated at 400 °C shrink  by 2.5%, 6.3 % 

and 1.3%, respectively. The statistics data monitoring a series of nanopores shrinkage 

process in NP Au irradiated at 100 and 400oC temperatures are shown in Fig. 8.7a. The 

color-dashed lines are the representative linear fitting results showing the reduction of 

pore areas. As shown  in Fig. 8.7b, the average pore shrinkage rate (%/dpa) decreases 

monotonically with increasing radiation temperature, from ~21%/dpa at RT [78] 

to1.6%/dpa at 400 °C.  

The shrinkage of nanopores is a consequence of the continuous migration of 

irradiation-induced defects towards nanopores. Representative defect capture events by an 

individual nanopore are shown in Fig. 8.8 for in situ irradiated NP Au at 200 °C over ~ 

0.17 dpa (~ 53 s) (see Supplementary Video 1). A nanopore with an area of 430nm2 is 

monitored during radiation (Fig. 8.8a). As the nanopore does not have perfect circular 

shape, its area rather than diameter is used for analysis. By 7.1 s, a defect cluster (outlined 

by olive dots) formed next to the nanopore (Fig. 8.8b). The defect cluster was then 

gradually absorbed by the nanopore (Fig. 8.8c-d). Two defect clusters outlined by blue 

dots were observed near the pore at 24.2 s (Fig. 8.8e). During irradiation, the smaller 

cluster gradually migrated towards the nanopore, and combined with the large cluster (Fig. 

8.8f-i), and the combined defect cluster was largely absorbed by the nanopore (Fig. 8.8j). 
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A stacking fault tetrahedron (SFT) formed at 43.3 s (Fig. 8.8k). After 5.7 s, the SFT was 

destructed and partially removed, and then annihilated at 51.9 s (Fig. 8.8l-n). Fig. 8.8o-p 

show, by 53 s, a large defect cluster emerged adjacent to the nanopore and was instantly 

eliminated within 0.2 s. During the interaction of these defect clusters with the nanopore, 

the area of the nanopore reduced from 430 to 420 nm2.   

Void swelling is, in general, expected in FCC metals under irradiation near peak 

swelling temperature, ~ 250 °C for Au. The comparison of void swelling behavior between 

NP Au and CG Au in Series I study (temperature-jump test) after irradiation to 5 dpa is 

shown in Fig. 8.9. In CG Au as shown in Fig. 8.9a, nanovoids form with a density of 9.6 

± 2.2 (× 1021/m3). In comparison, in irradiated NP Au (Fig. 8.9b), the radiation-induced 

nanovoids have a lower density of 1.1 ± 0.5 (× 1021/m3). The statistic distributions in Fig. 

8.9c and 9d show that the average void size in irradiated CG and NP Au is 5 ± 3 nm, and 

2 ± 1 nm, respectively. The irradiated CG Au has a maximum void size of 12 nm, 

comparing to 4 nm in irradiated NP Au.  
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Fig. 8.4. Statistics of defect size (cluster diameter) and density evolution as a function of 

dose (a-d) and radiation temperature (e-f) in NP Au and CG Au. The colored background 

in (a-d) is used to distinguish different temperature stages for Series I specimens 

(irradiated at 400100 °C).  
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Fig. 8.5. Defect cluster diffusivities as a function of radiation temperature for Kr ion 

irradiated NP Au. (a) The global diffusivity of defect clusters increases significantly from 

23 ± 5 to 48 ± 30 nm2/s when radiation temperature increases from RT to 400 °C. (b) The 

instantaneous diffusivity of defect clusters shows little temperature dependence as 

compared to the global diffusivity.  

 

 

Fig. 8.6. In situ video snapshots showing the comparison of pore shrinkage of NP Au at 

two different temperatures. (a-d) At 100 °C, three nanopores with areas of 150, 380 and 

290 nm2 decreases to 120, 310 and 230 nm2, respectively after radiation to 1 dpa, 

corresponding to 20%, 18.4% and 20.7% reduction in volume. (e-h) In comparison, three 

nanopores barely shrink at 400 °C, by 2.5%, 6.3 % and 1.3%. 
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Fig. 8.7. Statistic data reveal the temperature-dependent shrinkage of nanopores during 

irradiation of NP Au. (a) Two examples of NP Au irradiated at 100 and 400 °C showing 

the evolution of pore area versus radiation dose. The color-dashed lines are the 

representative linear fitting results. (b) Average pore shrinkage rate (%/dpa) decreases 

with increasing radiation temperature, from ~ 21%/dpa at RT [46] to 1.6%/dpa at 400 °C.  

 

Defect sink strength is an important parameter used to quantify the efficiency of a 

defect sink in annihilating radiation-induced defects. Fig 10a shows the number of defects 

being absorbed by the free surface of nanopores ( 𝜌absorb
NP ) as a function of radiation 

temperature. The results are deduced from Fig. 8.4f by subtracting the defect density in 

NP Au from the defect density in CG Au irradiated at the same temperature. Below 200 °C, 

𝜌absorb
NP  decreases slightly (from 11.5 to 10.5 × 1022/m3) with increasing temperature. 

However, when T > 200oC, 𝜌absorb
NP  decreases sharply. The calculated nanopore sink 

strength as a function of radiation temperature is shown in Fig. 8.10b. The shadow area 

represents the deviation by considering the variation of nanopore size. Clearly, two distinct 

regions can be identified. Below 200 °C (Region I), sink strength shows little temperature 
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dependence, whilst above 200 °C (Region II), sink strength is inversely proportional to 

the irradiation temperature.  

 

 

Fig. 8.8. In situ video snapshots showing representative defect capture events by an 

individual nanovoid over ~ 0.17 dpa (~ 53 s) in ng Au irradiated at 200 °C (see 

Supplementary Video 1). (a) A nanopore with an area of 430nm2 is monitored during 

radiation. (b) A defect cluster (outlined by olive dots) formed next to the nanopore after 

7.1 s. (c-d) The defect cluster was gradually absorbed by the nanopore. (e-j) Two defect 

clusters outlined by blue dots were observed at 24.2 s. During irradiation, the smaller 

cluster gradually migrated towards the nanopore, and the larger cluster continuously grew.  

Finally, the two clusters combined and were mostly absorbed by the nanopore. (k) A 

stacking fault tetrahedron (SFT) formed at 43.3 s. (l-n) After 5.7 s, the SFT was destructed 

and partially removed, and then annihilated at 51.9 s. (o-p) By 53 s, a large defect cluster 

emerged adjacent to the nanopore and was suddenly eliminated within 0.2 s. Due to the 

absorption of defect clusters during irradiation, the area of the nanopore reduced from 430 

to 420 nm2.    
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Fig. 8.9. Comparison of void swelling between NP Au and CG Au in Series I study 

(temperature-jump test) after irradiation to 5 dpa. (a) In CG Au, nanovoids form with a 

density of 9.6 ± 2.2 (× 1021/m3). (b) In comparison, in irradiated NP Au, the radiation-

induced nanovoids have a density of 1.1 ± 0.5 (× 1021/m3). (c) The statistics distribution 

shows that the average void size is 5 ± 3 nm. (d) The average void size in irradiated NP 

Au is 2 ± 1 nm. The irradiated CG Au has a maximum void size of 12 nm, comparing to 

4 nm in irradiated NP Au.  

 

8.5 Discussion 

8.5.1 Defects in irradiated NP Au 

In NP Au irradiated at different temperatures, a large number of SFTs are observed. 

SFTs are known to have distinct triangular shapes (complete or truncated as can be seen 

from the atomic-resolution TEM images in Fig. 8.3) and are considered to be the most 
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energetically favorable configuration compared to faulted and perfect loops when defect 

cluster size is small [6]. The formation of SFTs relies on three different mechanisms. (1) 

Directly from the vacancy rich cascade during energetic displacement [36, 84, 85]. (2) The 

classic Silcox-Hirsch mechanism where SFTs are formed from equilateral triangular 

vacancy Frank loops by dissociation [86, 87]. However, it is less likely that SFTs are 

created from equilateral triangular vacancy Frank loops in the real radiation cascade. 

Therefore, another mechanism has been proposed that is (3) from the scalene hexagonal 

vacancy Frank loops [88].  

Besides SFTs, a large number of interstitial clusters form during radiation. These 

perfect interstitial loops typically have Burgers vector of a/2 <110> on either {110} or 

{111} planes and are usually mobile, while faulted interstitial loops (a/6<112>{111}) and 

vacancy clusters (vacancy loops and SFTs) are immobile [312]. A majority of the glissile 

defect clusters in Au are perfect interstitial loops.  

In addition, since radiation has been performed from RT to 400 °C in this study, 

temperature (T) effect should also be considered when discussing the nature of radiation-

induced defects. Based on the one-interstitial model [358], Stage III temperature, RT for 

Au, corresponds to the onset of vacancy motion. Stage V temperature, ~ 250 °C, is 

correlated to the thermal dissociation of vacancy clusters [36, 338]. Therefore, the current 

radiation experiments can be divided into two groups. The first group refers to radiation 

from RT to 200 °C. At this temperature range, because most of the vacancies are tied up 

in sessile vacancy clusters, the majority of observed mobile dislocation loops in Au are of 

the interstitial type, SFTs are dominant vacancy type of defects, and void nucleation and 
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growth is strongly suppressed. Hashimoto et al. have shown that approximately 90% of 

irradiation-induced defects near 80 °C are SFTs in Cu [359], and other FCC systems [305, 

360, 361]. For the second group (T > Stage V, greater than 200oC), since SFTs are 

thermally unstable, the predominant visible features are interstitial loops and the 

coexistence of SFTs and voids, voids become dominating defects as the dose increases 

[362]. 

8.5.2 Defect evolution (size/density) as a function of dose and temperature 

Defect net concentration is a result of the balance between defect production (dose-

rate dependent), absorption (sink dominated) and recombination (radiation temperature 

dominated). When NP Au and CG Au are irradiated at the same temperature and dose-

rate, the generation and recombination of defects are nearly identical in the two cases. 

However, since NP Au has a much higher density of defect sinks (nanopores), the net 

concentration of defects is much lower in NP Au compared to CG Au irradiated at the 

same condition.  

Statistical data in Fig. 8.4 present more details on the defect size and density 

evolutions as a function of dose and temperature. Limited by 2D images, the longest 

dimension of each defect was measured. Thus, the measured defect size represents an 

upper bound. In comparison, defect density analysis reflects the lower bound since not all 

defects can be resolved under in situ TEM observation. Several remarkable phenomena 

are worth mentioning. 
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1. Defect size and density are smaller in NP Au than those in CG Au at almost all 

radiation conditions.  

2. Defect size in NP Au reaches a plateau quickly after ~ 0.3 dpa regardless of 

radiation temperature, while in CG Au, defect size is drastically decreased at 

higher radiation temperatures.  

3. Defect density decreases with increasing temperature in both NP Au and CG Au.  

4. The NP Au irradiated at 200 °C (Series II) exhibits nearly identical saturation 

defect size and density compared to the NP Au irradiated during 200 °C stage in 

temperature jump test (Series I).   

Due to the existence of high-density nanopores, NP Au typically have both smaller 

defect size and lower defect density than those in CG Au. However, there is an interesting 

exception: defect size in NP Au and CG Au irradiated at 400 °C is similar, ~ 4 nm. One 

possible reason for such an exception is that at 400oC, the growth of defect clusters 

becomes very difficult due to an active thermal recombination process. During radiation 

at RT, the defect size in CG Au grows to 10 nm, whereas defect size in NP Au irradiated 

at the same condition remains 4 nm. The nanopore free surface in NP Au clearly inhibits 

the growth of defects in NP Au by absorbing both vacancies and interstitials.  

As mentioned above (point 4), defect size and density obtained via temperature-

jump radiation tests are similar to those irradiated at different temperatures separately. 

Therefore, temperature-jump tests may provide an efficient way to investigate defect 

evolution comparing with a series of stand-alone single-temperature radiation experiments. 

It should be noticed that temperature-jump tests performed in decremented temperature 
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steps may be more appropriate to investigate temperature dependent studies. As defect 

generation is an instantaneous event, but defect annihilation requires much longer time. 

Therefore, if the temperature-jump experiment is carried out in an opposite way 

(incremental temperature steps), the defects formed at a lower temperature stage may 

survive radiation at the following stages, compromising the quantification of defect 

accumulations at higher radiation temperatures.    

8.5.3 Temperature-dependent diffusivities of defect clusters  

Defect migration kinetics, which is crucial for the modeling of defect evolution in 

irradiated metals, remains largely unknown [311]. Our previous study has reported the 

influence of dose-rate on global and instantaneous diffusivities of defect clusters in Kr ion 

irradiated NP Au at RT [78]. It is found that the global diffusivity of defect clusters (at 

RT) is significantly reduced when the dose rate decreases, while the instantaneous 

diffusivity shows little dependence on dose rate. The potential mechanisms are interpreted 

from the aspects of defect diffusion distance and defect lifetime. In the current study, 

temperature-dependent global and instantaneous diffusivities of defect clusters for only 

NP Au are investigated. The estimation of diffusivities is very difficult for CG Au because 

the film was damaged by ion beam very rapidly. Thus, the migration of single defect 

clusters can be barely traced. For NP Au, The global diffusivity of defect clusters in NP 

Au increases prominently from 23 ± 5 to 48 ± 30 nm2/s, when radiation temperature 

increases from RT to 400 °C. The rapid increase of global diffusivity is due to the decrease 

in defect density at higher radiation temperature, which in turn affects the migration 

distance of defect clusters. In general, a lower defect density leads to longer migration 
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distance, hence greater diffusivity. The error bar of global diffusivity also increases with 

increasing temperature. This can also be ascribed to defect density. Since the number of 

defects is very low at high temperature, a defect cluster can migrate over a long distance 

without being arrested. However, because the existence of high-density nanopores, the 

defect migration distance is largely determined by the defect-to-pore distance (or defect-

sink distance). If a defect is close to a nanopore, then it can only migrate a short distance 

before being annihilated, and vice versa. Therefore, the calculated global diffusivity varies 

in a wide range depends on the defect-to-pore distance.  

It is intriguing to observe that the instantaneous diffusivity of defect clusters in NP 

Au shows very limited temperature dependence, 476 ± 225 nm2/s at RT vs. 560 ± 412 

nm2/s at 400oC. Although the fundamental mechanisms behind such a phenomenon remain 

unclear, we hypothesize that the such a weak temperature dependence may be related to 

the defect-sink separation distance. The instantaneous diffusivity of a defect cluster is 

largely determined by the distance of a single “jump” between two defect clusters or 

between defect and sink (nanopores). At 200 °C, the distance between two defects is ~ 25 

nm, and such a distance increases to 70 nm at 400 °C due to reduced defect density. The 

average pore-to-pore separation distance in NP Au is ~ 50 nm. Assume a defect cluster is 

located between two nanopores, then the defect-to-pore distance is ~ 25 nm, which is equal 

to the defect-defect separation distance at 200 °C.  

8.5.4 Calculation of free surface (nanopores in NP Au) sink strength 

Defect sink strength (with a unit of cm-2) is a key parameter in the reaction-rate 

theory used to quantify the efficiency in annihilating radiation-induced defects. The defect 
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sink strength is in general calculated computationally. Experimentally, the estimation of 

sink strength can be obtained from the comparison studies between nanostructured 

materials and their CG counterparts. In this case, Series I NP Au and CG Au are both 

irradiated at the same conditions with different temperatures. The total number of defects, 

𝜌total, that is estimated from experimental observations can be written as: 

𝜌total
NP Au =  𝜌gen  − 𝜌recom − 𝜌absorb

Sur − 𝜌absorb
NP              (8.1) 

𝜌total
CG Au =  𝜌gen  − 𝜌recom − 𝜌absorb

Sur                                    (8.2) 

where  𝜌gen is the number of defects that generated under irradiation and 𝜌recom is the 

number of defects annihilated through recombination. 𝜌absorb
Sur  and 𝜌absorb

NP  are the number 

of defect absorbed by film upper/lower surfaces and nanopores, respectively. Since the 

radiation conditions are kept the same and TEM specimens have the identical thickness 

for NP Au and CG Au, 𝜌gen, 𝜌recom, and 𝜌absorb
Sur  are nearly same in the two equations. In 

addition, since the average grain size in both NP Au and CG Au are both very large (on 

the order of micronmeters), defect absorption through GBs is negligible. Comparing Eq. 

(8.1) and (8.2), the only different term is the number of defects annihilated by nanopores, 

𝜌absorb
NP . Fig. 8.10a shows the calculated 𝜌absorb

NP  as a function of temperature. Below 

200 °C, 𝜌absorb
NP  varies very little from 10.5 to 11.5 (× 1022/m3). However, a turning point 

exist at ~ 200oC, after which 𝜌absorb
NP  decreases quickly. Note that, this temperature is 

similar to the thermal dissociation temperature for sessile vacancy clusters (Stage V 

temperature of defect recovery) in Au [36, 338]. After dissociation, vacancies 

continuously recombine with interstitials, and the number of defect clusters that migrate 
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(absorb) to nanopores decreases. Therefore, it is reconcilable to see 𝜌absorb
NP  decreases 

more rapidly at higher temperatures.   

𝜌absorb
NP   obtained above provides an important parameter in calculating sink 

strength for nanopores in NP Au. Assume the nanopore density is ρv (cm-2), film thickness 

is h and nanopores exhibit cylindrical shape with the volume-equivalent radius of R. At a 

given area, A, a measure of the sink strength of nanopores, KNP, the total number of defects 

absorbed by the inner surface (free surface) of nanopores (per cm2), can be calculated as: 

KNP = 
𝐴∙ℎ∙𝜌absorb

NP

2𝜋𝑅∙ℎ∙𝜌v∙𝐴
=

𝜌absorb
NP

2𝜋𝑅∙𝜌v
 (8.3). 

The value of 𝜌absorb
NP  is shown in Fig. 8.10a, and the volume-equivalent radius, R, and 

density, ρv, are estimated to be 11 ± 5 nm and 3.1 × 1010 cm-2, respectively. The calculated 

sink strength of nanopores, KNP, as a function of temperature is shown in Fig. 8.10b. The 

shadowed area represents the deviation by considering the size distribution of nanopores. 

Two distinct regions can be identified in the plot. When temperature is below 200 °C, 

which is Region I, sink strength shows little temperature dependence. In this case, defect 

sinks play a dominating role in eliminating radiation-induced defects compared to thermal 

recombination, because temperature is not high enough to trigger massive defect 

recombination. In Region II (T > 200 °C), however, the calculated sink strength decreases 

rapidly. The effect of defect sinks in this case is less pronounced because of the much 

greater thermal recombination rate. It is worth mentioning that the result does not 

necessarily indicate that sink strength decreases at elevated temperature.  
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The strategy discussed previously makes the the quantification of sink strength 

possible in nanostructured materials. However, several factors shall be considered. First, 

the sink strength calculated here considers mostly defect clusters rather than point defects 

that are captured by sinks. Thus, we may have underestimated sink strength of nanopores. 

Second the results indicate that sink strength may not depend on the dose level, but it may 

depend on dose-rate. More defects can be produced at higher dose-rates, and therefore, 

sink strength increases as more defects may be captured by sinks. Malerba et al. pointed 

out that the sink strength not only depends on the type, shape, and size of the sinks, but 

also depends on the dimensionality of the motion of the affected migrating species [353]. 

Nevertheless, it is not clear from the present study that whether sink strength saturates 

upon a certain dose-rate. Further studies are necessary to answer this question. The method 

provided in this study offers an opportunity to compare sink strength for different types of 

defect sinks under the same radiation condition.  

8.5.5 Nanopore shrinkage and suppressed void swelling in NP Au. 

As mentioned earlier, our previous studies on NP Au have shown that nanopore 

shrinkage occurs at room temperature without void swelling. In the current study, 

nanopore shrinkage has been identified again in NP Au at all radiation temperatures, 

incorporating the peak swelling temperature for Au. The shrinkage rate of nanopores 

decreases with increasing radiation temperature (Fig. 8.7b). As nanopore shrinkage is the 

consequence of defect absorption, it is natural to see that defect density absorbed by 

nanopores also decreases at elevated temperature (Fig. 8.7(b)). 
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Fig. 8.10. (a) The number of defects being absorbed by the free surface of nanopores 

(𝜌absorb
NP ) as a function of radiation temperature. The results are deduced from Fig. 8.4(f) 

by subtracting the defect density in NP Au from the defect density in CG Au irradiated at 

the same temperature. Below 200 °C, 𝜌absorb
NP  decreases slightly (from 11.5 to 10.5 × 

1022/m3) with increasing temperature. However, when T > 200oC, 𝜌absorb
NP  decreases 

sharply. (b) Calculated nanopore sink strength as a function of radiation temperature. The 

shadowed area represents the deviation by considering the variation of nanopore size. 

Clearly, two distinct regions can be identified. Below 200 °C (Region I), sink strength 

shows little temperature dependence, whilst above 200 °C (Region II), sink strength is 

inversely proportional to radiation temperature.  

 

In addition to nanopore shrinkage, void swelling is observed in Series I CG Au 

after radiation with 5 dpa, while swelling is remarkably reduced in both void size and 

density in NP Au (Fig. 8.9). Many voids in CG are larger than 4 nm and the maximum 

size is 12 nm, while most of the voids in NP Au are smaller than 3 nm and the maximum 

size is 4 nm. Overall, the void size is more than two times smaller, and the void density is 

reduced by almost an order magnitude in NP Au. Hence the magnitude of void swelling 

in NP Au is nearly two orders of magnitude lower than that in CG Au.  
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Schematics in Fig. 8.11 illustrate the hypothetical mechanisms of void formation 

and nanopore shrinkage in NP Au and CG Au at different temperatures during irradiation. 

Same amount of interstitials and vacancies are created in a given volume in both NP Au 

and CG Au during irradiation. However, in CG Au (Fig. 8.11a), interstitials continuously 

migrate towards film upper and lower surfaces (GBs contribution is not considered 

because of the giant grain size compared to film thickness), and most of the vacancies are 

left behind. Therefore, interstitials have medium concentration, and vacancies exhibit high 

concentration. At high temperature, vacancies become mobile and agglomerate to form 

large clusters, and finally, transform into voids. Because of high supersaturated vacancy 

concentration, voids grow rapidly in terms of both size and density. In contrast in NP Au 

irradiated at high temperatures (Fig. 8.11b), due to the existence of nanopores, both 

interstitials and vacancies will be trapped by nanopores. Consequently, interstitials exhibit 

low concentration, and vacancies have medium concentration compared to that in CG Au. 

In this case, only small vacancy clusters can form, and those clusters eventually evolve 

into small voids. Compare to radiation of NP Au at low temperatures (Fig. 8.11c), 

nanopores shrink a lot slower at high temperature due to two major reasons: (1) accelerated 

thermal recombination at high temperature, and (2) increased the mobility of vacancies at 

high temperature. Consequently fewer interstitial-type defects could reach to nanopores 

before being annihilated by vacancy-type defects, and the preferential absorption of 

interstitial-type defects by nanopores is interrupted because vacancy-type defects could 

also reach to nanopores. Therefore, nanopore shrinkage rate decreases at high temperature. 

Since void nucleation and growth are largely suppressed at low temperature, little void 
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swelling occurs in (c). Noted that three other factors related to interstitials are intentionally 

not shown in the schematics for clarity: (1) interstitial annihilation due to pre-existing 

defects, such as dislocations; (2) the migration of interstitial to film surface; and (3) the 

recombination of interstitials and vacancies.  

One may speculate that the shrinkage of nanopores could be caused by the surface 

diffusion of Au atoms at elevated temperatures. However, we have performed the 

annealing studies on NP Au at 400 °C, and no swelling of nanopores is found. In addition, 

irradiation resistance of NP metals may degrade over long-term radiation if most of the 

nanopores are completely filled by radiation-induced defect clusters. Therefore, the 

stability of nanopores should also be considered if NP materials are adopted to design 

radiation-resistant materials in nuclear reactors. First, nanopores in Au appear to shrink at 

a fast speed at lower temperatures, for instance ~ 10%/dpa at 200 °C. However, Au is a 

model system that is known to be vulnerable to radiation damage than many other alloys. 

Thus, one can envision that if practical reactor steels are engineered into nanoporous 

structures, the safe service period (lifetime) of the steels could be significantly extended. 

Second, the stability of nanopores increases at high temperatures. For instance, the 

nanopores shrinkage rate at 400 °C decreases to less than 2%/dpa. This is a benefit for NP 

metals because the nuclear reactors are usually operated at temperatures above 400 °C. 

Third, the stability can also be increased by increasing the size of nanopores. As discussed 

previously [78], the shrinking rate of nanopores is size-dependent, i.e., nanopore shrinkage 

is inversely proportional to the initial pore diameter. Clearly, by deliberately introducing 
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nanopores with desired dimensions, the radiation stability of NP metals can be 

significantly sustained.  

In addition to the radiation stability of nanopores, further investigations on other 

properties, such as mechanical properties, resistance to corrosion, are beneficial in order 

to transfer this concept into a practical option for advanced reactor materials. 

 

 

Fig. 8.11. Schematics illustrate the potential mechanisms of void formation in NP Au and 

CG Au at high temperature as well as pore shrinkage in NP Au at different temperatures 

after irradiation. As radiation condition is identical, the defect generation rate is assumed 

to be identical between CG and NP Au. (a) In CG Au irradiated at high temperature, due 

to a lack of internal defect sinks, interstitials rapidly migrate away, leaving vacancies 

behind.  The supersaturation of vacancies leads to the formation of voids. (b) In contrast 

in NP Au irradiated at high temperature, both interstitials and vacancies are trapped by 

nanopores. As the migration rate and territory of interstitials are curtailed by nanopores, 

the recombination probability of vacancies and interstitials may also increase. 

Consequently, only small vacancy clusters can form, and the magnitude of void swelling 

significantly decreases. (c) Comparing to CG Au irradiated at high temperature, nanopores 

shrinkage rates increases at lower irradiation temperature presumably because (1) less 

thermal recombination of vacancies and interstitials at low temperature, and (2) absorption 

of interstitials by nanopores.  
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8.6 Conclusion 

Nanoporous (NP) materials possess a great potential in the alleviation of the 

irradiation-induced damage due to the giant surface-to-volume ratio. In this study, we 

show that both defect size and density evolve with radiation temperature, i.e., high-

temperature results in reduced defect size and density. Compared to CG Au, defect size 

and density have been markedly reduced in NP Au. In addition, nanopore shrinkage has 

been identified at all temperatures, and shrinkage rate becomes less at high temperatures, 

which are beneficial to the stability of nanopores during radiation. The sink strength of the 

free surface (nanopores) in NP Au is estimated. The method used in this study not only 

offer an opportunity for quantitatively analyzing sink strength but more importantly, it 

provides a new strategy to make crosswise comparisons of sink strength between different 

defect sinks. The significantly enhanced swelling resistance of NP metals empowers them 

as promising candidates as structural materials for advanced nuclear reactors. 
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CHAPTER IX 

CONCLUSIONS AND FUTURE WORK 

9.1 Conclusions 

9.1.1 Comparison of size dependent strengthening mechanisms in Ag/Fe and Ag/Ni 

multilayers 

Ag/Fe multilayers with various individual layer thicknesses were deposited on Si 

(111) substrate by magnetron sputtering. The coherency between Ag and Fe increases with 

decreasing h. Nearly coherent interfaces form in Ag/Fe 1 nm multilayers. Phase 

transformation from BCC to FCC Fe occurred when h < 5 nm. Hetero-twinned interfaces 

were observed between adjacent Ag and Fe when h = 5 nm. Comparisons of hardness 

between Ag/Fe, Ag/Ni, Cu/Fe and Ag/Al reveal the significance of stacking fault energy 

of layer constituents in the determination of peak hardness of multilayers with FCC/FCC 

interfaces.  

9.1.2 In situ Study of Defect Migration Kinetics and Self-Healing of Twin 

Boundaries in Heavy Ion Irradiated Nanotwinned Metals 

Nanotwinned epitaxial Ag was in situ irradiated using Kr ions at room temperature 

to explore mechanisms of dislocation loop - TB interactions. TBs are effective defect sinks 

that drastically reduce defect population within twin boundary affected zones. The stress 

field of loops can induce geometry change for TBs so that they can actively engage and 

remove defect clusters. Furthermore, TBs accelerate recombination of unlike defects by 

rapid transportation of interstitials along TBs to regions with high vacancy concentration, 
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greatly increasing the odds for annihilation of opposite types of loops and consequently 

TBs self-heal. The impressive capture-recovering capability makes TBs attractive defect 

sinks for the design of radiation tolerant metallic materials.  

9.1.3 In situ studies on twin thickness dependent distribution of defect clusters in 

heavy ion irradiated nanotwinned Ag 

In situ heavy ion irradiation studies were performed on nanotwinned Ag at 473K 

(200oC). Our studies show that the accumulative concentration of irradiation-induced 

defects exhibits twin-thickness dependence that is more defect clusters were detected in 

central areas than that close to TBs in thicker twins (t > 40 nm), and an opposite trend has 

been observed in fine twins (t = 20 nm). Such twin-thickness-dependent distribution of 

defect concentration is considered as a result of the competition between defect travel time 

τt and defect absorption time τa. The number of defect clusters generated in the central area 

will be greater than that in the area close to the TB if τt > τa (for thicker twins) due to the 

longer migration distance. However, if τt < τa,(in the case of thin twins), then the central 

area has fewer defect clusters than near the TBs.  

9.1.4 Enhanced radiation tolerance and radiation stability of nanotwins in Ag-

1at.%Fe alloy 

In this study, we report a drastically improved irradiation stability of twin 

boundaries in Ag. By adding merely 1 at% of Fe solute atoms into Ag matrix, ultra-high-

density twins with an average twin thickness of ~ 2 nm form in Ag due to the solute effect 

that Fe atoms promote the nucleation and retard detwinning of twins during film growth. 

The extremely fine twins in NT AgFe are more stable under heavy ion irradiation 



206 
 

compared to that in NT Ag. The enhanced stability of TBs is strengthened by Fe solutes 

due to the solute drag effect. Moreover, both size and density of irradiation-induced 

defects in both two types of NT AgFe have been significantly reduced compared with 

monolithic CG Ag and NT Ag. The uniformly distributed Fe atoms are effective sinks that 

can decrease the diffusion rate of interstitials and accelerate the recombination of 

interstitials and vacancy through trapping and detrapping processes. This study provides 

a vision in the design of nanotwinned metals with improved irradiation tolerance and 

stability.  

9.1.5 In situ heavy ion irradiation studies of nanopore shrinkage and enhanced 

radiation tolerance of nanoporous Au 

In situ heavy ion irradiation studies were performed on nanoporous Au at room 

temperature. Dose-rate-dependent defect migration diffusivities were examined, and the 

global diffusivity is significantly reduced when the dose rate decreases, while the 

instantaneous diffusivity shows little dependence on dose rate. Nanovoids are effective 

defect sinks where various types of defect clusters can be absorbed during irradiation. The 

absorption of defect clusters leads to the shrinkage of nanovoids, and the shrinkage rate, 

or defect absorption efficiency, is size-dependent. Comparing to larger voids, smaller 

voids exhibit higher defect absorption efficiency capture more defects during irradiation. 

This study provides significant insight into the design of radiation-tolerant nanoporous 

metallic materials. 



207 
 

9.1.6 In situ studies on radiation resistance of nanoporous Au through temperature-

jump tests 

Nanoporous (NP) materials possess a great potential in the alleviation of the 

irradiation-induced damage due to the giant surface-to-volume ratio. In this study, we 

show that both defect size and density evolve with radiation temperature, i.e., high-

temperature results in reduced defect size and density. Compared to CG Au, defect size 

and density have been markedly reduced in NP Au. In addition, nanopore shrinkage has 

been identified at all temperatures, and shrinkage rate becomes less at high temperatures, 

which are beneficial to the stability of nanopores during radiation. The sink strength of the 

free surface (nanopores) in NP Au is estimated. The method used in this study not only 

offer an opportunity for quantitatively analyzing sink strength but more importantly, it 

provides a new strategy to make crosswise comparisons of sink strength between different 

defect sinks. The significantly enhanced swelling resistance of NP metals empowers them 

as promising candidates as structural materials for advanced nuclear reactors. 

9.2 Future work 

The mechanical properties and radiation response of Ag and Au based 

nanostructured metallic materials, including Ag/Fe nanolayers, nanotwinned Ag, and 

nanoporous Au, have been covered in this dissertation. The future work will hopefully 

involve with many other NMMs and different types of techniques. Some of the prospective 

studies are briefly described below. 
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9.2.1 Mechanical properties of nanometallic materials 

 Shock-loading tests on NT metals. NT metals, such as NT Cu and NT Ag, have 

been carefully studied in our group. In situ nanoindentation has been performed in 

NT Cu and TB migration under stress loading has been observed. However, we 

have not done any shock-loading study on NT metals so far. Therefore, the 

behavior of TBs under ultrafast deformation is unclear. 

 In situ and ex-situ pillar compression tests on nanostructured metallic materials, 

such as Ag/Fe, NT Ag, NP Au, etc., before and after irradiation. Our previous 

studies have done many hardness tests by using nanoindenter. However, the 

nanopillar compression test is a new technique, and it can be a powerful tool to 

help the better investigation of the mechanical properties of metallic materials with 

different nanostructures. It is also provide a great opportunity to study the 

mechanical properties of materials after irradiation. 

 Strengthening mechanisms of other Ag based multilayer systems, such as Ag/Cu 

nanolayers. The present study showed an interesting twin-interface relation in 

Ag/Cu nanolayers. The hardness of Ag/Cu could be unexpected high due to the 

special relation. The growth mechanisms of the relation are also worthwhile to find 

out. 

9.2.2 Radiation properties of nanometallic materials 

 Heavy ion radiation and He implantation on Ag/Fe nanolayers. The strengthening 

mechanisms were studied previously, and interesting heterotwinning relation was 



209 
 

found in 5nm-thick nanolayers. Such twinning relationship could be effective 

defect sink that will mitigate irradiation-induced damage. The study will be 

hopefully performed at (i) Argonne National lab by in situ radiation facility and 

(ii) Prof. Shao Lin’s group at Texas A&M University by ex situ He implanter. 

 In situ study of various NP metals. We have done some studies on Au but the 

ultimate goal of such research is provide the fundamentals to the future study of 

more reactor-related materials, such as NP Zr and NP steels. Of course, the 

fabrication of such materials is also a challenge that requires careful investigations. 

 In situ study on AgFe co-sputtered alloy. Ultra-high-density twins were found in 

AgFe co-sputtered alloy, and the preliminary results of radiation studies showed 

that NT AgFe exhibit extremely high radiation tolerance and TBs are very stable 

as compared to NT Ag. The mechanisms behind need further studies to be 

unrevealed.  
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