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ABSTRACT

Processing and Characterization of Carbon Nanotubes

Reinforced Epoxy Resin Based Multi-scale Multi-functional

Composites. (December 2009)

Piyush R. Thakre, B.E., Nagpur University;

M.S., Texas A&M University

Chair of Advisory Committee: Dr. Dimitris C. Lagoudas

This research is focused on investigating the effect of carbon nanotubes on

macroscale composite laminate properties, such as, interlaminar shear strength, in-

terlaminar fracture toughness and electrical conductivity along with studying the

micro and nano-scale interactions of carbon nanotubes with epoxy matrix via thermo-

mechanical and electrical characterization of nanocomposites. First an introduction

to the typical advanced composite laminates and multi-functional nanocomposites is

provided followed by a literature review and a summary of recent status on the pro-

cessing and the characterization work on nanocomposites and composite laminates.

Experimental approach is presented for the development of processing techniques and

appropriate characterization methods for carbon nanotubes reinforced epoxy resin

based multi-functional nanocomposites and carbon fiber reinforced polymer compos-

ite laminates modified with carbon nanotubes. The proposed work section is divided

into three sub-sections to describe the processing and the characterization of car-

bon nanotube reinforced epoxy matrix nanocomposites, woven-carbon fabric epoxy

matrix composite laminates modified with selective placement of nanotubes and uni-

directional carbon fiber epoxy matrix composite laminates modified with carbon nan-

otubes.

Efforts are focused on comparing the effects of functionalized and unfunctional-
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ized carbon nanotubes on the advanced composite laminates. Covalently function-

alized carbon nanotubes are used for improved dispersion and fiber-matrix bonding

characteristics and compared with unfunctionalized or pristine carbon nanotubes.

The processing of woven carbon fabric reinforced epoxy matrix composite laminates

is performed using a vacuum assisted resin transfer molding process with selective

placement of carbon nanotubes using a spraying method. The uni-directional carbon

fiber epoxy matrix pre-preg composites are processed using a hot press technique

along with the spraying method for placement of nanotubes. These macroscale lami-

nates are tested using short beam shear and double cantilever beam experiments for

investigating the effect of nanotubes on the interlaminar shear stress and the inter-

laminar fracture toughness. Fractography is performed using optical microscopy and

scanning electron microscopy to investigate the structure-property relationship. The

micro and nano-scale interactions of carbon nanotubes and epoxy matrix are studied

through the processing of unfunctionalized and functionalized single wall carbon nan-

otube reinforced epoxy matrix nanocomposites. The multifunctional nature of such

nanocomposites is investigated through thermo-mechanical and electrical characteri-

zations.
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CHAPTER I

INTRODUCTION

A. Problem Statement

The aerospace, automotive, infrastructure and other industries along with defense

applications for army, navy and air-force have wide use for composite materials due

to their light weight, high fracture toughness, high strength to weight ratio, good

chemical resistance and good fatigue life. Particularly, epoxy resin based composites

have been of interest in the aerospace industry due to epoxy resin being used as a

matrix material for many of the high performance advanced composites. Epoxy resin

based composites have been of particular interest due to the flexibility of modifying

mechanical properties, thermal properties and chemical resistance by controlling cur-

ing kinetics. However, one of the limitations on the use of composite laminates has

been their susceptibility to delamination, i.e. separation of individual plies resulting

from out-of-plane loads. Another limitation has been the inherent brittleness and

low fracture toughness of epoxy resin. The increasing demand for better mechanical,

thermal and electrical properties has made it necessary to develop new composites

with multifunctional properties, better processing techniques and good out-of-plane

properties without adding weight penalties.

Carbon nanotubes have been reported to be one of the most promising rein-

forcement materials for providing multifunctionality with excellent mechanical, elec-

trical and thermal properties. Therefore, it is proposed, based on the interest in the

aerospace industry, to develop carbon fiber reinforced epoxy matrix composites with

selective placement of carbon nanotubes, so as to optimize the use of nanotubes at

The journal model is IEEE Transactions on Automatic Control.
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the places of weak interfaces and introduce possibility for multifunctional properties.

There is a presence of multiple length scales in these advanced composites, such as,

the macro-scale of the ply and the composite laminate, the micro-scale of the carbon

fibers, and the nano-scale of the carbon nanotubes. A multi-scale characterization

effort is required to identify contribution from nano- and micro-scale reinforcement

at each length scale and to investigate the physical mechanisms behind the changes

in the bulk properties.

B. Objectives

Based on the problem statement mentioned in the previous section, the following

objectives are defined for the research.

1. Processing technique is required for nanotubes reinforced epoxy matrix based

multi-functional nanocomposites such that a good dispersion and distribution

of nanotubes is achieved. Covalent functionalization of carbon nanotubes is

one way to improve CNT-epoxy interface and better load-transfer through the

interphase region surrounding nanotubes in addition to providing better dis-

persion. Several parameters, such as, stability of suspension in solvents, mixing

speeds, solvent evaporation times, etc. are needed to be studied to come up

with a optimum method for processing nanocomposites. The weight fractions

will be varied for the pristine and the functionalized carbon nanotubes to study

the effect of quantity of nanotubes on the mechanical and the electrical proper-

ties. It is important to investigate the effect of addition of nanotubes to epoxy

matrix by measuring strength, modulus and glass transition temperature of the

nanocomposites. The fracture mechanisms at the nano-scale are studied using
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transmission and scanning electron microscopy. The multi-functional nature

of such nanocomposites is investigated by measuring electrical properties, es-

pecially the percolation behavior. This objective allows the investigation of

carbon nanotube-epoxy matrix interactions and the effectiveness of nanotube

functionalization on multi-functional properties.The information collected by

characterizing nanocomposites is also useful for validation of effective mechan-

ical and electrical properties predicted using multi-scale micromechanics based

modeling using input from molecular dynamics simulations for interphase prop-

erties.

2. Processing techniques and characterization methodology is required for woven

carbon fiber reinforced epoxy matrix composite laminates along with a tech-

nique for the selective placement of pristine and functionalized carbon nan-

otubes. The woven carbon fibers are chosen as the material of interest based on

wide industrial application in advanced composites. The interlaminar fracture

toughness is of particular interest, as the advanced composites are known to have

poor out-of-plane performance due to delamination initiation and propagation.

The interlaminar shear strength is also investigated to identify contribution of

nano-scale inclusion on the bulk property and some qualitative input regarding

effectiveness of the selective placement of nanotubes, can be provided for ap-

propriate modification of the processing technique. The physical mechanisms

introduced by the selective placement of nanotubes are investigated by using op-

tical microscopy for micro-scale observations and scanning electron microscopy

for nano-scale observations. The different length scales in the energy dissipa-

tion mechanisms introduced due to the presence of the carbon nanotubes can

be understood by this objective.
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3. A methodology is required for the processing and characterization of uni-directional

carbon fiber pre-preg composite laminates with selective placement of pristine

and functionalized nanotubes. The purpose of using unidirectional carbon fibers

is to provide better understanding of mechanisms as the complications due to

weave structure is absent in such composites and also to facilitate validation

of multi-scale modeling of such composites for more accurate predictions. The

woven fiber composites have wide industrial applications; however, for model-

ing purposes it presents complexity due to woven configuration of fibers and

complex stress-states. Mechanical testing includes three point bending tests

and in-plane shear tests to characterize the longitudinal, the transverse and

the shear response of unidirectional composites. The structure-property rela-

tionship is studied by investigating microstructures using optical and scanning

electron microscopy and studying the mechanisms introduced by carbon nan-

otubes. Double cantilever beam experiments are performed to characterize the

interlaminar fracture performance of such composites, in addition to investi-

gating the fracture mechanisms associated with the delamination process as a

result of the interlaminar fracture.
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CHAPTER II

LITERATURE REVIEW

A. Carbon Nanotubes

The discovery of carbon nanotubes by Iijima [2] is considered to be one of the most

significant achievements of contemporary science. Carbon nanotubes are fullerene-

related structures which consist of graphene cylinders closed at either end with caps

containing pentagonal rings. They were discovered in 1991 by the Japanese electron

microscopist Sumio Iijima who was studying the material deposited on the cathode

during the arc-evaporation synthesis of fullerenes. He found that the central core

of the cathodic deposit contained a variety of closed graphitic structures including

nanoparticles and nanotubes, of a type which had never previously been observed.

A short time later, Thomas Ebbesen and Pulickel Ajayan, from Iijima’s lab, showed

how nanotubes could be produced in bulk quantities by varying the arc-evaporation

conditions. A major event in the development of carbon nanotubes was the synthesis

in 1993 of single-layer nanotubes. The standard arc-evaporation method produces

only multilayered tubes. It was found that addition of metals such as cobalt to the

graphite electrodes resulted in extremely fine tube with single-layer walls.

An alternative method of preparing single-walled nanotubes was described by

Richard Smalley’s group in 1996. Like the original method of preparing C60, this

involved the laser-vaporization of graphite, and resulted in a high yield of single-walled

tubes with unusually uniform diameters. These highly uniform tubes had a greater

tendency to form aligned bundles than those prepared using arc-evaporation, and

led Smalley to christen the bundles nanotube ’ropes’. Initial experiments indicated

that the rope samples contained a very high proportion of nanotubes with a specific
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armchair structure. Subsequent work has suggested that the rope samples may be

less homogeneous than originally thought. Nevertheless, the synthesis of nanotube

ropes gave an important boost to nanotube research, and some of the most impressive

work has been carried out on these samples. Fig. 1 shows different configurations of

folded graphene layers in the schematic of carbon nanotubes.

Fig. 1. Schematic of carbon nanotubes showing folded layer of graphene.[1]

1. Carbon Nanotube Synthesis Processes

Some of the known synthesis processes for carbon nanotubes as given below are

compared in Table I. PLV Process: Pulsed Laser Vaporization Process / Laser Ab-

lation, CVD Process: Chemical Vapor Deposition Process, CAD Process: Carbon

Arc Discharge Process, HiPCO Process: High Pressure Carbon Monoxide Process.
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The HiPCO process has evolved to the point that now it can be used for large scale

production of carbon nanotubes. This process has been developed by Dr. Smalley’s

group at Rice University and the technology was transferred to Carbon NanoTech-

nologies Inc. for upscaling the process. In this process, a carbon containing gas,

carbon monoxide, is passed over metal catalyst particles, mostly iron and nickel, un-

der high pressure and temperature. The carbon nanotubes start growing from the

catalyst particles into bundles of long nanotubes. The nanotubes used in the cur-

rent research presented in this dissertation are made using HiPCO process. A short

summary of other processes is given below in Table I.

2. Carbon Nanotube Physical Properties

Physical properties of carbon nanotubes are given below in Table II. Carbon nan-

otubes have excellent mechanical properties [3] such as Young’s modulus of around

1000 GPa and tensile strength of around 200 GPa with small dimension (diame-

ter 1nm) and high aspect ratio (10000). One of the major applications of carbon

nanotubes is in composites which may be used in structural applications or multi-

functional applications. Nanotube based composites could offer outstanding strength

to weight ratio, which is an order of magnitude higher than today’s structural ma-

terials. Therefore defense agencies (NASA, AFRL, ARL) have heavily invested in

developing nanotube based composites for use in future spacecrafts. Experiments in

fabricating and testing of composites showed improvements in mechanical properties

like modulus, strength and toughness [4–7].

The use of high shear mixing, ultrasonication, surfactants, chemical modification

and polymer chain wrapping have been some of the research efforts towards accom-

plishing better SWCNTs reinforcement. But the difficulties in dispersion of SWCNT

bundles and processing challenges have resulted in only moderate improvements in
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Table I. Comparison of CNT synthesis processes
Method Arc Discharge

Method
Chemical Vapor
Deposition

Laser Ablation

Who Ebbesen and
Ajayan, NEC,
Japan 1992

Endo, Shin-
shu University,
Nagano, Japan

Smalley, Rice,
1995

How Connect two
power rods to
a power supply,
Place them a
few millimeters
apart and throw
the switch. At
100Amps car-
bon vaporizes
and forms a hot
plasma

Place substrate
in oven and
heat to 600 deg.
C and slowly
add a carbon
bearing gas as
methane. As gas
decomposes it
frees up carbon
atoms, which
recombine in the
form of NTs

Blast graphite
with intense
laser pulses;
Use laser pulses
rather than
electricity to
generate carbon
gas from which
the NTs form.
Try various
conditions until
hit on one that
produces prodi-
gious amounts
of SWNTs.

Typical Yield 30 to 90% 20 to 100% Up to 70%
SWNT Short tubes with

diameters of 0.6
-1.4 nm

Long tubes with
diameters rang-
ing from 0.6 to 4
nm

Long bundles
of tubes (5-
20microns) with
individual diam-
eters from 1- 2
nm

M-WNT Short tubes
with inner di-
ameter of 1-3
nm and outer
diameter of
approximately
10 nm

Long tubes with
diameters rang-
ing from 10 240
nm

Not very much
interest in this
technique, as it
is too expensive,
but MWNT syn-
thesis is possible

Pros Can easily pro-
duce SWNT,
MWNTs;
SWNTs have
few structural
defects; MWNT
without cata-
lyst, not too
expensive, open
air synthesis
possible;

Easiest to scale
up to the indus-
trial production;
Long length,
simple process;
SWNT diameter
controllable,
quite pure;

Primarily
SWNTs with
good diameter
control and few
defects; The
reaction product
is quite pure;

Con Tubes tend to be
short with ran-
dom sizes and
directions; often
need lot of pu-
rification;

NTs are usually
MWNTs and of-
ten riddled with
defects;

Costly technique
because it re-
quires expensive
lasers and high
power require-
ment, but is
improving;
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Table II. Physical properties of single wall carbon nanotubes

Physical Properties of Carbon Nanotubes

Below is a compilation of research results from scientists all over the world.

All values are for Single Wall Carbon Nanotubes (SWNT’s) unless otherwise stated.

Electrical Transport

Conductance Quantization (12.9 k )-1 [4,5,19]

Resistivity 10-4 -cm [2]

Maximum Current Density 1013 A/m2 [5,12]

Thermal Transport

Thermal Conductivity 2000

W/m/K

[6,15,16]

Phonon Mean Free Path 100 nm [15]

Relaxation Time 10-11 s [15]

Elastic Behavior

Young’s Modulus (SWNT) 1 TPa [3,7,8,9,12]

Young’s Modulus (MWNT) 1.28 TPa [8]

Maximum Tensile Strength 100 GPa [18]
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mechanical properties [4, 6]. Significant work has been targeted in improving the

dispersion of SWCNTs in polymer matrices through functionalization [4, 5, 8], but

the deformation behavior of such composites at micro and nanoscale remain poorly

understood. Detailed Studies of the deformation behavior at micro/nanoscale us-

ing advanced characterization methods will help us understand SWCNTs dispersion,

interfacial bonding and load transferring mechanisms.

B. Multifunctional Nanocomposites

There is significant research going on in the polymer based nanocomposites for a wide

range of properties such as electrical, thermal, mechanical and magnetic properties

[9–15]. What makes the polymers attractive host material is their light weight and

ability to tailor fracture toughness, tensile strength, glass transition temperature,

electrical and thermal conductivities. In addition, one can easily modify the physical

properties of the polymer by using fillers and still keep some of the excellent inherent

properties. For example, the conducting polymer composites are made by the addition

of conductive fillers into an insulating polymer matrix. Introduction of fillers such as

carbon black and iron powder has long been pursued by researchers to modify the

electrical properties of the polymers [16, 17]. However, such fillers tend to degrade the

modulus, the strength and the glass transition temperature of the nanocomposites.

One of the promising filler material is considered to be carbon nanotubes since they

provide good thermal and electrical properties at low loadings due to their large

surface area to volume ratio compared to carbon black or other metallic reinforcements

[18, 19].

Several studies have shown that various processing parameters affect the proper-

ties of the resulting nanocomposites [20–27]. Martin et al. [23] reported the effect of
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stirring rates, shear forces and curing temperatures on epoxy matrix nanocomposites

with 0.01 wt% of CVD grown MW-CNTs. They suggested high stirring rates and

shear forces for separating nanotubes in the initial phase and then, after adding hard-

ener, use of high curing temperatures to enhance the mobility of nanotubes resulting

in a better network formation of nanotubes. Similar study was undertaken in this

research to find optimum processing parameters for EPON 862 epoxy with different

types of hardeners and also different types of nanotubes.

To maximize the inherent properties of nanotubes, dispersion and reinforcement

of SWCNTs in polymer matrix has been one of the major issues of interest. The

process of covalent and non-covalent functionalization has been suggested as one of

the options for better dispersion of nanotubes [4, 5, 8, 18, 22, 28, 29]. Thakre et

al. [8] reported better dispersion of SW-CNTs as a result of silane functionalization,

however, no significant improvement in mechanical properties. The chemical modifi-

cation of the nanotube surface through covalent functionalization results in reduction

of the aspect ratio along with the formation of sp3 carbons on nanotube surface re-

sulting in reduction of electrical conductivity of the nanotubes [8, 18, 22]. Therefore,

such issues have been addressed in this dissertation while studying the influence of

nanotube functionalization on mechanical properties e.g. flexure modulus, strength,

storage modulus, loss modulus, and compared with as-received nanotubes i.e. pristine

nanotubes embedded in epoxy matrix nanocomposites for optimizing the multifunc-

tional properties of the nanocomposites. The fracture surface analysis has also been

presented in detail to identify possible toughening mechanisms by incorporation of

nanotubes in epoxy matrix. Studying the epoxy-nanotube interaction would be use-

ful when moving on to the more complex systems at laminate scale with additional

reinforcement of woven or unidirectional carbon fibers.

The effects of the aspect ratio, the aggregate size and the dispersion process
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as a result of functionalization has been reported to affect the percolation limits of

nanocomposites [18–23, 30–35]. Gojny et al. [18] reported an increase in percolation

threshold for smaller aspect ratio and Li et al. [22] reported similar observation and

developed an analytical model based on interparticle distance concept to explain the

effect of dispersion state and aspect ratio of nanotubes on the percolation thresh-

old. Seidel [36] showed that the percolation threshold is related to the formation of

conductive networks of nanotubes and aspect ratio. Improvement in dispersion of

nanotubes in polymer matrix has been reported to improve electrical and mechani-

cal properties [20, 21, 30, 31, 33]. Aggregation of nanotubes due to Van der Waals

interactions and shear forces during mixing has been reported to cause a drop in

electrical conductivity [18, 35, 37]. Sandler et al. [38] reported ultra-low electrical

percolation threshold of about 0.005 wt% for epoxy matrix nanocomposites with CVD

grown aligned multiwall carbon nanotubes (MW-CNTs). The electrical conductivity

of the nanocomposites with aligned MW-CNTs was found to be an order of mag-

nitude lower than that with entangled MW-CNTs. Owing to high aspect ratio and

good dispersion, nanotubes can reach conductivity thresholds at lower loading levels

and can create networks that facilitate electron transport. As seen from the litera-

ture study, the electrical conductivity has been significantly improved by addition of

nanotubes and very low electrical percolation limits have been reported for nanocom-

posites with single walled and multi-walled nanotubes [38–50]. However, the cost

comparison with cheaper reinforcement particulates does not proportionately favor

the use of nanotubes.

The XD-CNT (˜$50 per gram) produced by a high yield process is much cheaper

than SW-CNT ( $350 to $1000 per gram), however, the difference in mechanical

and electrical properties of nanocomposites consisting of these nanofillers was not

known. Thus, a part of this dissertation examined the electrical and the mechanical
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properties of XD-CNT and SW-CNT filled epoxy matrix nanocomposites. The study

of electrical properties at nanocomposite scale would also be useful in determining the

contribution of matrix conductivity improvement to the laminate scale conductivity

measurements.

C. Advanced Composite Laminates

There has been an increase in the use of epoxy resin-based composite laminates in

the aerospace industry in recent years due to their light weight, desirable mechanical

properties and ability to be molded into complex shapes [51–55]. Epoxies find wide

applications in composites due to their good chemical resistance and heat resistance

along with good thermo-mechanical properties such as strength, elastic modulus and

glass transition temperatures, which can be tuned by adjusting chemical composition

and curing kinetics [56, 57] as per the desired performance requirements. However,

conventional epoxies exhibit inherent brittleness and low fracture toughness, and

consequently, epoxy-based laminates can be susceptible to delamination i.e. and

separation between individual plies [58–61]. Increasingly demanding requirements

for mechanical, thermal and electrical properties of composite laminates has made

it necessary to develop new material systems without adding weight penalties and

simultaneously introducing the possibility for multifunctionality.

Recent efforts have been reported in that direction to combine the advantages

of traditional advanced composites with nano and micro sized reinforcements to en-

hance thermo-mechanical and electrical properties [62–70]. Some of these efforts were

directed towards resolving a critical issue in textile composites associated with the

formation of matrix rich regions in textile composites. The polymer matrix rich region

has been reported to be one of the reasons for the poor out-of-plane properties and
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a contributing factor to crack initiation and propagation, resulting in poor resistance

to delamination growth.

In the past, particulate reinforcements have been used in composites in an effort

to improve the interlaminar fracture toughness [62, 64–67, 71–75]. For example,

hybrid composites with alumina, silica, rubber and glass spheres forming secondary

phases in the epoxy matrix were studied by Kinloch et al. [71]. It was shown that

rubbery particles improved the fracture toughness of a thermosetting epoxy polymer,

but reduced its strength. In fact, a combination of rubber and glass particles showed

a better improvement in toughness. Sohn et al. [72] reported improvement in ILFT

with introduction of KEVLAR short fibers in fiber-reinforced polymer composites.

There was little effect on the initiation toughness values, but extensive fiber bridging

led to a significant increase in propagation toughness, indicating increased resistance

to delamination growth.

Sela and Ishai [54] reported methods for improving ILFT by introducing tough

interleaves instead of particulate reinforcements and using thermoplastic matrices.

Such interleaved composites showed a significant improvement in impact resistance.

However, the major disadvantage of a composite with tough interleaves was shown

to be the weight penalty along with low stiffness and strength of tough layers which

proportionately reduced stiffness and strength of the laminate. Thermoplastic ma-

trices in interleaves showed an order of magnitude increase in ILFT; however, low

thermal stability, interfacial wetting problems, poor chemical resistance to solvents

and acids, and creep problems associated with the thermoplastic matrices limit their

use in aircraft structures. Reinforcing polymer matrix rich regions with particles or

using interleaves did not provide adequate improvements in toughness and resulted

in reduced strength and glass transition temperature [57, 71, 72].

Carbon nanotubes have been reported to be used as reinforcement in poly-
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mer matrices due to their outstanding electrical, thermal and mechanical proper-

ties [5, 8, 62–67, 76–83]. Extensive research has been performed in characterizing

[5, 8, 56, 78, 79, 83] and modeling [76–78, 80, 82, 84] carbon nanotube-polymer ma-

trix nanocomposites. One of the methods to disperse the carbon nanotube bundles

and form enhanced interaction between the nanotubes and the surrounding polymer

matrix has been by the process of covalent functionalization of nanotubes which in-

volves attaching chemical functional groups that can form bonds with the particular

matrix in addition to dispersing the nanotube bundles [4, 5, 8, 64, 78, 85] . The rein-

forcement of conventional composites with carbon nanotubes may play an important

role in realizing the potential of such composites in structural applications as well

as introduce multifunctional properties. Recently, Wichmann et al. [67] reported

about 16% improvement in interlaminar shear strength while the interlaminar frac-

ture toughness was unaffected as a result of introduction of carbon nanotubes in glass

fiber-epoxy composites. The carbon nanotubes were mixed in the epoxy matrix before

impregnating glass fibers to produce the laminated composite. An improvement of

about 300% in mode-I ILFT was reported by Veedu et al. [66] by growing nanotubes

on SiC fabric composites. Bekyarova et al. [62] reported the use of electrophoresis

for selective deposition of nanotubes on woven carbon fabric. The interlaminar shear

strength was improved by about 30%, along with improved out-of-plane electrical

conductivity. Functionalized SWCNTs showed an improvement of about 40% in the

shear strength by adding 0.5 wt% SWCNT as reported by Bekyarova et al. [63]. Such

efforts suggest the feasibility of improving ILFT by introducing carbon nanotubes.

However, there have been several unresolved issues, such as, the addition of nanotubes

to epoxy resin results in a significant increase in the viscosity of epoxy matrix leading

to processing difficulties on a larger scale. Furthermore, direct mixing into epoxy

resin distributes nanotubes throughout the composite laminate, reinforcing critical as
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well as non-critical areas and therefore leads to unnecessary cost increase. The chem-

ical vapor deposition method to grow nanotubes on fiber preforms or fabric material

could be potentially difficult to implement on an industrial scale.

As an alternate approach, we propose in the present work to use nanotubes in

small quantities at critical regions, i.e. and at the interfaces susceptible to delami-

nation. The objective of this paper is to understand the influence of such selective

reinforcement of carbon nanotubes on the mode-I interlaminar fracture toughness of

woven carbon fiber-epoxy composites processed using vacuum assisted resin transfer

molding (VARTM) technique. A novel spraying technique was used for the selective

placement of nanotubes without increasing the viscosity of the epoxy matrix. The

spraying process is easier to scale-up to the industrial production and ensures limited

use of carbon nanotubes only in the susceptible areas. Several panels were processed

using VARTM method incorporating functionalized as well as unfunctionalized (pris-

tine) carbon nanotubes.

The VARTM process has been chosen as it is widely used for applications in

commercial, military and aerospace composite structures. One of the advantages of

the VARTM process is that it is easier to scale up to industrial production. For a suc-

cessful application, the matrix properties which govern processing characteristics like

viscosity must be considered in addition to meeting the requirements for mechanical

properties in service. A number of low-viscosity epoxy resins have been developed

to meet the processing requirements associated with the VARTM. An epoxy with

room-temperature curing agent was selected for this study on the basis of lowest vis-

cosity for easier VARTM processing. The nanotubes were functionalized for better

dispersion in the epoxy matrix along with enhanced compatibility with epoxy through

better bonding characteristics. The presence of nanotubes on the intended region of

the laminate, after VARTM processing, was confirmed from the microscopy images.
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The mode I interlaminar fracture toughness, GIc, of the laminates considered in

the current study was characterized using the double cantilever beam (DCB) test.

This test was conducted in accordance with the guidelines contained in the ASTM

International Standard, D5528-01 [86]. The major exception in the current study

to the guidelines of D5528-01 was that the DCB specimens were made from fabric.

Similar tests conducted on either textile or fabric-based laminates have been reported

previously. Choi et al. [61] and de Morais et al. [87] have studied the delamination

resistance of multidirectional composites and reported higher values for interlaminar

fracture toughness as compared to unidirectional composites. The delamination re-

sistance of unidirectional and plain weave fabric IM7/8552 were compared by Paris

et al. [88] using the DCB test. The average value of initiation GIc of the fabric

IM7/8552 was reported to be 263 J/m2 [88]. This value is only 3% greater than the

initiation GIc value reported by Hansen and Martin of tape IM7/8552 [89]. Although

the coefficient of variation was higher for the fabric specimens reported by Paris [88],

this similarity in initiation values of GIc suggests that reliable values of initiation GIc

may be obtained from DCB tests conducted on fabric material systems.

In short, a method for selective placement of carbon nanotubes in woven car-

bon fabric composites and unidirectional pre-preg composites is presented in this

research. The characterization results using three point bending and shear tests has

been presented for unidirectional fiber composites. The mode-I interlaminar fracture

toughness using DCB tests and detailed study of fracture mechanisms using scan-

ning electron microscopy has been presented in this dissertation for woven as well as

unidirectional fiber composites.
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CHAPTER III

MULTI-FUNCTIONAL NANOCOMPOSITES

The commercial application of CNT nanocomposites has been limited due to the

problem of transferring the inherent CNT properties to the polymer matrix. This

limitation is mainly due to CNT agglomeration in nanocomposites, along with poor

interface between the polymer and the nanotubes . There have been several techniques

to minimize CNT agglomerations, such as, ultrasonication, high shear mixing, non-

covalent and covalent functionalizations. Usually some solvent is used as a medium

for the dispersion of CNTs before adding to the polymer matrix. Studies have shown

that chemical functionalization of CNTs improves the dispersion and strengthens the

interfacial bonding with the polymer.

In order to improve the properties of nanocomposites, a good dispersion of nan-

otubes in the matrix is required, and understanding the effects of the various process-

ing parameters of nanocomposites is a key to multifunctional property improvement.

In this chapter, some of the processing parameters are studied, such as, stability of

CNTs in particular solvents, stirring/mixing rates and curing time and temperature.

Study of these processing parameters will provide some help for better reinforcing

different types of nanotubes into the epoxy matrix. These nanocomposites are then

characterized using different techniques to study the effect of covalent functionaliza-

tion and weight fractions of nanotubes on mechanical and electrical properties. Com-

parison of the electrical percolation thresholds and plausible reasons for differences

in percolation are also presented. The mechanical testing of nanocomposites using

three point bending and dynamic mechanical analysis is followed by detailed analy-

sis of fracture surfaces using optical microscopy, transmission and scanning electron

microscopy.
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A. Effect of Processing Parameters on Nanotube Dispersion

A key to achieve good dispersion of nanotubes in nanocomposites involves finding

suitable processing parameters such as, proper solvent for initial dispersion, ultra-

sonication time, stirring speeds, curing/pre-curing time and temperature. These pa-

rameters change depending on the type of nanotubes (single wall/multi wall), type of

functionalization and also for different weight fraction of nanotubes. A sample study

of some of these parameters is presented in this section for one particular type of

nanotubes (XDCNTs).

1. Stability of Nanotube Dispersion in Solvents

N,N’-Dimethyl formamide (DMF), N,N-Dimethyl acetamide (DMAC), tetrahydofu-

ran (THF), toluene, methylene chloride(MC), acetone, ethanol, and a mixture of 1:1

toluene and ethanol were used as solvents. XD grade carbon nanotubes were selected

as sample filler material in the nanocomposites samples. The polymer resin matrix

consisted of EPON 862 resin and EPIKOTE Curing Agent W as the hardener for the

high temperature curing. EPIKOTE Curing Agent 9553, EPIKOTE Curing Agent

Accelerator 537, and air release agent were used with EPON 862 for studying the

room temperature curing.

XD grade carbon nanotubes (10 mg) were added into a vial containing a solvent

(20 ml) and sealed with a cap. A ratio of 1 mg per 2 ml was maintained for all

weight fractions. The vials were then bath sonicated for 1 hour at 40 kHz and 100 W.

After sonication, the vials were left in a quiescent state with pictures taken every five

minutes for the first one hour. The dispersion stability of each solvent was determined

by observing the suspension of the CNTs in the vials. Solvents in which the CNTs

were sedimented after an hour of being in a quiescent state were classified as solvents
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showing poor dispersion stability. Solvents which showed black color even after an

hour were classified as good solvents for stability of nanotube dispersion.

The same vials were sonicated using a probe sonicator instead of the bath sonica-

tor to see if a better dispersion of CNTs could be achieved. Each vial containing the

solvent/CNT solution were sonicated for a total of 2 minutes using a probe sonicator

with an intensity of 40 KHz. Pictures of the vials were taken every five minutes, and

categorized by the same criteria as before.

Good solvent stability is necessary to obtain good dispersion of CNTs in nanocom-

posites. The dispersion process involves breaking of big agglomerates of CNTs into

smaller ones and ultrasonication process precisely serves this purpose. Then it de-

pends on the solvent type whether the nanotubes are going to remain suspended in

solution or are going to settle down and agglomerate. In a first study various vials

containing a mixture of CNTs and a solvent were bath sonicated for 1 hour, and

then observed for the quality of the suspension of CNTs. An example of a solvent

with bad stability is acetone. The nanotubes are almost immediately sedimented

even after one hour of ultrasonication. Fig. 2(a) shows the various vials immediately

after sonication, and in the acetone vial, most of the CNTs have sedimented. This

behavior was also observed in DMAC, but not to the extent of acetone, as can be

seen in Fig. 2(a). After half an hour of being in a quiescent state, the CNTs in

toluene, DMAC, acetone, and the 1:1 mixture of ethanol and toluene had partially

sedimented or were in partial swollen state. The CNTs in ethanol floated (swollen

state) instead of sedimenting as can be observed in Fig. 2(b). It was observed that

after an hour toluene, acetone, ethanol, and 1:1 mixture of toluene and ethanol had

almost sedimented which is shown in Fig. 2(c). After an hour of being in a quies-

cent state, the best solvents were observed to be DMF followed by THF and MC,

respectively as shown in Fig. 2(d). In these solvents, a portion of the CNTs were in
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(a) (b)

(c) (d)

Fig. 2. Vials containing nanotubes in different solvents. 2(a) Immediately after son-

ication, 2(b) After one hour, 2(c) After two hours, 2(d) After three hours.

sedimented/swollen state, but a black uniform color in the solvent was maintained as

can be seen in Fig. 2(b), 2(c) and 2(d). A darker color suggests that dispersed CNTs

are well suspended in the solvent as compared to a lighter color. In another study the

same vials were used to test a different method of breaking the CNT agglomerates.

This second method consisted of utilizing a probe sonicator for the dispersion of the

CNTs in a solvent. The vials were probe sonicated for a total of 2 minutes under a

frequency of 40 Hz. This method seemed to provide very high shearing energy in the

solvent and lot of heat was also generated in short time. Thus in order to prevent

breaking down of CNTs into shorter lengths or introducing defects on the CNTs, the

probe sonication time is limited to just 2 minutes. The exact time of probe sonication

which will start introducing defects is not studied here. Fig. 3 only shows the results

for the best three solvents. It seems that probe sonication reduced the suspension

stability of THF and MC. Fig. 3 show that immediately after sonication THF and

MC have formed big swollen state. After half an hour, both THF and MC had ag-

glomerated and no black color in the liquid was present as compared to the previous
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Fig. 3. Dispersion after probe sonication.

results. Even DMF was affected by probe sonication. Just after half an hour, the

CNTs started to agglomerate and in one hour, they almost sedimented. While probe

sonication is a faster process to break bigger bundles into smaller ones, it appears

that probe sonication also induces the CNTs to agglomerate faster. For this reason

the bath sonication was utilized in the processing of the nanocomposites. Ham et al.

investigated dispersions of single-walled carbon nanotubes (SWCNTs) in various sol-

vents to correlate the degree of dispersion state to the Hansen solubility parameters

as below.

(δt)
2=(δd)

2+(δp)
2+(δh)

2

Several solvents with different total solubility parameters (δt) values were se-

lected. Single-walled carbon nanotubes (1 mg) were added to a solvent (15 g) and

sonicated for 20 hours. After sonication, the vials were left in a quiescent state for 480

hours with pictures taken every 24 hours. Their investigation showed that nanotubes

were dispersed very well in solvents with certain dispersive component (δd). They were

sedimented in solvents with high polar component (δp) values or hydrogen-bonding

component, (δh) values. Hansen solubility parameters and the dispersion state of the

SWCNTs are listed in Table III. In this particular Table, only those solvents used
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in our study are listed to correlate our observations with their findings. The disper-

sion states of SWCNTs in various solvents was classified as ”dispersed,” ”swollen,”

and ”sedimented.” Dispersed means that the liquid maintains a uniform black color

without any agglomeration and precipitation during sonication. Swollen means that

the SWCNTs aggregated and phase separation is observed during sonication and the

aggregation is maintained in a quiescent state. Sedimented means that big particles

are scattering in the solvent during sonication and all nanotubes are precipitated

within 10 min after sonication. To correlate the dispersion state of the nanotubes

to the Hansen solubility parameters, Ham et al. first plotted the dispersion state

against the dispersion component δd. It was observed that dispersed group solvents

distributed in the value range of 17-18 MPa1/2 while the swollen group distributed

in the value ranges of 15.8-17 or 18-19 MPa1/2. When the three Hansen solubility

parameters were plotted in a 3-dimensional plot, there seemed to be a certain space

where the dispersed group solvents were located. This suggests that δd is the most

influential in the dispersion of nanotubes, and that dispersion solubility parameter

rather than the total solubility parameter can explain the interactions between the

nanotubes and the solvents. According to this study, again DMF seemed to be the

best solvent for suspending dispersed nanotubes.

2. Effect of Stirring Rate on Nanotube Dispersion

Agglomeration of nanotubes in composite materials can be affected by the stirring

rates at which composites are processed. Martin et al. [23] conducted a study in which

they varied the stirring rate following the addition of the hardener. Three samples

were initially stirred for one minute at 50 rpm to insure good hardener dispersion.

After the 1 minute, the stirring rates were varied to 0 rpm, 50 rpm, and 200 rpm.

They found that if no stirring was applied the nanotubes remain well dispersed. When
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Table III. Hansen dispersion parameters for different solvents

Organic Solvents δd δp δh δt Dispersion

(MPa1/2) (MPa1/2) (MPa1/2) (MPa1/2) State

N,N-Dimethylformamide 17.4 13.7 11.3 24.8 Dispersed

Tetrahydrofuran 16.8 5.7 8 19.4 Swollen

Toluene 18 1.4 2 18.2 Swollen

Methylene Chloride 18.2 6.3 6.1 20.3 Swollen

N,N-Dimethylacetamide 16.8 11.5 10.2 92.5 Sedimented

Acetone 15.5 10.4 7 20 Sedimented

Ethanol 15.8 8.8 19.4 26.5 Sedimented

the stirring rate was increased to 50 rpm the nanotubes tended to create nanotubes

clusters. In another sample stirred at 200 rpm clustering of nanotubes also occurred,

but the resulting agglomeration is more homogenous than in sample with 50 rpm

stirring. These observations agree well with former results on carbon black particles

in the epoxy matrix [14, 16, 90]. Schler et al. showed that the application of shear

forces could induce agglomeration of initially well-dispersed carbon black particles,

explaining that the shear forces provide the particles with sufficient kinetic energy to

overcome the repulsive interactions of the electric double layers. At the same time,

agglomerates can be disrupted by high shear forces. Hence, there is likely to be an

equilibrium diameter for the nuclei, an interpretation that would match the different

nanotube aggregate sizes that was observed for the samples prepared with 200 and

50 rpm stirring rates.

In this study, processing the nanocomposites with the different hardeners re-

quired very distinct techniques. The only common ground between the different

processing techniques was the stirring rate for solvent evaporation which was set at
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400 rpm. This stirring rate was selected to ensure that enough shear forces were

present to prevent CNT agglomeration. This high stirring rate also ensures that the

CNTs were well homogenized into the resin. In both the pre-cure and high temper-

ature curing processes, during the degassing of the resin/hardener the stirring rate

was reduced to 200 rpm due to the viscosity of the mixture. When a higher stirring

rate was utilized the magnetic stirrer was not strong enough to overcome the shear

forces and as a result stopped. This is not desired because we needed the hardener

to be homogenously mixed with the resin. A lower stirring rate (≤ 200 rpm) was not

applied because we wanted to have the highest stirring rate to ensure that no CNT

agglomeration occurred during degassing. In the case of using the 9553 hardener, the

stirring rate during degassing of the hardener was lowered to 130 rpm because of the

viscosity too. The room temperature starts gelation process in short time. This was

the highest stirring rate that could be achieved to ensure that no agglomeration oc-

curred when using 9553. The choice of stirring rate depends on the type of nanotubes

used and also on the type of the curing agent used.

3. Effect of Curing Temperature on Nanotube Dispersion

The temperature at which the hardener is added can influence the dispersion of

nanocomposites. It is interesting to note that the agglomeration process at higher

temperatures leads to finer and more evenly distributed nanotube clusters, consistent

with a lower barrier to aggregation and a higher cluster nucleation rate. These obser-

vations clearly indicate that the agglomeration process of nanotubes is temperature-

dependent. To some extent, this effect can be attributed to changes in viscosity.

Since the nanotube agglomeration is controlled and the diffusion coefficient is in-

versely proportional to viscosity, it becomes clear that the agglomeration process is

accelerated for high temperatures. However, since the difference in viscosity is rel-
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atively small for the two higher temperatures, it is likely that the increased kinetic

energy of the particles at higher temperatures also helps to surmount the remaining

potential barrier.

It was observed that the curing temperature of the nanocomposites had the

greatest effect on the dispersion of CNTs. It was observed that when the mixture

was poured into the mold it was viscous, but as the temperature increased during the

high temperature curing the viscosity was greatly reduced. Due to the inherent van

der Waals forces present between CNTs, the reduced viscosity meant that the barrier

between CNTs was reduced and hence led to agglomeration in the nanocomposite.

The idea behind the pre-cure process is that the CNTs will be locked into the resin

which would prevent agglomeration. However, once the temperature increased to 121

oC, the viscosity was greatly reduced and again led to agglomeration of the CNTs.

To verify that the temperature was a parameter affecting dispersion, a study was

conducted in which a hardener at room temperature could cure. This would show

that if the CNTs still agglomerated than the temperature was not the reason. Because

the degassing and curing of the nanocomposites were done at room temperature the

viscosity did not change immediately and hence CNT agglomeration did not occur

as severely as in the high temperature curing. This is because the viscosity is not

reduced and hence does not allow the CNTs to agglomerate. The reason being the van

der Waals forces between the CNTs are not strong enough to overcome the resistance

of the resin/hardener. Several samples were prepared and cured at room temperate

followed by a post cure which consisted of 1 hour at 100 oC followed by an additional

hour at 160 oC. In the resulting samples dispersion of the nanotubes was good and

no agglomeration was visible.

All samples in this study contained 0.03 wt% XD carbon nanotubes. In one study

a sample was cured at the manufacturers’ recommended curing cycle which is to 2
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hour at 121 oC followed by 2 hours at 177 oC. Due to the high pre-curing temperature

the viscosity was greatly reduced and agglomeration of the nanotubes occurred. In

another study twenty percent of the stoichiometric hardener ratio was added and

stirred at 400 rpm and 120 oC to form cross-linking, as this allows the mixture to

remain viscous. After pre-curing the mixture for three hours, the remaining hardener

was added and followed by a slow cure process. The slow cure process consisted of

curing the sample at 40 oC for 8 hours followed by the manufacturers’ recommended

curing cycle. The objective behind the low temperature cure is to allow enough

cross-linking to form to prevent a reduction in viscosity at the elevated temperatures.

Some agglomeration were still visible but not in the degree of the regular curing

cycle. It seems from observations that the key parameter controlling the degree of

agglomeration of the nanotubes is the viscosity of the epoxy/hardener mixture.

4. Nanocomposite Processing Method

Based on the study of the above parameters, an optimum processing method was

developed as described below. Initially, the nanocomposites samples for the high

temperature curing were created by first dissolving 10 mg of XD grade CNTs in 20

ml DMF. The DMF/CNT solution was then bath sonicated for 1 h to separate large

CNT agglomerates into smaller ones, which leads to better CNT dispersion. After

sonication, the DMF/CNT solution was added to a flask containing 26 g of EPON 862

resin. To evaporate the solvent, the flask was placed on a hot plate at a temperature

of 80 oC and stirred with a magnetic bar at 400 rpm. A vacuum was applied to

evaporate the solvent faster. Once the solvent had evaporated, the temperature on

the hot plate was reduced to 60 oC and allowed to cool to the new temperature. The

stirring rate was left unchanged and no vacuum was applied. After the temperature

equilibrated to 60 oC, the required amount of EPIKURE Curing Agent W was added
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(100:26.4 is the recommended resin to hardener ratio) and the stirring reduced to 200

rpm. A vacuum was applied to effectively degas the mixture. After all the bubbles

were removed, the mixture was put into an aluminum cast mold, which was preheated

to 60 oC, and cured by the following process: 2 h at 122 oC followed by 2 h at 177

oC.

The fabrication process for the pre-cured sample was very similar to the high

temperature curing. The same amount of nanotubes was dissolved in DMF, and bath

sonicated for 1 h. After sonication, the DMF/CNTs were added to 26 g of EPON 862

resin and stirred at 400 rpm. The temperature on the hotplate was set at 60 oC, and

a vacuum was applied to evaporate the solvent. After the solvent was evaporated,

the temperature was raised to 100 oC. The mixture was allowed to equilibrate at the

new temperature for 15 min. Following the 15 min, 20% of the required EPIKURE

Curing Agent W amount was added to the CNT/resin mixture while stirring at 400

rpm with a magnetic stirrer but no vacuum was applied. The pre-curing process

was carried out for 3 h and 20 min at 185 oC. Once the pre-curing was obtained,

the temperature on the hotplate was turned off and the mixture was allowed to cool

for 30 min while stirring at 400 rpm. After the 30 min, the remaining 80% of the

hardener was added to the mixture. The temperature was once again set to 100 oC

and a vacuum was applied to degas the mixture for 30 min. After the 30 min, the

temperature was turned off and the stirring rate reduced to 200 rpm. The mixture

was allowed to degas for an additional 15 min. After degassing, the mixture was pour

into an aluminum cast mold which had been pre-heated to a temperature of 40 oC.

The curing cycle for this pre-cure sample is the following: 40 C for 8 h, followed by

2 h at 122 oC and another 2 h at 177 oC.

The nanocomposites fabricated with curing agent 9553 were processed in the

following ways. XD grade CNTs wee dissolved into 20 ml of MC and bath sonicated
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for 1 h. After sonication, the MC/CNT solution was added to a flask containing 26

g of epoxy, and stirred at an initial rate of 60 rpm. Once all the MC/CNT solution

was added the stirring rate was increased to 400 rpm. To evaporate the solvent a

vacuum was applied and the temperature on the hot plate was set at 50 oC. After

the solvent had evaporated, the CNT/resin mixture was then allowed to cool to

room temperature, while stirring but no vacuum applied, before the addition of the

hardener. The rpm was reduced to 130 rpm. After all the bubbles were removed from

the mixture, it was added to an aluminum cast mold and allowed to cure at room

temperature for about 15 h. These samples were then post-cured at 100 oC for 1h

followed by another hour at 160 oC.

B. Effect of Functionalization and Weight Fraction of SWCNTs on Mechanical Prop-

erties

Experiments in fabricating and testing of composites showed improvements in me-

chanical properties like modulus, strength and toughness [4–7]. The use of high shear

mixing, ultrasonication, surfactants, chemical modification and polymer chain wrap-

ping have been some of the research efforts towards accomplishing better SWCNTs

reinforcement. But the difficulties in dispersion of SWCNT bundles and processing

challenges have resulted in only moderate improvements in mechanical properties

[4, 6]. Significant work has been targeted in improving the dispersion of SWCNTs in

polymer matrices through functionalization [4, 5, 8], but the deformation behavior of

such composites at micro and nanoscale remain poorly understood. This study will

help us understand SWCNTs dispersion, interfacial bonding and load transferring

mechanisms and consequently enable the optimization of processing parameters. The

results from the present work can be useful in validating results from modeling efforts.
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1. Experimental Procedure

a. Materials

Carbon Nanotechnology Inc. provided the HiPCO processed single wall carbon nan-

otubes in pristine form. The supplied material consisted of micron scale aggregates

(individual SWCNT diameter 1-1.4 nm). The Young’s modulus is 1.4 TPa and ex-

pected elongation to failure is 20-30% [4]. The epoxy resin was diglycidyl ether of

bisphenol-A (DGEBA epoxy) EPON 862, and was obtained from Resolution Perfor-

mance Products along with aromatic diamine curing agent EPICURE W.

b. Nanotube Functionalization

Hydrogen bonding and condensation reactions occur between hydroxylated nanotubes

and trialkoxy silanes as shown in Fig. 4 (where Y represents organofunctional groups).

Fig. 5 presents the infrared spectra of the fluoronanotubes (F-SWNTs), hydroxylated

nanotubes (SWNTs-R-OH), and silane treated nanotubes using methacryloxypropy-

ltrimethoxysilane of the functional groups attached to nanotubes. After hydroxylation

of the fluoronanotubes, a broad band in the 3000-3500 cm−1 indicates the presence

of OH groups terminating the functionalities attached to nanotubes. A new band at

1095 cm−1 can be assigned to the C-O stretching vibration. The hydroxyl groups

provide opportunities for hydrogen bonding and possible covalent linkage with the

silanes. The alkoxy groups of the silanes are very easily hydrolyzed by water to form

silanol group containing species. Condensation to form oligomers occurs first. The

unreacted OH groups can also form hydrogen bonds with the other OH groups on the

nanotube. During post-curing, a covalent linkage can be formed on the nanotubes.

The strong peaks at 1713 cm−1 and 1636 cm−1 characterize the corresponding C=O

and C=C stretches in the methacryl groups, which are compatible with the vinyl



31

Fig. 4. Silane reaction with the carbon nanotubes.

ester. A sharp decrease of the OH band indicates that the reaction between silanol

itself or potential bonding to hydroxyl groups on the nanotubes took place. The

appearance of doublet peaks at 1105 cm−1 and 1010 cm−1 is clearly due to the Si-

O-Si and Si-O-C asymmetric stretches respectively. The same treatment was applied

to pristine nanotubes, and none of the silane features were observed from the IR

spectrum. Glycidoxypropyl-trimethoxysilane was also used to treat nanotubes for

epoxy. EDX element analysis gave evidence for the presence of silicon (3.5wt%) and

oxygen (12 wt%) in the functionalized nanotubes. Silane-treated SWNTs exhibit

significantly improved solubility and dispersion in some organic solvents including

alcohol, acetone, DMF etc. SEM showed the smaller nanotube bundle sizes after the

silane treatment in comparison with the pristine nanotubes, as shown in Fig. 9. This

result suggests that the functional groups help to exfoliate large nanotube ropes into
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Fig. 5. FTIR spectra of silane functionalized nanotubes.

smaller bundles. Debundling of nanotube ropes allows better dispersion and more

surface interaction with polymer matrix.

c. Nanocomposite Preparation

First, the nanotubes were dispersed in a solvent (chloroform) for one hour in an

ultrasonicator bath (50 kHz). Epoxy resin was then added to nanotube-solvent so-

lution and stirred on a warm plate (at about 60 oC) until most of the solvent had

evaporated. Then the mixture was placed in a vacuum chamber for complete solvent

removal. EPICURE W curing agent was added to the solvent free epoxy-nanotube

mixture at a proportion of 100:26.4 by weight. Further mixing was performed man-

ually followed by magnetic stirring. The mixture was allowed to degas and then cast

into a custom made mold plate. A two step curing procedure was used with initial

temperature set at 100 oC for 2 hours followed by 175 oC for another 2 hours in

an oven. The samples were left overnight in the oven for post curing with gradual
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Fig. 6. Curing reaction of epoxy EPON 862 with DETDA curing agent W.
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decrease of temperature. A Band saw machine was used to cut the plate followed

by grinding the sides for sizing the samples as per ASTM standards. Six different

sample plates were processed following the above procedure and that consists of neat

epoxy, epoxy with 0.5 and 1% pristine SWCNTs, epoxy with 0.5 and 1% of fluorinated

SWCNTs and epoxy with 1% Silane functionalized SWCNTs.

d. Characterization Methods

Three point bending test was performed using custom made fixture as shown in

Fig. 7(a). The Nanoindentation technique has been proven to be useful for the eval-

uation of deformation behavior at the nano and micro scale [7, 8, 9, 10]. Nanoin-

dentation was performed using a Hysitron Triboscope to get the elastic modulus as

shown in Fig. 8. Indents were made by a diamond Berkovich tip with nominal radius

of curvature ¡ 30 nm. Dynamic mechanical analysis was carried out by TA Instru-

ments DMA 2980 using multi-frequency 3 point bend module as shown in Fig. 7(b).

The experiments were performed to obtain storage and loss modulus as well as tan δ

curves at constant frequency of 1 Hz with constant temperature ramp rate from room

temperature to above the glass transition temperature. The SWCNT dispersion was

observed using Zeiss 1530 FE-Scanning Electron Microscope operated at an acceler-

ating voltage of 30 kV. Fracture surfaces of the epoxy-nanotube composite specimens

were observed with a Leica MEF4M metallograph equipped with a high resolution

camera.

2. Results and Discussion

The Fig. 6 shows the curing reaction of epoxy EPON 862 with DETDA curing agent

W [3]. The Fig. 9 and Fig. 10 shows the pristine and Silane functionalized SWCNTs

providing evidence of the effective dispersion before reinforcing in epoxy matrix.
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(a) (b)

Fig. 7. Three point bending and DMA set-up for nanocomposite testing. 7(a) Custom

made 3PB fixture. 7(b) DMA fixture at NASA LaRC.

Fig. 8. Set-up for nanoidentation experiment using Hysitron Nanoindentor.
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(a) (b)

Fig. 9. SEM micrographs of SWCNTs before reinforcing in epoxy matrix. 9(a) Pris-

tine SWCNTs. 9(b) Silane functionalized SWCNTs.

(a) (b)

Fig. 10. TEM micrographs of SWCNTs before reinforcing in epoxy matrix. 10(a)

Pristine SWCNTs. 10(b) Silane functionalized SWCNTs.
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a. Mechanical Characterization

The nanoindentation experiments were performed on all six specimens at a constant

loading rate of 50 µN/s with loads increasing from 1000 µN to 5000 µN in steps of 1000

µN. The peak load holding of 5 sec was introduced to avoid the creep influence on the

unloading curve which is used to obtain the elastic modulus of a material. The elastic

modulus is obtained by fitting the unloading curve to a power law relation [91, 92].

The slope of the initial part of the unloading curve gives the stiffness, S = dP/dh.

The elastic modulus is obtained from its relationship to measured unloading stiffness

and projected contact area via the relation

S = 2β((
A

Π
)1/2)Er (3.1)

where β is a constant depending on tip geometry (β=1.034 for Berkovich indenter) [10]

and Er is the reduced modulus which accounts for the fact the measured displacement

includes contribution from both the specimen and the indenter. Er is given as

1

Er

= [
1− ν2

E
]specimen + [

1− ν2

E
]indenter (3.2)

Though it includes the contribution from the indenter, the reduced modulus truly rep-

resents the material property of specimen as the indenter modulus (diamond Ei=1141

GPa) being very high, has little effect on sample modulus ( 3 Gpa) [10]. The

Nanoindentation results in Fig. 11 shows that the elastic modulus of epoxy increases

by adding nanotubes. It can be seen that Silane functionalized samples have a lower

elastic modulus as compared to pristine and fluorinated SWCNT-epoxy samples. The

same trend is apparent from the results of DMA tests in Fig. 12. The lower increase

for silane functionalization could be due to degradation of SWCNT surface during

functionalization. Another reason could be that the presence of functional groups
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Fig. 11. Elastic modulus (GPa) measured by Nanoindentation.

Fig. 12. Storage modulus (MPa) measured by DMA.
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Table IV. Comparison of trends from DMA and Nanoindentation tests

Material Storage Modulus Elastic Modulus Glass Transition

DMA (GPa) Nanoindentation (GPa) DMA (C)

Neat Epoxy 2.865 2.74 162

1% Silane 2.900 2.74 150

1%Fluorinated 3.170 2.84 152

0.5% Fluorinated 3.055 2.88 143

1%Pristine 3.197 2.83 153

0.5% Pristine 3.018 2.80 160

decreases the cross link density. The Table IV gives a comparison of Nanoindentation

and DMA results. We have also observed a decrease in glass transition temperatures

(defined as temperature at which maximum tan δ is reached) as a result of function-

alization as well as increasing weight fraction of SWCNTs. This behavior could be

explained as a result of better heat distribution throughout the sample due to the

presence of nanotubes allowing faster transition from glassy to rubbery state. An-

other possible reason is that the dispersed SWCNTs inhibits curing by its presence

and thus reduce the crosslink density allowing easier molecular chain motion which

results in lower glass transition temperature.

b. Fracture Mechanisms

Fig.13 shows the images of the fracture surfaces of different composites. The image

analysis suggests the possibility of an increase in toughness as a result of adding SWC-

NTs. Though this would be just qualitative perception based on the observation of

fracture growth mechanisms and quantitative data would be required from mechani-
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Fig. 13. Optical microscopy images of nanocomposite fracture surfaces.

cal fracture toughness tests to confirm the observation. Some of the interpretation of

the mechanisms from images have been taken from the ’Polymer Toughening’ book by

Charles Arends and using chapter by Hung-Jue Sue [93]. Transmission electron mi-

croscopy was performed on some of the above nanocomposite specimens to investigate

the plausible mechanisms of toughening process. Such TEM micrographs are shown

in following figures. The presence of the functional group on the CNT is supposed

to enhance the CNT-epoxy matrix interface. High resolution TEM images as shown

in Fig. 14 indicates the possibility of creating such enhanced interfaces. Presence of

bridging mechanism is shown in Fig. 15. Bridging is one of the mechanisms of energy

dissipation caused by the nanotube-matrix debonding during bridging. Fracture of

the bridging nanotubes can also contribute to the energy dissipation. One of the

toughening mechanisms i.e. fragmentation of nanotubes is represented in following

Fig. 16. This image shows the ability of the nanotubes to fracture inside the epoxy
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(a) (b)

(c)

Fig. 14. TEM micrographs showing nanotubes pulled out of the matrix. 14(a) Matrix

pulled out with the nanotube rope indicates good CNT-epoxy matrix bonding.

14(b) Matrix sticking to nanotube indicates good interface. 14(c) Higher

magnification image showing functional group on the CNT.
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(a) (b)

Fig. 15. TEM micrographs showing bridging SWCNTs in epoxy matrix. 15(a) CNTs

bridging between matrix surfaces 15(b) Higher magnification image of single

bridging CNT (or rope).

matrix. The fragmentation phenomenon also means that there is a better interface

between nanotube and epoxy resulting in good load transfer.

Fig. 17 shows different toughening mechanisms in our various nanocomposite

systems. Significant matrix deformation is visible in areas containing nanotubes.

Smooth brittle fracture is observed in areas without nanotubes also indicating poor

distribution of nanotubes at some places in the nanocomposites. Microcracking and

crack branching can be one of the important mechanisms of energy dissipation. The

crack pinning mechanisms, although not a big contributor to the overall toughness,

can be seen to be additional energy dissipation mechanism. The observation of these

mechanisms indicate a strong possibility of toughening the current matrix material.

However, fracture toughness experiments on nanocomposites have not be undertaken

in this work, but literature on nanocomposite fracture toughness (Appendix A) has

shown an improvement in fracture toughness by addition of pristine or functionalized

single as well as multiwall nanocomposites. There is very limited work on the fracture
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(a) (b)

Fig. 16. TEM micrographs showing fragmentation of SWCNTs in epoxy matrix.

16(a) Fragmentation represented by black rings on CNTs. 16(b) Curled

CNTs around metallic impurity particle.
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(a) (b)

(c) (d)

(e) (f)

Fig. 17. Toughening mechanisms in nanocomposites. 17(a) Microcracking, crack

branching and matrix peel-off mechanisms, 17(b) Matrix peel-off mechanism,

17(c) Matrix deformation mechanism introduced in the region with nanotubes

(left side without nanotubes is smooth), 17(d) Nanotube rich region showing

microflakes and deformation surrounded smooth regions of brittle fracture

, 17(e) Crack pinning mechanisms due to entangled nanotube ropes, 17(f)

Significant matrix deformation in the regions of nanotubes.
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toughness of laminated composites modified using carbon nanotubes. It would be in-

teresting to investigate the effect of nanotubes on the fracture toughness of composite

laminates which are widely used in commercial applications. Such study would also

help us to find if nanocomposite properties can be scaled up to contribute to the

laminate scale toughness. Detailed investigation in this direction has been discussed

in the next two chapters.

C. Effect of Weight Fraction of SWCNT and XDCNT on Electrical Conductivity

There is a growing demand for low cost materials in the microelectronic devices

industry [94] and as a result there is significant research going on in the polymer based

nanocomposites for a wide range of properties such as electrical, thermal, mechanical

and magnetic properties [9–14]. The conducting polymer composites are made by

the addition of conductive fillers into an insulating polymer matrix. Introduction of

fillers such as carbon black and iron powder has long been pursued by researchers to

modify the electrical properties of the polymers [16, 95]. However, such fillers tend

to degrade the modulus, the strength and the glass transition temperature of the

nanocomposites. One of the promising filler material is considered to be the carbon

nanotubes since they provide good thermal and electrical properties at low loadings

compared to carbon black or other metallic reinforcements[18, 19].

The effect of the aspect ratio, the aggregate size and the dispersion process

as a result of functionalization has been reported to affect the percolation limits of

nanocomposites [18–21, 23, 30–37, 42]. The chemical modification of the nanotube

surface through covalent functionalization results in reduction of the aspect ratio along

with the formation of sp3 carbons on nanotube surface, which decreases the electrical

conductivity of the nanotubes [8, 18, 22]. Therefore, as-received nanotubes have been
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used in this research without any functionalization, as this work is focused on the

electrical properties. As seen from the literature, the electrical conductivity has been

significantly improved by addition of nanotubes and very low electrical percolation

limits have been reported for nanocomposites with single walled and multi-walled

nanotubes[10, 39–41, 43, 45, 46]. However, the cost comparison with cheaper rein-

forcement particulates does not proportionately favor the use of nanotubes.

The XD-CNT ( $50 per gram) produced by a high yield process is much cheaper

than SW-CNT ( $350 to $1000 per gram); however, the difference in mechanical and

electrical properties of nanocomposites consisting of these nanofillers is not known.

Thus, the purpose of this section is to examine the electrical and the mechanical

properties of XD-CNT and SW-CNT filled epoxy matrix nanocomposites. Section

below describes the materials used, the nanocomposites preparation and the details of

the characterization methods. Results from electrical conductivity measurements and

mechanical tests along with transmission optical microscopy and scanning electron

microscopy for studying dispersion are presented in following sections and the results

are discussed in details giving some plausible explanations for observed percolation

thresholds in different nanocomposites.

1. Experimental Procedure

a. Materials

Conductive grade XD-CNTs and HiPCO processed SW-CNTs were obtained from

Carbon Nanotechnology Inc. (now Unidym), Houston, Texas [96] and Rice University.

The XD-CNTs consisted of a mixture of single walled, double walled and multi-walled

nanotubes along with carbon black and metallic impurities [96, 97], as shown in the

transmission electron microscopy (TEM) image of typical XD-CNTs in Fig. 18. The
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Fig. 18. TEM of XD-CNTs and SW-CNTs.

SW-CNTs consists of bundles of nanotubes (individual SW-CNT diameter 1-1.4 nm

[96]). The epoxy resin used was EPON 862 along with aromatic diamine curing agent

Epicure W, purchased from Resolution Performance Products.

b. Nanocomposite Preparation

The nanocomposite samples were prepared using a cast molding method. Three

weight percents (0.015 wt%, 0.0225 wt% and 0.03 wt%) of SW- and XD-CNTs were

used to make nanocomposites, labeled hereafter as the epoxy/SW and the epoxy/XD

nanocomposites respectively. The nanotubes were dispersed in a mixture of solvents

(ethanol-20 ml and toluene-15 ml) for one hour in an ultrasonicator bath (50 kHz).

Epoxy resin was then added to nanotube-solvent solution and subjected to magnetic

stirring on a hot plate (at about 60oC), until most of the solvent had evaporated.

The time required for solvent evaporation was about 30 minutes under full vacuum.

Epicure W curing agent was added to the solvent free epoxy-nanotube mixture at a

proportion of 100:26.4 by weight. Further mixing was performed manually, followed

by magnetic stirring. The mixture was degassed for removing air bubbles until the
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solution stops showing any bubbles and this process required variable time based on

viscosity of solution. Degassing was followed by casting into a custom-made mold,

made out of aluminum.

A two step curing procedure was used with initial temperature set at 121oC for 2

hours, followed by 175oC for another 2 hours. The samples were left in the oven for a

few hours after the curing cycle for post curing with gradual decrease of temperature.

A control epoxy specimen was processed using the same method and solvent was

added to the neat resin without any CNT to investigate the effect of addition and

evaporation of the solvent on the electrical conductivity, storage modulus and glass

transition temperature of the control epoxy panel. Specimens were cut from the

different sections of each nanocomposite panel. Rectangular specimens (30 mm x 8

mm x 2 mm) were cut for the dynamic mechanical testing, and square specimens

(20 mm x 20 mm) were cut for the electrical conductivity measurements. The top

and the bottom faces were polished with 600 SiC paper and a thin layer ( 100 nm)

of silver was deposited by metal evaporation on each face to be used as electrodes.

Transmission optical microscopy was performed on the square specimens used for

electrical measurements, prior to the silver electrode deposition. Scanning electron

microscopy was performed on fracture surfaces, which were obtained by cracking

cooled specimens using nitrogen gas.

c. Characterization Methods

Electrical conductivity (AC) measurements were performed using Novo-Control Broad-

band Dielectric spectrometer at room temperature with voltage amplitude of 1.0 V

over a frequency range from 0.01 Hz to 10 MHz. Dynamic Mechanical Analyser

(RSA-3, TA Instruments) with a three-point bend module was used to measure the

storage and the loss modulus at a constant frequency of 1 Hz. The temperature was
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ramped up to 200 oC from the room temperature, at a constant temperature ramp

rate of 2 oC/min. A ratio of the storage and the loss modulus, given as tan δ, provided

information on the glass transition temperature. For both types of characterization

(electrical conductivity and mechanical), at least three samples were tested for each

nanocomposite and an average is reported along with standard deviation. Transmis-

sion optical microscopy (TOM) was performed using the Nikon Stereo Photomicro-

scope and Scanning electron microscopy (SEM) was performed using the JSM-7500F

cold emission microscope to characterize the microstructure of the nanocomposites,

in order to elucidate the relationship between the resulting properties and the types

and loading levels of the CNTs.

2. Results

a. Electrical Conductivity

An electrically non-conductive polymer matrix can be made conductive by the for-

mation of conductive pathways of filler particles, when the filler content exceeds a

critical volume fraction, known as the percolation threshold. The percolation thresh-

old is characterized by a sharp rise in the electrical conductivity as a function of

the volume fraction (or weight fraction) of the filler particle content for low frequen-

cies which is identified from frequency independent response of electrical conductivity

using AC measurements.

The electrical conductivity measurement as a function of frequency has been

shown in Fig. 19 and Fig. 20, for XD- and SW-CNTs respectively. For low CNT

loadings (less than 0.0225 wt% for XD-CNTs) the conductivity is frequency depen-

dent, i.e., it increases with increasing frequency similar to that of the neat epoxy

and the control epoxy. It should be noted that the control epoxy sample showed
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similar frequency dependence to the neat epoxy, indicating that the addition of the

solvents during the processing did not affect the epoxy electrical conductivity. In the

vicinity and above the percolation threshold (0.0225 wt% for epoxy/XD and 0.015

wt% for epoxy/SW) the conductivity becomes frequency independent. The AC mea-

surements allow measuring electrical conductivity as a function of frequency. The

insulating (or non-percolated) specimens show frequency dependent response. As

soon as conductive networks form in the non-conducting material, such a transition

from non-conductive to conductive material, is represented by frequency independent

response. There can be frequency dependent response at higher frequencies for not

fully percolated specimens. In relation to the neat and the control epoxy, there was

about seven to eight orders of magnitude increase in the conductivity at 0.01 Hz for

epoxy/XD- and epoxy/SW-nanocomposites. Above the percolation threshold, the

conductivity continues to increase but only marginally, i.e. and about two orders of

magnitude for epoxy/XD nanocomposites (0.03 wt%) and about one order of magni-

tude for epoxy/SW nanocomposites (0.03 wt%). In order to compare the electrical

conductivities of epoxy/XD and epoxy/SW nanocomposites as a function of weight

fraction of nanotubes, Fig. 21 has been plotted using electrical conductivity data from

Fig. 19 and 20 at low frequency of 0.01 Hz. The scatter in data has been plotted in

Fig. 21; however, the error bars are overlapped by the size of each data point. The

difference in percolation thresholds can be observed in both nanocomposites from

the semi-log plots. For epoxy/SW nanocomposites, percolation occurs at a lower

weight fraction (0.015 wt%) than that for epoxy/XD nanocomposites (0.0225 wt%)

and corresponding frequency independence is confirmed from Fig. 19 and 20. The

vertical dotted lines in Fig. 21 points to various weight fractions of XD- and SW-

CNTs. Post-percolation increase for epoxy/SW nanocomposites has been observed

to be from about 1E-7 S/cm for 0.0225 wt% to about 1E-6 S/cm for 0.03 wt% of SW-
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Fig. 19. Log-log plot of electrical conductivity of the epoxy/XD nanocomposites as a

function of frequency for various loading weight fractions of XD-CNTs.

CNTs, while for epoxy/XD nanocomposites, from about 1E-7 S/cm for 0.0225 wt%

to about 1E-5 S/cm for 0.03 wt% of XD-CNTs. Additional data points corresponding

to XD-CNTs weight fraction of 0.07 wt% and 0.15 wt% and 0.07wt% for SW-CNTs

have been plotted in Fig. 21 to show that the increase in conductivity becomes smaller

after certain weight fraction, as indicated by the plateau in the conductivity curve

after percolation. Frequency dependence of conductivity of nanocomposites is sensi-

tive to corresponding microstructure formation of conducting networks and can be

related to the percolation state of the nanofillers within the nanocomposite.

b. Microstructure-Conductivity Relationship

Transmission Optical Microscopy

The difference in percolation thresholds and the effects of higher loading of nanotubes
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Fig. 20. Log-log plot of electrical conductivity of the epoxy/SW nanocomposites as a

function of frequency for various loading weight fractions of SW-CNTs.

for these nanocomposites can be related to the formation of microstructure as a result

of differences in the types of nanotubes. Fig. 22 compares the microstructures of the

epoxy/SW and epoxy/XD nanocomposites at various CNT loading levels. The darker

regions in the TOM micrographs represent the presence of nanotube bundles and the

lighter regions represent the surrounding epoxy matrix. Fig. 22(a, c, e) shows the

dispersion of SW nanotube bundles in epoxy/SW nanocomposites and Fig. 22(b, d,

f) shows the dispersion of XD nanotubes in epoxy/XD nanocomposites. As it can be

seen, the formation of microstructure and percolating networks is indeed different for

the same weight percents of XD- and SW-CNTs. As the weight fraction of CNTs is

increased for epoxy/XD nanocomposites, the nanotubes tend to form bigger clusters,

unlike in epoxy/SW nanocomposites. Fig. 22 shows that the amount of agglomer-

ation with increased loading weight fraction is higher in epoxy/XD nanocomposites
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Fig. 21. Semi-log plot of electrical conductivity as a function of loading weight fractions

of CNTs for epoxy/XD and epoxy/SW nanocomposites.
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Fig. 22. Transmission optical microscopy images of epoxy/SW and epoxy/XD

nanocomposites for different weight fractions of CNTs.
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(b, d, f), than in epoxy/SW nanocomposites (a, c, e). The micrograph in Fig. 22 (f)

is seen to be almost opaque due to big agglomerates formed by XD-CNTs.

Scanning Electron Microscopy

SEM studies on fracture surfaces were performed to study the morphological differ-

ences in the epoxy/XD and epoxy/SW nanocomposites. As seen from Fig. 23(a) and

Fig. 23. Scanning electron microscopy images of epoxy/SW and epoxy/XD nanocom-

posites.

(b), the SW-CNTs are more homogeneously distributed as compared to XD-CNTs

for 0.03 wt% specimens. Similar observations were made in Fig. 22, i.e. and XD-

CNTs tends to agglomerate more with increasing weight fractions, resulting in lesser

degree of homogeneity compared to SW-CNTs. Fig. 23(c) and (d) represents im-
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Table V. DMA measurements for epoxy/SW and epoxy/XD nanocomposites (E’ and

E” reported at 30 oC).

E’ (GPa) E” (MPa) Tg (C)

Epoxy 2.8 0.3 91.6 12.3 129 0.1

Epoxy/SW Nanocomposites

0.015wt% 2.5 0.1 101.6 22.1 141 1.2

0.0225wt% 2.7 0.1 110.0 23.2 148 2.0

0.03wt% 2.9 0.4 131.5 21.5 149 1.6

Epoxy/XD Nanocomposites

0.015wt% 3.0 0.1 173.4 9.3 140 7.0

0.0225wt% 2.8 0.2 117.9 7.0 149 1.0

0.03wt% 3.3 0.2 175.1 65.4 133 1.4

ages at higher magnification to study the network formation and aspect ratio of the

nanotubes. Fig. 23(c) for epoxy/SW nanocomposite shows longer length nanotube

bundles (higher aspect ratio) as compared to Fig. 23(d) for epoxy/XD nanocompos-

ites. Also a homogeneous SW-CNT network formation is visible in Fig. 23(c) as

compared to agglomeration of XD-CNTs and possibly presence of some impurities in

Fig. 23(d).

c. Effect on Mechanical Properties

DMA measurements were performed to find the storage modulus (E’), the loss mod-

ulus (E”) and the glass transition temperature (Tg) and the results are summarized

for neat epoxy, epoxy/SW and epoxy/XD nanocomposites in Table V. Carbon nan-

otubes have been reported to improve the mechanical properties of nanocomposites
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[4, 5, 8, 13, 24, 30, 45, 63], however, the reported weight or volume fractions were much

higher (50 to 100 times) than the ones used in the present study. For such extremely

low weight fractions of nanotubes used in our study, minimal change is expected in

the mechanical properties. The storage modulus and loss modulus values are reported

in Table V for measurements at 30 oC, while the modulus values during complete

temperature sweep, starting from room temperature to well above glass transition, is

shown in Fig. 24. The effect of different weight fractions of SW and XD nanotubes on

the storage modulus, E’ (Fig. 24 a and b), and the loss modulus, E” (Fig. 24 c and d),

and the tan δ curves (glass transition temperatures, Tg is measured corresponding

to the peak), (Fig. 24 e and f) and comparison with neat epoxy is shown in Fig. 24.

The storage modulus does not show any significant improvement or degradation as

compared to neat epoxy for epoxy/SW as well as epoxy/XD nanocomposites and

lies within the scatter observed from standard deviations. Higher weight fractions

have not been reported in this work, as the focus of this paper is on the percolation

thresholds and the post-percolation behavior of the electrical conductivity and its cor-

relation to morphology of dispersed nanotubes. However, the loss modulus and the

glass transition temperature measured from the DMA test can give some information

about the dispersion state of the nanotubes throughout the specimen and the effect

of localized dispersion state on the overall transition behavior from glassy to rubbery

state. The changes in loss modulus are related to the changes in energy dissipation

mechanisms and the change in glass transition temperature is related to the mobility

of polymeric chains during the transition from glassy to rubbery state. As seen from

Fig. 24(a) and Table V, the storage modulus for epoxy/SW nanocomposites is com-

parable to the neat epoxy modulus and lies within the standard deviation. However,

the storage modulus for epoxy/XD nanocomposites seems to be slightly increased,

especially for 0.03 wt% XD-CNTs.
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Fig. 24. DMA results for epoxy/SW and epoxy/XD nanocomposites.
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The loss modulus values at room temperature showed an increase for epoxy/SW

as well as for epoxy/XD nanocomposites, as shown in Fig. 24(c) and (d). The increase

in loss modulus is prominent for all specimens, even after accounting for the scatter

in the standard deviations. These shifts are likely to be due to the increased energy

dissipation in the form of heat as a result of nanotube-nanotube friction. Energy

dissipation due to crack initiation or crack growth does not seem possible, because

extremely small load was applied during the DMA tests. As seen from Fig. 22 and

23, SW as well as XD nanotubes exist in the form of bundles and friction between

nanotubes seems to be a plausible reason for an increase in energy dissipation at room

temperature, leading to an increase in loss modulus.

Fig. 24(e) shows that the glass transition temperatures increased by about 10C

for 0.015 wt% and about 17 to 20C for 0.0225 wt% and 0.03 wt% SW-CNTs, respec-

tively, as compared to neat epoxy. The Tg increase for epoxy/XD nanocomposites

(Fig. 24(f)) was about 10C for 0.015 wt% and about 20C for 0.0225 wt%, but insignifi-

cant change of about 3C for 0.03 wt% XD-CNTs as compared to the neat epoxy. The

increase in Tg for such small weight fractions seems to be related to the localized

dispersion state of nanotubes in epoxy matrix. Polymeric chains start moving during

the transition process from glassy to rubbery state. The presence of nanotube bun-

dles, as seen from Fig. 22 and 23, act as a hurdle for movement of molecular chains

of polymer at temperatures near Tg, which in turn leads to an increase in the glass

transition temperature.

3. Discussion

There are several parameters, like dispersion state, aspect ratio, processing method,

aggregate size, presence of impurities and ratio of metallic-semiconducting nanotubes

etc. and that affect the percolation threshold and the post-percolation electrical con-
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ductivity. The effect of aspect ratio, inter-particle distance between nanotubes and

nanotube agglomeration is discussed in the following sections. In addition, the exper-

imental percolation thresholds have been compared with the theoretical percolation

thresholds for the nanocomposites obtained from a power law model.

a. Effect of Aspect Ratio and Distance Between Nanotubes on Electrical Percolation

Nanotubes tend to agglomerate due to van der Waals interactions, particularly in

absence of any surface modification through chemical functionalization. As a result

of bundling, the conductive inclusions have a larger effective diameter which yields a

reduced aspect ratio. Thus increased weight/ volume fraction of nanotubes is required

to achieve the percolation. As seen from SEM images in Fig. 23(c) and (d), the aspect

ratios of nanotube bundles for XD-CNTs are seen to be smaller as compared to the

aspect ratios of SW-CNT bundles. Due to the presence of larger diameter MW-CNTs

in the bundle formation of XD-CNTs, it is expected that the conductive inclusions of

XD-CNTs will have a larger effective diameter as compared to conductive inclusions

of SW-CNT bundles. The outcome is the reduction of the effective aspect ratio

for XD-CNT bundles, as observed from Fig. 23. The lower percolation threshold

for epoxy/SW nanocomposites compared to that with epoxy/XD nanocomposites

indicates an agreement with Gojny et al. [18], Seidel et al. [36] and Li et al. [22] for

comparison between SW and MW-CNTs embedded epoxy matrix nanocomposites.

A simplified approach has been taken for analyzing the electrical conductivity

results using two possible differences between SW- and XD-CNTs. Firstly, the change

in surface area to volume ratio with respect to change in nanotube aspect ratios and

secondly, the change in the distance between nanotube surfaces surrounded by an

epoxy interphase as a function of nanotube diameter and nanotube volume fraction.

XD-CNTs consist of a mixture of MW-CNT, SW-CNT and other carbon/metallic
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impurities. SW-CNTs are smaller diameter CNTs as compared to MW-CNTs and

also SW-CNTs are observed to be usually longer than MW-CNTs. The surface area

to volume ratio is a function of radius of the conductive inclusions. For smaller di-

ameter conductive inclusions, the surface area or volume ratio is higher compared

to larger diameter conductive inclusions. Thus the interface area available for charge

conduction is higher for smaller diameter conductive inclusions. In the case of smaller

diameter (high aspect ratio) SW-CNTs, higher surface area to volume ratio results

in greater ability for charge conduction, resulting in lower percolation thresholds. In

the case of XD-CNTs, the surface area to volume ratio is smaller due to the presence

of MW-CNTs and also due to bigger conductive inclusions formed by agglomeration.

Thus the observation of higher percolation threshold can be inferred qualitatively.

The diameter of nanotubes can also have an effect on the electrical conductivity, as

the distance between nanotube surfaces changes in case of an ideal homogeneous dis-

persion, for the same length and weight fraction of nanotubes. Here, a simplified

geometrical approach can be used for a qualitative discussion of the results. The

volume fraction can be assumed to be close to the weight fractions used in this study,

because of the almost similar densities for the epoxy matrix ( 1.2 g/cc) and the nan-

otubes ( 1.3 g/cc). If two different nanotube diameters are considered, e.g. and 1

nm and 10 nm (1 nm representing SW-CNT and 10 nm representing XD-CNT), in

an ideal case of well aligned and homogeneously dispersed nanotubes, one can plot

the distance between nanotube surfaces as a function of change in volume fraction

of nanotubes, as shown in Fig. 25. The distance between nanotube surfaces is cal-

culated by approximating a concentric cylinder consisting of a nanotube surrounded

by the matrix. The ratio of the radius of the nanotube and the matrix cylinder is

proportional to the volume fraction of the nanotube to the matrix material. As seen

from Fig. 25, for the same volume percent of nanotubes, the distance, d, between 1
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Fig. 25. Change in the distance between nanotubes surfaces, d, as a function of change

in nanotube volume percent for two different nanotube diameters in an ideal

case study.

nm diameter nanotubes is smaller compared to 10 nm diameter nanotubes. Thus, for

the same volume percent of nanotubes in a nanocomposite, the distance between nan-

otubes’ surfaces increases with increasing nanotube diameter. So these observations

indicates a possibility for easier electron hopping in case of epoxy/SW nanocompos-

ites due to smaller diameter nanotube bundles and thus lower separation between

nanotubes, resulting in the lower percolation threshold compared to the epoxy/XD

nanocomposites.

Fig. 25 represents ideal condition for aligned, homogeneously distributed and

well dispersed carbon nanotubes. From Fig. 25, the separation distance between SW-

CNTs is about 18 nm for 1 vol% of SW-CNTs, and for 10 vol% CNTs, the separation

distance is about 4 nm. The real nanocomposites have randomly oriented bundles
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of nanotubes. Also, the local volume fraction can be significantly higher than the

global volume fraction of nanotubes due to bundling of nanotubes, in which case the

distance between SW-CNTs can be shorter than 18 nm (from Fig. 25). However,

the exact distance required for electron hopping is not known, but, it is known that

electron hopping is one of the mechanisms for increasing electrical conductivity in

the nanocomposite specimens, and present argument shows the effect of nanotube

diameter on the distances required for electron hopping. In case of XD-CNTs, the

separation distances are much greater, as seen from Fig. 25, which indicates bleak

possibility for electron hopping mechanism. However, XD-CNTs also contain some

proportion of SW-CNTs and thus introducing a possibility for electron hopping mech-

anism. This will help in reducing the percolation threshold for XD-CNTs reinforced

nanocomposites. This provides a possible explanation for small difference in the per-

colation thresholds between SW-CNTs and XD-CNTs reinforced nanocomposites, as

observed from the experimental results in the present study.

Seidel et al. [36] reported the formation of conductive networks as the principle

cause for the large increase in effective conductivity for MW-CNTs, while both the

formation of conductive networks and electron hopping lead to a large increase in

conductivity at very low SW-CNT concentrations. The percolation threshold was

reported to be lower for SW-CNT as compared to MW-CNT. The present experi-

mental results for percolation threshold validates the modeling results from Seidel et

al. [36]. However, due to the presence of SW-CNTs in the mixture of XD-CNTs,

the difference in the percolation thresholds between SW-CNT and XD-CNT is not

large as compared to modeling results. As seen from TOM micrographs in Fig. 22 and

SEM micrographs in Fig. 23, the conductive network formation with increasing weight

fraction of CNTs is more prominent (dense network) in the case of XD-CNTs, as com-

pared to SW-CNTs, due to XD-CNT agglomeration. The dense network of nanotubes
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brings more nanotubes in direct physical contact, which could be a positive attribute

for post percolation electrical conductivity. This can be interpreted qualitatively, as

the main reason for the larger increase in post percolation electrical conductivity for

XD-CNTs, by about two orders of magnitude for 0.03 wt% XD-CNTs, as compared

to one order of magnitude increase for 0.03 wt% SW-CNTs.

b. Effect of Agglomeration of Nanotubes on Electrical Percolation

In case of the MW-CNTs, multiple graphene layers are separated by 0.34 nm with

van der Waals interaction between the layers, in addition to the interaction with

other surrounding entities. The number of carbon atoms per unit length is more for

a MW-CNT as compared to a SW-CNT.

Considering an isolated MW-CNT and a SW-CNT, each carbon atom on a MW-

CNT has more number of carbon atoms to interact with surrounding species, i.e.

MW-CNTs or SW-CNTs or other carbon impurities, as compared to an atom on a

SWCNT. This leads to higher van der Waals interaction forces between MW-CNT

and surrounding species, i.e. MW-CNTs or SW-CNTs or other carbon impurities.

Hence MW-CNTs have a tendency to form bigger agglomerates and as in case of

XD-CNTs (which is a cocktail of MWCNTs, SWCNTs, and other impurities), the

same phenomenon is observed, as can be seen from the Figure 5.

The effect of interaction forces (van der Waals forces) between nanotubes on the

percolation threshold has been studied by Grujicic et al. [98] through analytical and

numerical modeling. They reported that the interaction between nanotubes due to

van der Waals forces increased the percolation threshold as compared to nanotubes

without interaction forces. Also it was seen from their numerical model that the

nanotubes tended to agglomerate in an attempt to align themselves when interac-

tion forces were introduced between the nanotubes (Fig. 4 in [98]). The analytical
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percolation model predicted similar behavior of increased percolation threshold by in-

troduction of interaction forces between nanotubes. The predictions of the model are

in good agreement with our experimental observation of higher percolation threshold

for epoxy/XD nanocomposites and agglomeration of XD nanotubes.

In addition to higher van der Waals forces between MW-CNTs, the tunneling

resistance, as shown by Li et al. [22] for higher diameter nanotubes is lower and

the cutoff thickness for tunneling distance is shown to be 1.8 nm. Therefore, MW-

CNTs with 0.34 nm distance between inner layers would have comparatively greater

electron tunneling as compared to SW-CNTs, thus leading to higher post percolation

conductivity for the nanocomposites. Before percolation, formation of conducting

network will govern the percolation threshold value. The XD-CNTs form bigger

agglomerates resulting in inhomogeneous distribution through out the specimen and

poor physical contact during network formation as compared to corresponding weight

fraction of SW-CNTs (as seen from SEM and TOM images). Hence SW-CNTs are

expected to percolate earlier; however, post percolation conductivity of XD-CNTs is

expected to be higher as seen from our results.

c. Comparison with Theoretical Percolation Threshold Using Power Law Model:

The theoretical percolation threshold in composite materials has been given by the

following power law model [98, 99]:

σ = A(V − V c)t ................ (1)

Where σ is the electrical conductivity, V is the filler volume fraction, Vc is the critical

volume fraction (volume fraction at percolation) and A and t are percolation param-

eters. The filler volume fraction, V, is selected for the conductive nanocomposites
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and the critical volume fraction, Vc, is varied such as to obtain best power law fit.

The volume fractions in Eq. (1) are replaced with weight fractions used in the ex-

perimental study. Since the matrix and the nanotube densities are about the same,

the volume fractions and the weight fractions would be almost same. The value for

t has been reported from 1.30 to 3.10 as per Ounaies et al. [99] and from 0.87 to

1.79 as per Grujicic et al. [98]. The value of A should ideally converge to the elec-

trical conductivity of the nanotubes [98]. However, the value of A is usually found

to be much lower than the theoretical electrical conductivity of nanotubes (∼ 1000

S/cm [36]). One of the reasons for lower value for A is due to the presence of con-

tact resistance within the conductive path, i.e. and between two adjacent nanotubes,

which decreases the effective conductivity of the nanotubes. At low weight percents

of nanotubes, a physical contact between nanotubes, which is required to form paths

between conductive inclusions in direct contact, is absent. Thus, the value of A is

found to be much lower than expected. Power law fitting of the log σ vs log (V-Vc)

yielded best fit for 0.0225 wt% of XD-CNTs with fitting parameters, A and t, being

7.0E-04 and 1.02 respectively. Ounaies et al. [99] reported values for A of 6.7E-04

and t of 1.38 for their nanocomposites (percolation at 0.5 wt%).

Grujicic et al. [98] presented percolation results for interacting versus non-

interacting nanotubes through analytical and numerical modeling. The interaction

was considered by the presence of van der Waals forces between the nanotubes. The

value of t was reported to be 0.87 and 1.17 for non-interacting and interacting nan-

otubes respectively. The corresponding value of A was 1.6E-06 for non-interacting

nanotubes and 2E-05 for interacting nanotubes. It seems that the value of fitting

parameters, t and A, increases with increasing interaction of nanotubes. The vari-

ations in reported A and t values in literature are expected to be due to different

processing methods, dispersion state of nanotubes, bundle sizes and interaction be-
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tween nanotubes and with impurities. It is estimated by the power law model that

the percolation for epoxy/XD nanocomposites occurs around 0.0225 wt%. So the

theoretical predictions from the power law model are in good agreement with our

experimental results.

The theoretical results for SW-CNTs also showed good agreement with the ex-

perimental results. Power law fitting yielded A of 2.6E-03 and t of 2.04 for Vc of 0.016

wt% SW-CNTs. This seemed to be the best fit possible after consideration of a lot

of various critical weight fractions. The increased value of A indicates better physical

contacts in the formation of conductive network, yielding higher effective conductivity

of SW-CNTs as compared to XD-CNTs. An increase in the value of t may represent

better interaction between SW-CNTs at low volume fractions as compared to XD-

CNTs. The theoretical prediction of percolation threshold for SW-CNTs is in good

agreement with experimental observation of percolation threshold, i.e. and close to

0.015 wt%, for epoxy/SW nanocomposites.

4. Summary

Several processing parameters were studied in this chapter for getting good quality

nanocomposites. Processing methods were developed for preparing nanocomposites

containing varying weight fractions of SW-CNTs, functionalized SW-CNTs and XD-

CNTs, whose mechanical and electrical properties have been investigated in this work.

The results are presented with respect to the variation of the microstructure as ob-

served from transmission optical microscopy and scanning and transmission electron

microscopy. The mechanical property improvement was not found to be as signifi-

cant as the electrical properties. The dispersion of SWCNTs improved as a result of

functionalization. The modulus values improved by 2% for Silane functionalization,

10% for pristine nanotubes and 12% for fluorinated nanotubes. The modulus also
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increased with increasing nanotube content, for example, the increment for pristine

nanotubes was 6% by adding 0.5% nanotubes and 12% increment by adding 1% nan-

otubes. However, the glass transition temperature decreased by adding SWCNTs.

The fractographic analysis qualitatively indicates an improvement in toughness of

the composite materials by adding SWCNTs. Further characterization to quantify

the fracture toughness and study the load transfer through the interface needs to be

done on these material systems.

Electrical percolation threshold for epoxy/SW nanocomposites (0.015 wt%) is

found to be lower than the percolation threshold for epoxy/XD nanocomposites

(0.0225 wt%). The increase in electrical conductivity after percolation is found to

be higher for XD-CNTs by an order of magnitude as compared to SW-CNTs at 0.03

wt% of nanotubes. The major enhancement of the electrical conductivity is achieved

without compromising the storage modulus with the addition of either SW- or XD-

CNTs. One of the important outcome of this work is that a significant improvement

in the electrical conductivity has been achieved for both epoxy/SW and epoxy/XD

nanocomposites as compared with neat epoxy by about seven to eight orders of mag-

nitude at percolation and about eight to ten orders of magnitude post percolation.

The improvement for epoxy/XD nanocomposites comes at a much lower cost than

epoxy/SW nanocomposites, even after considering additional weight fraction of XD-

CNTs due to the differences in the percolation threshold. It would be interesting to

investigate if this improvement in matrix electrical conductivity could be transferred

at the composite laminate scale.

The investigation of structure-property relationships in nanocomposites also lead

to another important finding of several toughening mechanisms with different types

of nanotubes. The presence of these toughening mechanisms indicate a possibility

of transferring these mechanisms to the composite laminate scale. Investigations
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regarding this concept of transferring nanocomposite toughness and multifunctional

properties to the laminate scale has been pursued in the next couple of chapters.
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CHAPTER IV

MULTI-SCALE WOVEN COMPOSITE LAMINATES

Polymer matrix composite laminates have the benefit of light weight, good mechanical

properties and ability to be molded into complex shapes. Susceptibility to delamina-

tion is one of the major weaknesses of many advanced laminated composite structures.

The information about composite materials’ resistance to delamination is useful for

product development, material selection as well as damage tolerance analysis of com-

posite structures. The delamination properties like interlaminar shear strength and

interlaminar fracture toughness are important properties to be investigated. It is

necessary to develop new material systems that meet the demanding requirements of

aerospace industry without adding weight penalties. There have been several efforts

in improving the delamination behavior by modifying the fiber-matrix interface in

the past [100–104]. There are several recent efforts directed towards similar problem

[64, 105–108]. The objective of the present study is to explore the delamination be-

havior of conventional carbon fiber composites modified by addition of small quantity

of nanoparticles without compromising the processing characteristics.

Carbon nanotubes being one of the most promising class of new nanoparticles,

they have the benefits of excellent mechanical properties [3, 109] such as Young’s

modulus of around 1 TPa and tensile strength of around 200 GPa with small diameter

( 1nm) and high aspect ratio (10000-for pristine nanotubes). A number of research

groups are assessing the possible applications of carbon nanotubes in conventional

composites for structural applications or multi-functional applications [18, 64, 105,

106, 108]. Modeling and experiments have shown improvements in the mechanical

properties of the SWCNT reinforced composites [78, 82, 84]. To maximize the inherent

properties of nanotubes, dispersion and reinforcement of SWCNTs in polymer matrix
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is one of the major issues of interest as seen from previous chapters. The need

of SWCNTs at a particular location is governed by the stress concentrations due to

applied load or boundary conditions depending on sample geometry and weak material

interfaces. Thus the concept of selective placement of nanotubes is introduced to

strengthen the material at locations of stress concentrations and weak interfaces.

In the present work, novel composites are fabricated with selective placement

of nanotubes in the laminate mid-plane to improve delamination resistance of woven

composites. The interlaminar properties for these composites are investigated using

short beam shear tests under three point bending [110–117] and double cantilever

beam tests. The fracture mechanisms at the delamination plane are investigated

using detailed scanning electron microscopy.

A. Experimental Procedure

1. Materials

The purified single wall carbon nanotubes (SWCNTs) were obtained from Rice Uni-

versity, and were made by the high pressure carbon monoxide synthesis process

(HiPCO). The supplied material consisted of micron-scale aggregates with individual

SWCNT diameters reported to be 1.0 to 1.4 nm. Functionalized nanotubes were

prepared through a three-step chemical treatment. The carbon nanotubes were first

fluorinated in a Monel flow reactor at 150oC for 12 hours following the procedure de-

veloped at Rice University [85]. Hydroxylated nanotubes were then prepared through

reaction of the fluoronanotubes with lithium hydroxide treated ethyleneglycol [5].

Finally, the organosilane N-(2-aminoethyl)-3-aminopropyltrimethoxysilane obtained

from Aldrich Inc. and was used to produce silane functionalized nanotubes. This

procedure has been demonstrated in previous work to successfully functionalize nan-
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Fig. 26. Schematic representation of ply lay-up and actual VARTM process.

otubes with organosilanes [85]. For spraying the nanotubes onto the carbon fabric

plies, a solution was prepared using 0.1 wt % purified pristine nanotubes in ethanol,

and another solution was prepared using 0.1 wt % silane functionalized nanotubes

in ethanol. The 0.1 wt % represents weight fraction with respect to weight of an

individual ply of woven carbon fibers. The total weight fraction of carbon nanotubes

amounts to be 0.01 wt% of the total weight of all plies.

The epoxy resin used was diglycidyl ether of bisphenol-F (DGEBF epoxy) EPON

862 (now called EPIKOTE 862), and was obtained from Resolution Performance

Products along with aliphatic amine curing agent EPICURE 9553. This matrix sys-

tem was selected because of desirable features such as low viscosity, good mechanical

and chemical properties. The low viscosity makes this epoxy suitable for VARTM

process and therefore eliminates the use of viscosity reducers and reactive diluents

from the epoxy formulation. Thus, the physical and chemical resistance properties

of the matrix were not compromised in pursuit of amenable processing viscosities.

The woven carbon fabric used in the composite was an eight-harness satin weave (8

H.S.) of T300 carbon fibers produced by Textile Technologies Incorporation. NASA

Langley Research Center (LaRC) provided the woven fabric in the form of a roll of
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12 inches (30.5 cm) wide and about 40 feet ( 1220 cm) long. The 8 H.S. configuration

of the fabric consists of woven tows such that a single longitudinal tow passes over

seven transverse tows and under one transverse tow.

The VARTM process was used to fabricate laminate plates using the mold set-

up as shown in Fig. 26, and detailed information about the VARTM processing and

the nanotube spraying method has been provided in reference [64]. The complete

VARTM set-up including all components apart from the mold is shown in Fig. 27.

Each panel contained ten layers of carbon fabric plies and carbon nanotubes were

sprayed at the mid-plane of the laminate (i.e. between ply number 5 and 6). The ply

stacking was kept symmetric about the mid-plane as shown in Fig. 26. A PTFE film

insert of size about 3 inches wide (7.62 cm) and 8 inches long (20.32 cm) was placed at

the mid-plane of the fiber stack as the delamination starter material. Three different

panels were processed as described in Table VI, each of dimensions approximately

8 inches (20.32 cm) wide, 6 inches (15.24 cm) in length and about 0.16 inch (0.40

cm) in depth after removing the rough edges from four sides. The measurements

were performed with an accuracy of ± 0.1 mm (0.004 inch) in width and ± 0.01 mm

(0.0004 inch) in thickness. The nomenclature for the DCB test specimens consisted of

the panel number preceded by the specimen number, e.g. 5P2 indicates 5th specimen

of the 2nd panel. The numbering of specimens from 1 to 6 indicates cutting direction

from left to right in the panel i.e. specimen 1 and 6 forming the edge specimens.

2. Processing Method

The pristine nanotubes were provided in the form of aggregates. Several different

techniques have been suggested for dispersing the nanotubes. Nanotubes were chemi-

cally functionalized using Silane (3-glycidoxypropyl trimethoxysilane) and it has been

described in detail by elsewhere [26]. The pristine as well as silane nanotubes were
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Table VI. Composite panels prepared by the VARTM technique and their nomencla-

ture

Panel Number Mid-plane Modification Specimens (6 each)

P1 No nanotubes, solvent evaporated 1P1 to 6P1

P2 0.01 wt.% pristine nanotubes 1P2 to 6P2

P3 0.01 wt.% silane functionalized nanotubes 1P3 to 6P3

Fig. 27. Components involved in VARTM process.

mixed separately with ethanol solvent. The solutions were subjected to ultrasonica-

tion for about an hour using a 40 kHz bath sonicator to enhance dispersion. Each

solution was then sprayed on the carbon fabric ply on one side only. Likewise, two

plies were prepared for each solution and dried overnight. Two plies were sprayed

with just ethanol to be incorporated into the baseline (no nanotubes) composite. The

weight percent of SWCNTs was 0.1% of the weight of a single ply of woven carbon

fabric. The solvent is evaporated during the drying process and the nanotubes form a

thin layer over the carbon fiber mat. Ten layers of carbon fabric layers were stacked in
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a symmetric and balanced lay-up to create a single laminate that includes two layers

in the mid-plane sprayed with either the nanotubes-ethanol solution or just ethanol.

The SWCNTs were introduced between ply number 5 and 6 of the 10 ply stacking

with sides containing nanotubes facing each other. In the VARTM process, vacuum

was created inside the sealed vacuum bag containing the stacked plies. The resin was

injected through the spiral wrap tube and resin flowed through the stack of woven

carbon fabric lay-up as a result of pressure gradient. The fabric infiltration time

is a function of the resin viscosity, the fabric permeability and the applied pressure

gradient. The resin flowed out through the vacuum outlet and into the resin trap.

The stacking sequence and basic set-up of the mold prepared for VARTM process is

shown in Fig. 26.

The laminate was allowed to cure under vacuum pressure for about 15 hours

at room temperature. It was then subjected to heating for an hour at 120oC after

removing from the VARTM setup and placing in an oven. Laminates of 6”x 6” size

were obtained at the end of the above procedure with thickness of approximately

3.5 mm. The fiber weight fraction of composite without nanotubes, with pristine

nanotubes and with silane functionalized nanotubes was 64.77%, 64.34% and 64.35%

respectively. The main focus of this research is to study the interaction of SWCNT

with epoxy resin and carbon fabric at the interface and improve critical mechanical

properties such as interlaminar fracture toughness and interlaminar shear response.

3. Characterization Methods

a. Specimen Preparation

The specimens were cut according to ASTM-5528 standards with length of 6 inches

(15.24 cm) and width of 1 inch (2.54 cm) with an accuracy of ±0.1 mm. The upper
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and lower specimen surfaces were roughened using grinding paper where the piano

hinges were to be bonded. The surfaces of the piano hinges were sand blasted to

prepare rough surfaces for better bonding, and then the surface was cleaned with

acetone to remove any contamination. The specimens were dried for four days at

60oC in a Thermolyne Oven (Series 9000) to remove moisture absorbed during the

cutting process. Two-part epoxy adhesive was used to bond the piano hinges, and the

specimens were placed in an oven for two hours at 60oC to cure the epoxy adhesive.

The specimen edges were sprayed with white paint, and a scale with 1 mm resolution

was placed on one of the edges of each specimen for monitoring crack propagation,

as shown in Fig. 28(a). The specimens were stored in a dessicator before testing to

protect them from humid conditions and also after testing to preserve the fracture

surfaces for microscopic investigation.

b. Short Beam Shear Test

There is no exact method available for determination of interlaminar shear strength;

however, approximate values can be obtained by various tests. The short beam shear

(SBS) test is one of such most commonly used methods. The SBS test is a simple test

and is attractive as a materials screening test and as a measure of quality control.

The sample preparation is easier and the test is much easier and faster to perform.

For this study, the SBS test as defined by ASTM D 2344 - 00 was used. As per the

ASTM standards, the short beam strength obtained by this method can be used for

quality control and process specification purposes. It can also be used for comparative

testing of composite materials, provided that failures occur consistently in the same

mode. The specimen dimensions were selected as per standards with length equal to 6

times the thickness and width equal to twice the thickness. A total of 8 samples were

tested for each type of composite panel, even though, ASTM standards [118] require
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only 5 samples. The tests were performed on a MTS axial load frame. A 2000 lb load

cell was used and the rate of loading was 1.0 mm/min. The load was applied until

fracture occurred and the fracture load was used in the calculation of the apparent

shear strength of the material. The test was stopped when load dropped by about

30% or head travel exceeded the specimen nominal thickness. The short beam shear

strength is calculated using eq.4.1 ,

Fsbs =
3Pm

4bh
(4.1)

where Fsbs is the estimate of the shear strength; Pm is the maximum cross-head load

during the test; b is the specimen width; and h is the specimen thickness or depth.

The above formula is derived assuming Euler-Bernoulli beam theory, which is only

approximately correct for a short beam and for the three point bending loading con-

ditions. According to the beam analysis results, the shear stress varies parabolically

through the thickness with maximum value reaching at the center plane. However,

due to bending there is also a normal component of stress, which is maximum at the

top and bottom of the specimen cross-section, and which might play a role in final

failure, especially if there is compressive failure due to fiber microbuckling or kinking.

In most cases, because of the complexity of internal stresses and the variety of

failure modes that can occur in this specimen, it is not generally possible to relate

the short beam strength to a material property. However, the failures are dominated

by resin and interlaminar properties, and the test results have been found to be

repeatable for a given specimen geometry, material system and stacking sequence

[118]. The woven configurations of fibers make the stress state more complex to

analyze. Thus the method used here allows for a quantitative comparison of the

short beam strengths of composites with and without nanotubes.
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(a) (b)

Fig. 28. Double cantilever beam test. 28(a) Specimen specifications 28(b) Test Set-up.

c. Double Cantilever Beam Test

The ASTM D-5528 standard was followed for performing the DCB tests at room

temperature using a servo-hydraulic test frame (MTS 858 table top system) as shown

in Fig. 28(b). A 50 lbf (222.50 N) load cell with ± 0.05 N resolution (interface

model 1500 ASK-50) was used for force measurement. Parameters P , δ , and a

represent force, applied displacement, and delamination length, respectively. Crack

propagation was monitored on a video screen connected to a video camera set at

magnification of about 20X and focused on the crack tip at all times as the crack

progressed. The test was conducted under displacement control at a displacement

rate of 1.27 mm/min. Crack extension was recorded every millimeter of crack growth

for stable crack growths, and crack propagations corresponding to start and end values

of unstable crack growths were noted. The crack was allowed to propagate through a

distance of at least 40 mm, after which the specimen was unloaded at a rate of 2.54

mm/min. The same procedure was repeated for the six specimens from each panel.
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d. Data Reduction Method

Three data reduction methods (i.e. and the modified beam theory (MBT), the com-

pliance calibration (CC) and the modified compliance calibration (MCC) [86]), were

utilized to calculate the GI values i.e. strain energy release rates. A comparison of

the results is shown in Fig. 29(b) for a sample specimen using the three different

techniques of data reduction, as per the ASTM standards. Fig. 29(b) shows almost

overlapping R-curves from all three methods. Further comparison of the results for

different specimens has been presented using only the modified beam theory.

Modified Beam Theory

In the modified beam theory method, each arm of the DCB specimen is considered

to be a cantilever beam of length equal to the delamination length ’a’. The GI value

calculated by Euler-Bernoulli beam theory is overestimated in the absence of perfectly

clamped delamination front as shown by Hashemi et al. [119]. Thus to correct for this

non-perfect clamping effect, Hashemi et al. suggested a slightly longer delamination

length, a+∆, where ∆ is determined from the plot of the cube root of compliance,

C1/3, versus delamination length, ’a’ as shown in Fig. 29(a). The compliance, C, is

the ratio of load point displacement to the applied load, i.e. C = δ/P. The strain

energy release rate is calculated by using eq. 4.2 as follows

GI =
3Pδ

2b(a + ∆)
(4.2)

where, P is the applied load for crack growth, δ is the corresponding load point

displacement, ’a’ is the corresponding delamination length (or initial crack length),

b is the specimen width, and GI is the strain energy release rate (GIc is the critical

value known as mode-I interlaminar fracture toughness and it is considered to be a

material property of the particular composite). The analysis method required the
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(a) (b)

Fig. 29. Data reduction method. 29(a) Method to find the correction factor, ∆, x-in-

tercept value obtained by extending the straight line through the data points.

29(b) Comparison of R- Curves from three data reduction techniques (compli-

ance calibration, modified beam theory and modified compliance calibration)

for one representative specimen 1P2.

measurement of only three parameters i.e. P, delta and ’a’ during the test, and δ was

obtained using the method suggested by Hashemi et al. [119], as shown in Fig. 29(a).

e. Scanning Electron Microscopy

A Hitachi S-3700N scanning electron microscope was used for studying the delam-

inated fracture surfaces of the DCB specimens, and imaging was performed using

Oxford Instruments INCAx-Sight Model 7962. The specimens were split open after

completion of the DCB test and the mid-planes were coated with a 2 nm thick plat-

inum layer to reduce the charging effect of the specimen surface under the electron

beam. The specimens were imaged at different locations along the crack length as

shown in Fig. 30, to maintain consistency in comparison for specimens from different
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Fig. 30. SEM locations along crack length for consistency of comparison between spec-

imens from different panels. [Not drawn to scale. Actual specimen length 16

cm and width 2.5 cm]

panels.

B. Results and Discussion

1. Interlaminar Shear Strength

As demonstrated in the scanning and transmission electron microscopy images for

Fig. 31, the functionalization using silane results in good dispersion of the SWCNTs,

even though they are shorter in length. Park and Jin [120] and Zhu et al [121] showed

that silane coupling agent plays an important role in improving the mechanical in-

terfacial properties like short beam shear strength and fracture toughness for the

glass fiber composites. It is of interest to compare the influence of dispersion due to

silane functionalization on interlaminar shear strength of carbon fiber composites us-

ing short beam shear tests. The functionalized nanotubes and the pristine nanotubes

were dispersed into smaller aggregates using ultrasonication before spraying on to the

woven fabric lamina. Thus a coating of nanotubes is formed on one surface of the

lamina that is expected to influence the interlaminar property of that lamina when
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(a) (b)

Fig. 31. SEM micrographs showing dispersion of pristine and silane functionalized

nanotubes. 31(a) Pristine nanotubes, 31(b) Silane functionalized nanotubes.

strategically placed at predetermined position in the lay-up. In the present work, the

selective location was the mid-plane of the 10 ply laminate. Some of the composite

samples were fabricated with a Teflon film in the middle plane of the laminate to

form an initiation site for the delamination between midplane plies. These laminates

were subjected to an opening load so as to cause delamination in the mid-plane and

the resultant fracture surface was imaged using field emission SEM. The micrograph

in Fig. 32(a) shows fracture surface of a composite without nanotubes and it can be

seen that no matrix is remaining on the fibers indicating poor interface leading to

clean fiber-matrix debonding.

It is obvious from Fig. 32(b) that the pristine nanotubes are present on the fiber

surface in the form of a network of nanotube bundles. The image in Fig. 32(c) shows

the fracture surface of sample with silane functionalized nanotubes. In this image, the

nanotubes are not visible but fibers are covered with substantial amount of matrix

showing complex fracture pattern. This indicates the possibility of enhanced fiber-

matrix interface due to the presence of functionalized nanotubes. As a consequence
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(a) (b)

(c)

Fig. 32. SEM images of fracture surfaces of SBS test specimens. 32(a) Opened mid–

plane of specimen without nanotubes. 32(b) Opened mid-plane of speci-

men with pristine nanotubes showing entangled network of nanotubes.32(c)

Opened mid-plane of specimen with silane functionalized nanotubes showing

matrix flakes.
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the crack propagated through the matrix instead of the interface. Results from the

SBS test are shown in Fig. 33. The specimens E1 to E6 in Fig. 33(a) represents

the composite without nanotubes (base material), specimens P1 to P6 in Fig. 33(b)

represents the composite with pristine SWCNTs and specimens S1 to S6 in Fig. 33(c)

represents the composite with silane functionalized SWCNTs respectively. The x-axis

represents the displacement of the cross-head and y-axis represents the load measured

in Newtons. The rate of crosshead movement was 1 mm/min as per the ASTM

standards. The initial portion of the loading curve in all figures represents an artifact

caused by the take-up of slack and alignment or seating of the specimen. A linear curve

follows after the artifact representing a linear increase in load till damage initiates

represented by yield like curve. Then the loading curve suddenly drops significantly

after the load has passed through a maximum, representing delamination as a result

of discrete shear [111]. The small plateau following delamination indicates reloading

of sample, however, the test was stopped and the sample was unloaded at this point

as per the ASTM standards because the load drops below 30% of the maximum load.

The failure modes of all composite samples are seen to be almost identical indi-

cating similar failure mechanisms. It is seen from the load-displacement curves that

there is big difference in maximum load required for delamination for some speci-

mens. However, it did not result in large differences in ILSS as shown by error bars in

Fig. 34. This was due to difference in specimen sizes (b,h) that resulted in difference

in load required for delamination. Daniels et al (1971) [111] studied about different

failure mechanisms in the SBS test and classified the distinct failure modes from the

load-deflection diagram.

Discrete shear failures were characterized by a single crack that may be flat, ir-

regular or perhaps only at the side of the specimen corresponding to brittle behavior

and showing sudden load drop similar to that seen in all of our specimens. It was
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(a) (b)

(c)

Fig. 33. Load-displacement curves showing different failure modes in SBS test spec-

imens. 33(a) Failure modes in composite without nanotubes. 33(b) Failure

modes in composite with pristine nanotubes. 33(c) Failure modes in compos-

ite with silane functionalized nanotubes.
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Fig. 34. Interlaminar shear strength for different composites as found from short beam

shear tests.

also mentioned in the study that the compressive stress on the top surface under

the loading nose could cause failure of the beam, presumably with an abrupt force

drop. Therefore, the load-deflection diagrams in Fig. 33 indicate the possibility of

failure due to discrete shear or compression or a combination of both. This obser-

vation from load-deflection curves is confirmed from the optical microscopy images

in Fig. 35(a),36(a) and 37(a) as discussed later in this section. The white arrows

in those figures represent compressive failure below the loading nose and the black

arrows represent delamination due to discrete shear failure. Thus, the load-deflection

curves imply that the results for the different composites can be compared due to sim-

ilarity of failure modes. Fig. 34 below gives the comparison in short beam strengths

for the different tested composites. The SBS strength is evaluated from eq.4.1. As

illustrated from the results in Fig. 34, the interface modified with silane functionalized

nanotubes provides the maximum improvement in interlaminar shear strength. The

improvement was found to be about 4.4% over the baseline (no nanotubes) composite

and about 2.6% over pristine nanotubes modified lamina. The coefficient of variation

was 1.4% for the silane SWCNT samples. Comparatively, the improvement due to
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pristine nanotubes was just about 1.8% higher as compared to the baseline composite.

The coefficient of variation was 1.8% for the pristine SWCNT samples. Compara-

tively, the coefficient of variation for baseline samples was 3.6% respectively. The

variation is shown in the form of error bars in Fig. 34. The coefficient of variations

were comparable to those reported in literature [102, 103]. The numbers presented

above does not indicate any strong trend towards significant improvement in ILSS.

Recently, similar results i.e. about 5% improvement in shear strength was re-

ported by Qiu et al. [122] for multi-wall carbon nanotube integrated glass fiber/epoxy

composites. Dean et al. [123] reported about 10 to 15% decrease in ILSS for silicate

modified CFRP composites. Zhu et al reported 15% decrease in silane SWCNTs

loaded glass fiber-vinyl ester composites without extra initiator or post cure treat-

ment. An improvement of about 16% was reported by Wichmann et al. [67] for

nanotubes modified glass fiber/epoxy composites. Nanofibrous membranes were in-

corporated in glass/epoxy composites by Liu et al.[124] and mechanical performance

of laminates was found to be unaffected by using proper thickness of membranes.

Thus our experimental results on the ILSS of the multiscale laminates seem to be

consistent with the previous studies [67, 107, 121–123]. However, SBS test does not

seem to provide enough information to reach a conclusion and optical microscopy of

edges and scanning electron microscopy of delamination surfaces has be performed

for thoroughness of screening process for these novel composites.

2. Mechanisms of Shear: Optical and Scanning Electron Microscopy

Optical microscopy was performed on the edges of the laminate after testing. Fig. 35

shows representative micrographs for a composite specimen without any nanotubes.

The compressive failure under the loading nose is visible from Fig. 35(a) shown by

white arrow. The interlaminar failure (delamination) along with transverse crack in
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(a)

(b)

Fig. 35. Optical microscopy of SBS specimen without any nanotubes. 35(a) Edge of

the specimen showing all laminae and failure modes. Magnified mid-plane

shows transverse crack and delamination. 35(b) Close-up of delamination

plane shows prominent shearing mechanism.
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the mid-plane can be seen from Fig. 35(a) (black arrow). The magnified image of

interlaminar failure as shown in Fig. 35(b), illustrates that the transverse fibers are

sheared out of their cup like location in the matrix towards right side as shown inside

marked ovals. This indicates that indeed the interlaminar failure was due to shear

stresses. The micrographs in Fig. 36 provide images of a laminate edge with pristine

nanotubes dispersed in mid-plane. The compressive failure under the loading nose is

visible from Fig. 36(a) as shown by white arrow. The interlaminar failure (delamina-

tion) along with transverse crack in the mid-plane can be seen from Fig. 36(a)(black

arrow). The magnified image of interlaminar failure is shown in Fig. 36(b). It illus-

trates that the transverse crack ends at the interface and delamination starts from

that point (shown by black arrow). The longitudinal fibers show clean surface show-

ing complete delamination. Fig. 36(c) shows the scanning electron microscopy image

taken from one edge of the delaminated surface of this composite. It clearly shows

the presence of nanotubes on the fracture surface indicated by arrows. The tight

nanotubes shows bridging mechanism by nanotube ropes. Fig. 37 shows the optical

micrograph of an edge of a composite with silane functionalized nanotubes in the

mid-plane. The failure mode is consistent with the other tested samples as above

i.e. the compressive failure below the loading nose (white arrow) but fewer trans-

verse cracks and delamination (black arrow). One interesting comparison between

Fig. 35(a),36(a) and 37(a) shows that the amount of damage (number of cracks) vis-

ible in Fig. 37(a) is comparatively less. The close-up of the crack in the mid-plane

indicates that the crack is passing through the transverse plane away from the inter-

face. Thus, the results indicate the presence of significant amount of matrix on the

longitudinal fiber surface. This behavior was also observed in the SEM images after

opening the mid-plane of the laminate as shown in Fig. 32(c). The complex matrix

fracture surface is seen on the samples with silane functionalized nanotubes and the
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(a)

(b) (c)

Fig. 36. Optical and scanning electron microscopy of SBS specimen with pristine nan-

otubes. 36(a) Edge of the specimen showing all laminae and failure modes.

Magnified mid-plane shows transverse cracks and delaminations. 36(b)

Close-up image shows transverse crack leading to interlaminar failure.36(c)

SEM image of delamination plane shows bridging mechanism by nanotube

ropes.
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(a)

(b)

Fig. 37. Optical microscopy of SBS specimen with silane functionalized nanotubes.

37(a) Edge of the specimen showing all laminae and failure modes. Magnified

mid-plane shows a transverse crack. 37(b) Close-up image shows crack passing

through transverse plane avoiding delamination.
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nanotubes are not visible as in composite with pristine nanotubes.

The SEM images in Fig. 32(c), showing matrix bonded with carbon fabric and

the corresponding optical microscopy images in Fig. 37(b) showing the intact interface

and crack passing through transverse fiber plane indicate that the silane functionalized

nanotubes resulted in a better fiber-matrix interface. This can also be inferred from

the small increase in interlaminar shear strength for this sample. Similar understand-

ing can be seen from propositions made by several authors [67, 102, 103, 107, 121, 122].

Thus the use of functionalized nanotubes has clearly caused a change in the delam-

ination process as observed from optical micrographs and SEM images. It was also

observed that the number of cracks formed in specimen with functionalized nan-

otubes were comparatively less than observed on the edges of composites without

functionalized nanotubes. It indicates retardation of matrix crack onset and damage

accumulation in composites with functionalized nanotubes. Similar results have been

observed recently by Yokozeki et al. [107] for cup-stacked carbon nanotubes-CFRP

composites.

Although, shear is the dominant load in this test method, the internal stresses

are complex and a variety of failure modes can be seen. The effects of weave pattern

and constraints of adjacent layers are among few causes that are responsible for

complex stress states. Elasticity solutions by Berg et al. [110], Whitney [115, 116],

and Sullivan and Van Oene [114] have demonstrated inadequacies in classical beam

theory in defining the stress state in the short beam configuration. These solutions

show that the parabolic shear stress distribution as predicted by eq. 4.1 only occurs,

and then not exactly, on planes midway between the loading nose and support points.

Away from these planes, the stress distributions become skewed, with peak stresses

occurring near the loading nose and reaction/support noses. The stress state local to

loading nose is of particular importance in which the stress concentration combined
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with transverse and in-plane compressive stresses has been shown to initiate failure.

Thus SBS strength determined from this test cannot be just attributed to a pure shear

property. SBS test method by itself does not seem to be a good screening test showing

little difference in different composite specimens. However, optical microscopy and

SEM results showed enhanced fiber-matrix interface due to functionalized nanotubes

and indicated possibility of significant effect on interlaminar fracture toughness. Thus

SBS tests in conjunction with optical microscopy of edges and SEM for fractured

delamination surfaces can serve as a good materials screening method before moving

on to more complex testing methods.

3. Interlaminar Fracture Toughness

a. Force-Displacement Response

The comparison of the delamination initiation and the delamination propagation as

observed from the force-displacement curves is shown in Fig. 38(a) for representative

specimens taken from the same area of the laminate from three different panels. The

large unstable delamination growth behavior identified by a sudden drop in force

(more than 50% of the peak force) from point A to B, as shown in Fig. 38(a), was ob-

served only in the panel with functionalized nanotubes. The force drop results from

a delamination extension of about 30 mm (point A to B) as seen from Fig.38(b).

Usually, the unstable delamination growth behavior shows about 3 to 5 mm delam-

ination extension [88, 125] resulting in about 8 to 15% drop from the peak force.

The reasons for the large unstable delamination growth behavior in the specimens

with functionalized nanotubes have been discussed in Section 4.2. Fig. 39 shows the

force-displacement curves for six specimens from individual panels along with the

average force-displacement curve (shown by a dark curve) for that particular panel.
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(a) (b)

Fig. 38. Representative graphs for one specimen each from 3 panels: 6P1-No

nanotubes, 6P2-Pristine nanotubes, 6P3-Functionalized nanotubes. 38(a)

Force-displacement curves, 38(b) R-curves (resistance curves).

The initial response for all specimens was linear until the delamination initiation. The

linear response was followed by a combination of stable and unstable delamination

growths. The stable response was represented by a gradual decrease in force with

delamination growth. The unstable response has been characterized by sudden drop

in force with delamination growth. Fig. 39(a) shows gradual decrease in force with

increasing load-point displacement for all specimens from panel P1 (base laminate

with no nanotubes). The difference (33%) in slope of the linear region for specimen

6P1 is due to the difference in initial delamination length which was about 6 mm

shorter as compared to the average of the rest of the specimens. The slope of the

linear regions overlapped for all specimens from panel P2 (pristine nanotubes). Spec-

imen 5P2 seems to be an outlier as it is the only specimen showing large force drop

( 50%) out of total six specimens. From Fig. 39(c), the difference in the slope of the

linear region between specimens 1P3-2P3 and specimens 3P3 to 6P3 is largely due to
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the difference in initial delamination lengths. A difference of around 2.5 mm in initial

delamination lengths resulted in about 17% difference in slopes. If the displacement is

normalized with respect to initial delamination length (δ/(a0)
3) for the linear region

then the effect of ’a’ disappears from the linear slope. Large force drops ( 50% to

70%) were consistently observed in all specimens with functionalized nanotubes, as

shown in Fig. 39(c). As can be seen from Fig. 39(c) and Fig. 39(d), large unstable

delamination growth represented by force drops of about 30 to 40 N was the char-

acteristic behavior of the panel with functionalized nanotubes as observed from the

large force drops. The average drop in force is about 50% of the peak force as shown

in Fig. 39(d) for the specimen with functionalized nanotubes. The average initial

delamination length for the panel with functionalized nanotubes was 46 mm and for

the panel without nanotubes was 46.5 mm. A small difference of 0.5 mm in initial

delamination lengths resulted in about 12% difference in slopes of the linear region

of average force-displacement curve and about 5% difference in slopes if the displace-

ment is normalized with delamination length. The slope is also a function of the

cube of the arm thickness, along with other differences such as specimen width, arm

modulus, fiber volume fraction which can cause the difference in the initial slopes.

An increase of about 6% is found in the average delamination initiation force for the

panel with pristine SWCNTs over the panel without SWCNTs (with 2% coefficient

of variation). The increase in case of the panel with functionalized SWCNTs is about

14% over the panel without any nanotubes, having about 5% coefficient of varia-

tion. The coefficients of variations are very small compared to values in the literature

[66, 75, 81, 88, 126, 127][16, 25, 31, 47-49] (about 10 to 15%) indicating consistency

in the processing technique and repeatability of the testing method.

The area under the force-displacement curve represents energy absorbed during

the overall delamination growth. Fig. 39(d) represents comparison of the average of
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(a) (b)

(c) (d)

Fig. 39. Force-Displacement curves for all panels. 39(a) P1: No-SWCNT, 39(b)

P2:Pristine SWCNT, 39(c) P3: Functionalized SWCNT, 39(d) Average

curves.
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(a) (b)

(c) (d)

Fig. 40. Crack propagation mechanisms. 40(a) Crack initiation in front of crack tip,

40(b) Cracks in two planes, 40(c) Transverse yarn bridging, 40(d) Fiber bridg-

ing.

the force-displacement behavior for all panels. The area under the curve for panel with

functionalized nanotubes is the lowest followed by panel with pristine nanotubes and

panel without nanotubes showed comparatively largest area under the curve. This

observation is consistent with the R-curve behavior discussed later in this section,

which shows lowest propagation GIc for panel with F-SWCNTs followed by panel

with P-SWCNTs and highest propagation GIc for panel without nanotubes. The de-

lamination initiation is followed by a small sudden drop in force for all specimens. The

delamination growth was visually observed at this point from the edge of the specimen

thus releasing the stored energy to create new fracture surfaces. For all specimens, the

initial small force drop or variation from linearity (i.e. change in slope) was followed

by an increase in force till a peak. The increase in force corresponds to the presence
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of fiber bridging, yarn bridging, ply bridging or a combination of these mechanisms

as observed in Fig. 40. Similar characteristics were observed in woven composites

by Paris et al. [88], Alif et al. [125] and Martin [128] and is termed ’ratchetting’

by Martin [128]. The ratchetting of the force-displacement curve represented stick-

slip propagation of the crack. The slip portion on the force-displacement response

represents the delamination growth until the delamination comes to an arrest. This

stick portion of the force-displacement response corresponded to fiber/yarn bridging

mechanisms observed from the edge of the specimen. Sometimes an additional delam-

ination appeared in the front of the existing delamination, tip as shown in Fig. 40(a),

and grew backward around the transverse yarn. On other occasions, delamination

appears to be on an adjacent plane as shown in Fig. 40(b). Similar observations

were made by O’Brien et al. [88] and Alif et al. [125]. The stick portion was fol-

lowed by a slip portion on the force-displacement curve represented by sudden drop

in force (unstable crack growth). The slip portion of the force-displacement curve

corresponded to the breakage/pullout of the bridging fibers or tows in the delamina-

tion plane (Fig. 40(d)) or debonding of the transverse yarns as shown in Fig. 40(c).

Such features from Fig. 40 represent some of the mechanisms of energy dissipation.

The images from Fig. 40 are taken from representative specimens from all panels and

such features were common in specimens from all panels irrespective of its consti-

tution i.e. irrespective of the presence or absence of nanotubes. The delamination

extensions corresponding to slip portion were about 2 to 7 mm for the panel without

nanotubes (Fig. 41) and the panel with pristine nanotubes (Fig. 42), which is quite

similar to that observed in woven composites [88]. However, large slip behavior with

corresponding delamination extension from 20 to 30 mm was observed in specimens

from the panel with functionalized nanotubes (Fig. 43).

It is important to point out that all three panels (P1, P2, and P3) from a single
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batch were processed together at the same time under exactly same processing condi-

tions in the same VARTM set-up. Similar processing conditions were also maintained

for the second batch of all three panels. The large stick-slip behavior (20-30 mm crack

growth) was observed in most of the specimens from the panel with functionalized

nanotubes, and from that panel only. Hence, it is indicated that this behavior has

some relationship with functionalization of the nanotubes, and not with the process-

ing conditions, since they were maintained consistently for all panels. It is discussed

further in the section with respect to the observed delamination fracture surfaces by

using SEM fractography.

b. Strain Energy Release Rate Measurements

The delamination extensions were noted from a marked scale on the edge, with 1 mm

markings during various increments of stable delamination growth. In cases where

growth was unstable, the delamination length corresponding to the beginning and

end of the unstable period were recorded.

R- Curves for all tested specimens are shown in Fig. 41 to Fig. 43. These curves

show the change in the strain energy release rate of the specimen as the initial de-

lamination starts growing from the end of a PTFE insert and propagates through the

specimen. A non-linearity criterion is used to calculate the initiation values for the

critical strain energy release rates which are considered as the interlaminar fracture

toughness values for different laminates. According to the non-linearity criterion [88],

force and displacement values corresponding to first deviation from linearity on the

force-displacement curve is considered as the critical values for initiation of delami-

nation growth. The average values of initiation GIc for six specimens from each panel

are presented in Table VII. The results show a 6% increase in average initiation GIc

for the panel with pristine nanotubes over the panel without any nanotubes. This
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Table VII. Average GIc at delamination initiation for woven CFRP composites

Panel Number GIc Initiation (J/m2) CoV (%)

P1: No SWCNT 230.5 8

P2: Pristine SWCNT 245 5 5

P3: Functionalized SWCNT 231.8 9

difference lies just beyond the coefficient of variation of initiation values of GIc for the

specimens with pristine nanotubes. This suggests some statistical significance to the

observed increase in initiation GIc of the specimens containing pristine nanotubes.

The corresponding increase in average initiation GIc for the panel with functionalized

nanotubes is negligible over the panel without any nanotubes with about 8% coeffi-

cient of variation which is still lower than the reported coefficient of variation (around

14%) in literature by Martin [128], Choi et al. [61] and Paris et al. [88].

R-curves for all specimens from the panel without nanotubes are shown in Fig. 41.

It shows that the GIc increases for about 7 to 10 mm of delamination growth, after

which it plateaus and the delamination continues with small stable and unstable

growths without significant increase or decrease in GIc values. Similar behavior was

also observed for the panel with pristine nanotubes as shown in Fig. 42. The initial

increase in the GIc before the plateau has been due to the fiber bridging mechanisms.

The small drop after the peak GIc was observed due to breaking of bridging fibers.

Fig. 43 shows that the GIc increases almost linearly until a sudden drop in GIc

with very large delamination extension. The delamination extension of about 20 to

30 mm was observed for five specimens out of total six specimens. For two speci-

mens, the GIc starts to increase again after large delamination extension. In other

specimens, the specimen length was not sufficient to be able to again notice the sta-
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Fig. 41. R-Curves for 6 specimens from panel without any nanotubes (P1).
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Fig. 42. R-Curves for 6 specimens from Panel 2 with pristine SWCNTs (P2).
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Fig. 43. R-Curves for 6 specimens from Panel 3 with functionalized SWCNTs (P3).
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ble delamination extension. Such peculiar behavior of large delamination extension

could be due to many reasons such as inhomogeneous distribution of nanotubes on

the plane of lamina, smaller aspect ratio of nanotubes, suppression of fiber bridging

mechanisms due to smaller length of nanotubes, etc. Tong et al. [129] presented nu-

merical results revealing that the nanotube’s length, density, and maximum pull-out

displacement as well as the interfacial friction shear stress are important parameters

affecting the delamination toughness. Especially the interlaminar fracture toughness

might reduce with shorter length nanotubes. The fiber bridging mechanisms would

also be suppressed due to shorter nanotube lengths. Smaller nanotubes also creates

a possibility for the nanotubes to escape from the mid-plane to the adjacent planes

of plies during the VARTM process resulting in poor distribution in the mid-plane

resulting in observed large unstable crack growths. The average R-curve behavior for

all specimens from three distinct panels is shown in Fig. 44. Values of GIc for every 2

mm of delamination extension were averaged for each panel and the average GIc data

points were plotted. Polynomial curve fitting was utilized to fit these data points to

get the average R-curve response for each panel.

The purpose of plotting average GIc values was to compare the general trend of

crack growth in different panels. It has been seen from Fig. 44 that initiation GIc

values for all the panels were very similar. However, propagation GIc values have

been found to be lower for the panel with pristine nanotubes compared to the base

laminate panel without nanotubes, and the plateau represented stable propagation

unlike the curve for the panel with functionalized nanotubes.

The large unstable crack propagation behavior has been observed by the absence

of a plateau in the propagation region for the panel with functionalized nanotubes,

as shown in the Fig. 44. The propagation GIc value was not possible to calculate

for this panel due to the large unstable crack propagation, and hence, insufficient
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Fig. 44. Average R-curves for woven composites. Average GIc values calculated per 2

mm of crack extension and curve fitting through average GIc indicating trend

of crack growth for each panel.
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(a) (b)

Fig. 45. TEM images showing (a) Pristine SWCNTs and (b) Functionalized SWCNTs.

number of data-points. However, the peak GIc value for the panel with F-SWCNTs

has been observed to be close to the propagation value for the base laminate panel

and higher than the panel with P-SWCNTs. This indicates a possibility of achieving

improvement in propagation GIc for the panel with F-SWCNTs compared to that

with P-SWCNTs, provided the delamination propagation can be stabilized.

4. Mechanisms of Delamination: SEM Fractography

Microscopic investigation of the delaminated surfaces was performed using scanning

electron microscopy (SEM) and transmission electron microscopy (TEM) for under-

standing the mechanisms of crack initiation and propagation [87]. Fig. 45 shows the

TEM micrographs of pristine and silane functionalized nanotubes. Pristine nanotubes

consisted of an agglomeration of nanotubes resulting from Van der Waals interaction

resulting in larger bundle diameters. The functionalization process resulted in better

dispersion with smaller nanotube bundle diameter and shorter lengths, in addition to

better bonding with epoxy matrix [5, 8]. SEM images were taken at various low and

high magnifications such as 20X, 100X, 5000X and 10000X at the locations shown
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(a) 0 mm (Delamination initiation) (b) 0 mm (Delamination initiation)

(c) 20 mm from delamination initiation (d) 30 mm from delamination initiation

Fig. 46. Low magnification SEM images of the delamination surface from the panel

with pristine SWCNTs.

in Fig. 30, distanced from the starter crack (end of PTFE insert). SEM images are

included for samples 1P2 and 2P3, as a representation of samples with pristine nan-

otubes and functionalized nanotubes, respectively. The results will be presented first

for the sample with pristine nanotubes at low then high magnification, followed by

results for the sample with functionalized nanotubes also at low then high magnifi-

cation. Fig. 46(a) and 46(b) includes the SEM images at low magnification of the

crack initiation for the 1P2 sample. Fig. 46(a) shows mostly carbon fibers in fill yarn

while Fig. 46(b) shows carbon nanotube network at the delamination initiation site
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and also on fiber-matrix debonded surfaces. A few fibers can be seen pulled out or

broken and fill/weft yarns are also seen without matrix coating. Fig. 46(c) and 46(d)

shows the SEM images at 20 and 30 mm from the delamination initiation. The pat-

tern is very similar to that of the delamination edge marking consistent behavior over

the delamination process. These images point to adhesive failure (i.e. and failure

of adhesion at fiber-matrix interface), in which there is a relatively clean separation

between the fiber and the matrix. Fig. 47 shows the surfaces of specimen 1P2 at high

magnification. These images show the presence of nanotube bundles on the fabric

surface in the form of a network distributed over the fabric surface. The nanotubes

form a network which is visible at both the carbon fiber surfaces and on the carbon

fiber impressions as shown in Fig. 47(a) and Fig. 47(b) respectively. The presence

of nanotubes on the carbon fibers (Fig. 47(a)) and the carbon fiber impressions on

matrix (Fig. 47(b)), and the absence of a continuous matrix layer covering these car-

bon fibers indicate fiber-matrix debonding, further supporting that adhesive failure

is the key contributor to the delamination mechanism. However, the presence of long

nanotubes of about a micron to few microns also indicated potential for fiber bridging

and crack bridging mechanisms that could contribute to an increase in fracture tough-

ness [129]. This mechanism was corroborated by Fig. 47(c) which showed nanotubes

dangling from epoxy separated from carbon fiber (as indicated by white ellipse). In

Fig. 47(c), the dangling nanotubes were either broken or pulled out of the matrix.

The images of fracture surfaces of the pristine nanotubes sample indicated fracture

mechanisms which might have lead to the small increase in fracture toughness. As in-

dicated by SEM images in Fig. 46 and 47, the crack propagated through the nanotube

network leaving some nanotubes on the carbon fibers (Fig. 47(a)) as well as on the

matrix (Fig. 47(b)). Disentanglement of nanotube bundles and broken or pulled out

nanotubes as seen in Fig. 47(c), indicated mechanisms for energy dissipation, that



109

(a) Pristine SWCNTs on carbon fibers
forming entangled network

(b) Pristine SWCNTs on matrix im-
pression after fiber debonded from
the surface showing poor fiber-matrix
bonding

(c) Pulled out/ broken SWCNTs after
crack bridging

Fig. 47. SEM images of observed mechanisms in the panel with pristine SWCNTs.
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could lead to increased fracture toughness. Secondly, the pristine nanotubes were

mostly found on the surfaces of either the fiber or the matrix indicating poor bond-

ing. This poor affinity could be a result of the absence of a chemical functional group

on the pristine nanotubes. Therefore the effect of pristine nanotubes on the matrix

properties might be insignificant. This observation supports the DCB results, from

which it has been observed that the load displacement curves follow approximately

same shape as base laminate without nanotubes. Only one curve shows unstable

crack extension of about 20 mm and may be an outlier due to uneven distribution

of nanotubes resulting in enough interaction of a cluster of nanotubes with epoxy

matrix to delay the crack propagation. Fig. 48 includes low magnification images for

sample 2P3, which contains the functionalized nanotubes. The images in Fig. 48(a)

and 48(b) show the delamination initiation edge. Fig. 48(c) includes an image taken

10 mm from the delamination initation, and Fig. 48(d) is taken at 30 mm from the

delamination initiation. These images, like those for the samples with pristine nan-

otubes, show some broken or pulled out carbon fibers at the surface. However, these

images also show bands of epoxy which span large portions of the images which have

smooth surfaces. The presence of the functionalized nanotubes therefore facilitates

a combination of adhesive failure at the fiber-matrix interface, and cohesive failure

through the epoxy as shown in the images. Fig. 48(d) indicating smooth matrix sur-

face at approximately 30 mm from the delamination initiation edge for specimen 2P3

confirms brittle crack propagation as observed from Figure 10 representing sudden

decrease in GIc and large delamination extension. Fig. 49 includes SEM images at

high magnification of a specimen with functionalized nanotubes. Areas in which the

matrix material remains on the fiber after the crack passed through the matrix are

visible in Fig. 49(a). This intact fiber-matrix interface is further evidence of cohe-

sive failure. It has been observed in Fig. 49(b) and 49(c), that the functionalized
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(a) 0 mm (Delamination initiation) (b) 0 mm (Delamination initiation)

(c) 10 mm from delamination initiation (d) 30 mm from delamination initiation

Fig. 48. Low magnification SEM images of the delamination surface from the panel

with silane functionalized SWCNTs.
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(a) Remnant matrix on the ply
surface

(b) Functionalized SWCNTs
forming an interphase region
between two carbon fibers

(c) Enhanced fiber-matrix bond-
ing where nanotubes are present

(d) Microcracks pattern due to
better bonding between matrix
and carbon fiber as a result of
silane functionalized SWCNTs

Fig. 49. SEM images of observed mechanisms in the panel with silane functionalized

SWCNTs.
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nanotubes are sparsely scattered on the fibers as well as matrix, indicating inhomo-

geneous distribution. In fact, very few nanotubes were visible on the fracture surface,

and not in the form of an extensive network as in the case of samples with pristine

nanotubes. Due to the chemical functionalization process, the nanotubes were typi-

cally cut short in length due to acid reaction, as well as debundled into smaller ropes

of nanotubes. In Fig. 49(b), a nanotube rich region has been observed between two

carbon fibers. Here the nanotubes were spread throughout the epoxy matrix between

the fibers indicating better dispersion of nanotubes and compatibility with the epoxy

matrix. It also indicated that the carbon fiber-epoxy matrix bonding has been im-

proved by the presence of nanotube rich interphase region. Another location that the

nanotubes are visible is between the carbon fiber and the matrix (Fig. 49(c)) where

their ends are visible protruding out from the edge of the epoxy.

In Fig. 49(c) and 49(d), microcracks are initiated near nanotube rich areas which

are very different from the rest of the fracture surface where nanotubes were not

present. Fig. 49(b) and Fig. 49(d) indicating nanotube rich regions and better fiber-

matrix bonding are taken from a region which is approximately 10 mm away from

the delamination initiation edge for specimen 2P3. These images are taken from the

vicinity of the peak GIc value just before large delamination extension. So these

images can be correlated to the particular GIc (632 J/m2) value corresponding to

9 mm of delamination extension for the same specimen 2P3 from Figure 10. This

is the peak GIc value before the start of large delamination extension. These SEM

results indicate that the presence of functionalized nanotubes resulted in better fiber-

matrix bonding, which would require higher energy to break the bonds. Secondly, the

silane functional group has better affinity towards epoxy matrix which might result

in higher resistance to fiber pullout, absorbing more energy in the process. However,

the functionalized nanotubes were sparsely distributed on the fabric surface which
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may be because of the absence of nanotube networks and hence easier transfer of

these nanotubes to another plane through the separation between carbon fiber tows

during resin transfer process under vacuum. Thus the energy required to propagate

the delamination through nanotube rich areas of epoxy would be much higher than

required for delamination propagation through areas without any nanotubes (along

the surface of the carbon fibers or in matrix regions where there are no nanotubes)

[109, 129]. This combination of failure mechanisms indicates possible explanation

for the unstable delamination extension through 25 to 30 mm. Absence of these

large unstable crack growths in the panels with pristine nanotubes indicates a more

homogeneous distribution of long SWCNTs that could have helped in stabilizing the

crack growth along with higher GIc. Similar indications were made by Tong et al.[129],

who developed a mechanistic model to show an increase in GIc by increasing nanotube

length and density. The pristine and functionalized nanotubes therefore have shown

different failure mechanisms, resulting in large part from the level of compatibility

with epoxy matrix and the level of dispersion. In short, it has been observed from

the above fractographic analysis of delamination surfaces that pristine nanotubes

could help in bridging cracks while functionalized nanotubes could provide better

fiber-matrix bonding and therefore a more substantial amount of cohesive failure in

addition to the adhesive failure observed for the pristine nanotubes.

C. Summary

1. Interlaminar Shear Strength

A study was performed to determine the effect of selective use of single walled carbon

nanotubes on the interlaminar shear strength of a conventional carbon fiber- epoxy

composite. The VARTM processing was used to fabricate three different types of
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composite laminates and a novel spraying technique was used for selective placement

of the nanotubes. One laminate had no nanotubes making it base material, while

the other two laminate types consisted of pristine and silane functionalized SWCNTs

in the mid-plane. Short beam shear testing of these laminates showed about a 4.4%

increase in short beam strength of the functionalized nanotubes composite as com-

pared to the base material and about 2.6% increase with respect to the composite

with pristine nanotubes. The composite with pristine nanotubes showed about 1.8%

increase with respect to the base material. It cannot be said that there is any sig-

nificant improvement in ILSS by addition of nanotubes, but the results are better

compared to some of recently reported results mentioned in discussion section that

showed decrease in ILSS for multiscale composites modified by nanoparticles. The

silane functionalized nanotubes also resulted in a decrease in the number of cracks

formed as observed from the edge of the specimens indicating reduction in damage

accumulation. The SEM microscopy images showed differences in fracture surfaces

between pristine and silane treated interfaces with the fiber-matrix interface intact

in the later case. This result indicates possibility of interlaminar toughening due to

the presence of functionalized nanotubes without decreasing the shear strength.

2. Interlaminar Fracture Toughness

The multi-scale laminates consisting of macro-scale woven plies of micron sized carbon

fibers were produced using VARTM method with selective placement of nano-scale

carbon nanotubes at the mid-plane of the laminate using the spraying technique.

The initiation GIc did not show any significant change for the panels with pristine

and functionalized nanotubes as compared to the panel without nanotubes. However,

the specimens with functionalized nanotubes showed a large unstable crack growth

mechanism(20 to 30 mm). The reasons for the large unstable crack growth were in-
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vestigated using SEM fractography of the delamination surfaces. It was found to be

due to modified fiber-matrix bonding at the location of functionalized nanotubes rich

interphase regions which enhanced the bonding of silane functionalized nanotubes

with the epoxy matrix and reducing the fiber-matrix debonding which is one of the

energy dissipation mechanisms, as evident from the SEM images. The functionaliza-

tion process also resulted in better dispersion of nanotubes, however, the distribution

of functionalized nanotubes on the ply surface was inhomogeneous due to the out of

plane transfer of disentangled nanotubes through the gaps in weave structure. The

fiber bridging mechanisms were also suppressed as a result of smaller nanotube lengths

due to this particular chemical functionalization process.

SEM images showed comparatively better coverage of the fabric ply by the pris-

tine nanotubes, compared to the functionalized nanotubes. The entanglement of long

pristine nanotubes can help in bridging cracks as observed from SEM fractography.

The crack propagation was observed to be much more stable in these specimens as

seen from the R-curves. A different functionalization with similar dispersion charac-

teristics but which will have longer nanotubes forming entangled networks could help

in getting homogeneous coverage of functionalized nanotubes on the ply.

It is also suggested that a synergistic combination of functionalized and non-

functionalized nanotubes could provide a better approach in enhancing the inter-

laminar properties. The functionalized nanotubes could provide better resistance to

delamination initiation due to enhanced adhesion properties of fiber-matrix interface

while long pristine nanotubes could stabilize the crack propagation through crack

bridging mechanism as observed in the present work.
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CHAPTER V

MULTISCALE UNIDIRECTIONAL PRE-PREG COMPOSITE LAMINATES

Carbon nanotube reinforced polymer matrix nanocomposites are finding a lot of at-

tention due to enhanced electrical, thermal and in some cases mechanical properties

[4, 5, 8, 11, 18, 78]. The laminated composites are widely used for structural applica-

tions in aerospace and automotive industry. The matrix dominated properties such

as transverse modulus and in-plane shear of these laminated composites are weaker

due to limiting modulus and strength of polymer matrix. Thus the use of tradi-

tional composites has been limited to some extent. The reinforcement of traditional

laminated composites with nanoscale particulates has been recently reported in an

effort to improve the mechanical properties [64, 66, 67, 121, 130, 131]. The addition

of nanoparticles, such as carbon nanotubes or carbon nanofibers, also introduces a

possibility of making multifunctional laminated composites. Thus, there is a need

to improve all matrix dominated properties to enhance the potential of traditional

laminated composites in structural applications.

Yokozeki et al. [107] reinforced carbon fiber/epoxy laminates with cup-stacked

carbon nanotubes (CSCNT) i.e. carbon nanofibers and reported about 6% increase in

transverse stiffness and no improvement in longitudinal stiffness for 5 wt% of CSCNT.

Cho et al. [132] reported about 7% improvement in in-plane shear modulus of carbon

fiber/epoxy laminates by introducing 3 wt% of graphite nanoplatelet. Recently Zhou

et al. [133] reported 22% improvement in flexural strength with addition of 2 wt%

carbon nanofibers in carbon fabric/epoxy composites.

In the current work, multifunctional multi-scale composites suitable for structural

aerospace applications are processed, characterized and modeled. Stacked layers of

unidirectional pre-preg laminae forms the macro-scale (cm), while carbon-fibers (mi-
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crons) surrounded by polymer and carbon nanotubes forms the micro-scale. Carbon

nanotubes (nm) surrounded by polymer matrix forms the nano-scale interactions of

the proposed system. The material system consists of unidirectional IM7 carbon

fibers pre-impregnated with toughened epoxy matrix (RS-47). Single wall carbon

nanotubes with and without covalent functionalization (amide group) are introduced

between laminae layers and form an interphase layer. Extremely small weight frac-

tion of carbon nanotubes (0.5 wt% and 1 wt%) is used in this study. Addition of

carbon nanotubes is expected to provide anisotropic multifunctionality to these com-

posite laminates with negligible added weight to the original carbon fiber laminate.

Such laminated composite system consisting of micro/nanostructured reinforcements

requires appropriate characterization and modeling at different length scales to un-

derstand the physics behind the measured material property and establish structure-

property co-relation.

A. Experimental Procedure

1. Materials

The pre-preg material is procured from YLA Inc. through NASA Langley Research

Center, VA. The uni-directional carbon fibers (IM7) are pre-impregnated with a

toughened epoxy matrix (RS-47 system). The polymer chemistry is proprietary infor-

mation of YLA Inc. and thus, the combination of epoxy monomers and toughening

agent is unknown. However, RS-47 is a high curing temperature epoxy and is expected

to have an aromatic curing agent bonding basic epoxide groups. The epoxy system can

be a di-functional epoxy (e.g. DGEBA, di-glycidyl ether of bi-sphenol A) or a tetra-

functional epoxy (e.g. TGDDM, tetra-glycidyl ether of diamino-diphenylmethane) or

a combination of both. The toughening agent is most likely polyethersulphone (PES)
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(a) (b)

Fig. 50. Nanotube spraying set-up. 50(a) Spraying Technique for UDPP 50(b) UDPP

cross-section after spray process.

which is a very common toughener used in epoxy resin systems. Purified single wall

carbon nanotubes are obtained from Rice University. The nanotubes are functional-

ized at NanoRidge Inc. and Houston. A functional group (amide) is chosen based on

compatibility with the toughened epoxy system. The functionalization process is not

disclosed due to intellectual property rights of NanoRidge Inc.

2. Processing Methods

a. Three Point Bending Test Panels

The unidirectional pre-preg (UDPP) layers are sprayed with a solution of single walled

carbon nanotubes dispersed in ethanol solvent as shown in Fig. 50(a). Each pre-

preg layer is sprayed on both sides with nanotube-solvent solution and the solvent is

allowed to evaporate under room temperature and atmospheric pressure conditions.

Fig. 50(b) shows the cross-section of a pre-preg with deposited layer of nanotubes

after solvent evaporation. Ten layers of such modified pre-preg layers are stacked

with all fibers facing the same direction, i.e. and stacking sequence of [0]10. The

zero degree direction represents the longitudinal direction of the fibers. The stacked
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(a) (b)

(c) (d) (e)

Fig. 51. SEM micrographs showing sprayed pre-preg layers before processing. 51(a)

Low magnification image of sprayed pre-preg, 51(b) Thermoplastic tough-

ener phase seems to be broken, 51(c) Big entangled bundles of nanotube

ropes, 51(d) Curled nanotube ropes after bridging cracks, 51(e) Embedded

nanotubes are observed in the matrix.

pre-preg layers are placed between two metal plates coated with release agent on the

inner side. These metal plates are then transferred on a hot press between rectangular

platens of hot press and a pressure of about 2000 lb is applied. The curing process

for the pre-preg system involved gradual heating of the platens to the temperature

of 350 F. The platens are held together at 350 F and 2000 lb pressure for two hours.

Later the platens are cooled using water cooling system to gradually decrease the

temperature to room temperature. Fig. 51 shows high magnification images of the

pre-pregs before stacking them to get the laminated composite. The thermoplastic
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(a) (b)

Fig. 52. Schematic of processing set-up containing stacked UDPP and hot-press. 50(a)

Stacked pre-pregs being pressed under hot press platens, 50(b) Hot-press

set-up.

phase (Fig. 51(b)) seems to be broken into fibrils forming spherulite like structures

as observed at few spots on the lamina, may be due to some chemical reaction with

solvent. The nanotubes are present in the form of entangled network throughout the

lamina surface (Fig. 51(c)) which indicates good distribution of nanotubes. Presence

of nanotubes embedded well in the matrix and a possible crack bridging mechanism

are observed in Figures 51(d) and 51(e). The local volume fraction of nanotubes

just between the interphase between two laminae would be much more higher than

as calculated based on weight fraction of each lamina. This concept of local volume

fraction has been discussed in detail in the modeling section. Five laminates are

processed using the above procedure and set-up as shown in Fig. 52. The weight

percent of nanotubes is with respect to the total weight of the pre-preg layers. One

laminate is a base laminate with no nanotubes, second is a laminate with 0.5 wt% of

purified SWCNTs, third laminate contains 0.5 wt% of amide functionalized nanotubes
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Table VIII. Fiber volume fraction of all pre-preg laminates

Laminate number Constituents Fiber volume fraction

1 No SWCNTs 60%

2 Pristine SWCNTs (0.5 wt%) 57 %

3 Amide functionalized SWCNTs (0.5 wt%) 61%

4 Amide functionalized SWCNTs (1.0 wt%) 55%

and fourth laminate contains 1.0 wt% of amide functionalized nanotubes. The carbon-

fiber volume fraction of the laminates is given in Table VIII. The fiber volume

fractions are calculated by density measurement test. The density of the composite

is measured by weighing the composite specimen in water and in air and then the

known densities of fiber and matrix is utilized to finally calculate the fiber volume

fraction.

b. In-plane Shear Test Panels

The in-plane shear tests require panels with ±45◦ fiber orientation. Two more panels

are processed for in-plane shear tests, one with amide functionalized nanotubes and

one control panel without nanotubes. For the nanotubes modified panel, all pre-preg

layers are sprayed with nanotubes on both sides. The number of pre-preg layers were

eight in each panel. Apart from orientation of the pre-pregs in ±45◦ direction and

number of layers in each panel, the rest of the processing method remains the same

as explained previous section.
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c. Double Cantilever Beam Test Panels

The single wall carbon nanotubes were functionalized with amide reactive group using

a proprietary process by NanoRidge. The dispersion study is presented earlier showing

good dispersion and better matrix-CNT bonding by use of amide functionalization.

Nanotubes were dispersed in ethanol and sonicated for one hour using bath sonicator.

These nanotubes were then sprayed on only one side of three pre-preg laminae. Pre-

preg laminae were allowed to dry for about 6 hours at room temperature and placed

in vacuum oven at 30oC and full vacuum for overnight. This process allowed the

evaporation of ethanol. The three sprayed pre-preg laminae were placed in the center

plane of a 40 layer stacked laminae all facing 0◦ i.e. unidirectional stacking sequence.

Three middle layers were chosen to increase the possibility of keeping the delamination

growth in the center plane and preventing any crack jump from mid-plane to adjacent

planes. Each lamina was carefully placed on top of another lamina and then pressed

using a roller to remove any air between the laminae. Then the paper backing on the

other side of the pre-preg was removed and above stacking process was repeated till 40

layers were stacked together. Hot press was used to compress these stacked laminae

between two metal platens at 2000 lb pressure ( 8890 N). The curing cycle involved

slowly heating the platens to 350 F ( 178oC) and holding at this temperature for

two hours followed by slow cooling to room temperature. The complete process took

about 4 hours to prepare one panel. This process was repeated to get four panels,

i.e. and base panel without nanotubes, control panel with solvent spraying process

but no nanotubes, panel with pristine nanotubes and panel with amide functionalized

nanotubes.

Specimen Preparation

The specimens were cut according to ASTM-5528 standards with length of 7 inches
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(15.24 cm) and width of 1 inch (2.54 cm) with an accuracy of ±0.1 mm. The upper

and lower specimen surfaces were roughened using grinding paper where the piano

hinges were to be bonded. The surfaces of the piano hinges were also sanded to

prepare rough surfaces for better bonding, and then the surface was cleaned with

isopropanol to remove any contamination. The specimens were dried for four days at

60oC in a oven to remove moisture absorbed during the cutting process. Two-part

epoxy adhesive was used to bond the piano hinges, and the specimens were placed

in an oven for 6 hours at 60oC to cure the epoxy adhesive. The specimen edges were

sprayed with white paint, and a scale with 1 mm resolution was placed on one of the

edges of each specimen for monitoring crack propagation.

3. Characterization Methods

a. Three Point Bending Test

Specimens are cut from the laminates in two directions. The specimens cut along the

length of the specimen are called longitudinal specimens and the specimens cut in

a direction perpendicular to the fiber direction are called transverse specimens. All

specimens for bending tests are 45 mm long, 10 mm wide and 1 mm thick. Three

point bending tests are performed as per ASTM standards D-790. The specimens are

tested till failure. MTS Insight table top machine is used to test the specimens using

35 kN load cell for force measurement. The test set-up is shown in Fig. 53. Euler-

Bernoulli beam theory is used to find the modulus and strength of the laminate as

given below by Eqs. 5.1 and 5.2 respectively:

E =
mL3

4bd3
(5.1)

T =
3FmaxL

2bd2
(5.2)
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Fig. 53. Three point bending test set-up.

Where E is the modulus, m is the slope of load-displacement curve, L is the span

length, b is the width of the specimen, d is the depth or thickness of the specimen, T

is the strength of the laminate, Fmax is the failure load or maximum applicable load.

b. In-plane Shear Test

In-plane shear tests are guided by the ASTM standards D-3518. Rectangular spec-

imens are cut from the [±45o]2s panels with dimensions of 140 mm by 15 mm by

1.2 mm (length, width and thickness respectively). The specimen edges are polished

to a smooth finish. Center surface of each specimen is roughened and cleaned using

isopropanol for mounting strain gages. The strain gages were of type CEA-06-125UT-

350 and purchased from Vishay Micro-measurement division. Strain gage bonding is

performed using standard technique suggested by strain gage manufacturer. Strain

gages are mounted on the center of each specimen to measure strains in longitudinal

as well as transverse direction. Quarter bridge circuits are used for each strain gage
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and out-put voltage is measured using NI signal processing board. Labview software

is used to display and measure the strains. MTS 100 Kips (445 kN) test frame is

used with 8.9 kN (2000 lb) load cell for tension testing. The specimens are tested till

3% strain. The test set-up is shown in Fig. 54. All tests are displacement controlled

with head displacement rate of 2 mm/min. The data acquisition rate for strain gages

and load-displacement measurement is 10 data points per second. The specimens are

gripped using emery cloth. Extensometers are used to measure longitudinal strain

and compare with strain gage measurement. The maximum in-plane shear stress is

Fig. 54. In-plane shear test set-up.

calculated using Eq. 5.3 and the shear strain is calculated using Eq. 5.4.

τ12
m =

Pm

2A
(5.3)

γ12i = εxi − εyi (5.4)

Where τ12 is the maximum in-plane shear stress, Pm is the maximum load at maximum

shear strain during the test, A is the cross-sectional area, γ12i is the shear strain at
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the i-th data point, εxi is the longitudinal strain at the i-th data point and εyi is

the lateral (transverse) shear strain at the i-th data point. The shear modulus is

calculated from the slope of the linear region of the shear stress-shear strain plot.

The shear stress at each data point is calculated by Eq. 5.3 by replacing maximum

load by incremental load at each data point.

c. Double Cantilever Beam Test

The ASTM D-5528 standard was followed for performing the DCB tests at room tem-

perature using a electrical power supplied test frame (MTS table top system). A 35

KN load cell with 0.05 N resolution was used for force measurement. Parameters P ,

δ , and a represent force, applied displacement, and delamination length, respectively.

Crack propagation was monitored on a video screen connected to a video camera set

at magnification of about 15X and focused on the crack tip at all times as the crack

progressed. The test was conducted under displacement control at a displacement

rate of 1.27 mm/min. Crack extension was recorded every millimeter of crack growth

for stable crack growths. The crack was allowed to propagate through a distance of

at least 70 mm, after which the specimen was unloaded at a rate of 2.54 mm/min.

The same procedure was repeated for the five specimens from each panel.

d. Microscopy

Transmission electron microscopy of functionalized and as-received pristine single wall

carbon nanotubes is performed using JEOL-2010 microscope for characterizing the

nanotube dispersion. The fracture surfaces generated as a result of three point bend-

ing tests and in-plane shear tests are investigated using scanning electron microscopy

and optical microscopy. SEM is performed using the JSM-7500F cold emission mi-

croscope to characterize the microstructure of the composites and study the fracture
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mechanisms. Optical microscopy is performed using Leica inverted section micro-

scope for investigating the morphology of the fracture surfaces and crack formation

on the edges of the composite laminates.

B. Model Description

The macroscale properties (longitudinal, transverse and in-plane shear modulus) of

symmetric balanced laminates are modeled using classical laminate theory. Each

unidirectional pre-preg lamina is considered as quasihomogeneous and transversely

isotropic. The interphase layer between two laminae consists of polymer, unidirec-

tional carbon fibers and randomly oriented nanotubes and thus, considered as trans-

versely isotropic. A schematic of the realistic system is shown in Fig. 55. A simple

system with the interphase layer consisting of only polymer and randomly oriented

nanotubes is shown in Appendix B along with results for that case. In Appendix

B, the interphase layer is considered as an interleaf because additional epoxy layer is

introduced into the composite. The following case consisting of unidirectional carbon

fibers in the interphase region forms a more realistic case study based on the experi-

ments. There is no additional epoxy introduced in the experiments as only CNTs are

sprayed on the top of the pre-preg layers. These CNTs penetrate the pre-preg consist-

ing of matrix and carbon fibers during the lamination process and forms a thin layer

of nanotube rich interphase layer. Such concept has been represented in Fig. 55. The

top and bottom interphase layer of each lamina is represented by a 2.5 µm layer. The

remaining 95 µm layer consists of only epoxy and unidirectional carbon fibers. Thus,

there is a 5 µm layer between two pre-preg layers. Another case study is performed by

changing the interphase thickness between two lamina as 50 µm. Individual lamina

properties are computed using the rule of mixtures and the interphase layer, i.e. and
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nanocomposite layer properties are obtained by using Mori-Tanaka micromechanics

method utilizing orientation distribution function for random orientation of fibers.

The laminate analysis is performed using CompositePro design and analysis software

by Peak Composites, Inc. The exact volume fraction of sprayed nanotubes in the

interphase layer is complicated to compute. The nanotubes are weighed as 0.5% of

the weight of one carbon fiber lamina and converted to fiber areal weight or fiber areal

density. Thus the amount of nanotubes is quantified as the weight of nanotubes per

unit area of the pre-preg lamina. The fiber areal density is also known for the carbon

fibers in each lamina and if it is divided by the density of the carbon fiber lamina

then the thickness of lamina can be calculated. This calculated lamina thickness

is experimentally validated by measuring the actual thickness of a lamina. Similar

concept is utilized to find the thickness of the interphase layer. The thickness of the

Fig. 55. Edge view and cross-section view of a nanocomposites layer between two uni-

directional pre-pregs.

interphase layer can thus be represented as a ratio of the CNT areal weight density

and the density of the carbon nanotubes.The volume fraction of carbon fibers in the

pre-preg lamina is the ratio of the volume of carbon fiber and the total volume of the

carbon fibers and matrix. The volume fraction of the CNTs in the interphase layer

is the ratio of the volume of CNTs to the total volume consisting of CNTs, epoxy

and carbon fibers. The concept of areal weight density reduces the volume fraction

equation to the ratio of thicknesses. Thus the localized volume fraction of carbon
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nanotubes in the interphase layer is given as the ratio of the thickness of CNT layer

thickness to the thickness of the pre-preg. The 0.5 weight% of sprayed CNTs are

thus converted to local volume fraction of 10.9% using the current approach. Thus

there should be a significant effect of the interphase layer on the matrix dominated

properties. This hypothesis is tested using classical laminate theory. A flow chart

explaining the analytical steps in classical laminate theory are presented in Appendix

B.

Longitudinal, transverse and shear moduli are calculated for different stacking

sequences of laminates as described below:

• Laminate without nanotubes - stacking sequence [0◦]10, resulting in 10 layer

laminate.

• Laminate with alternate layers of pre-preg and nanocomposite layers (NC) as

shown in Fig. 55. The nanocomposite layer consists of carbon fibers reinforced

in modified epoxy with carbon nanotubes. Each lamina consists of three layers,

i.e. 2.5 µm layer of nanocomposite, 95 µm layer of unidirectional carbon fiber

pre-preg followed by 2.5 µm layer of nanocomposite. The laminate theory is

applied to find single pre-preg lamina property which is the combination of

above mentioned three layers with stacking sequence [NC/0◦/NC].

• Final laminate consists of 10 layers of above mentioned lamina which individu-

ally consists of 3 layers each.

The nanotubes are incorporated into the laminate in three major ways as follows

1. First case consists of nanotubes randomly oriented in the matrix phase through-

out the lamina and thus throughout the laminate. So there is no interphase layer

between two pre-pregs.
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2. Second case consists of nanotubes forming 5 µm interphase layers between two

pre-pregs. The unidirectional lamina thickness is adjusted accordingly so that

the total laminate thickness remains same as the first case and also there is no

additional epoxy introduced.

3. Third case is similar to second case with the exception of the thickness of the

interphase layer, which is 50 µm in this case and the unidirectional lamina

thickness is again adjusted to keep the laminate thickness same as above two

cases.

Each individual case as mentioned above consists of three sub-cases to account

for neat epoxy and varying weight fractions of nanotubes as described below:

1. First sub-case consists of neat epoxy only.

2. Second sub-case consists of the nanocomposite layer with 0.5 wt% pristine single

wall carbon nanotubes (CFRP+0.5%PSW).

3. Third sub-case consists of the nanocomposite layer with 1.0 wt% pristine single

wall carbon nanotubes (CFRP+1%PSW).

The process of determining laminate longitudinal, transverse and shear moduli

consists of following steps:

Step 1: Enter fiber and epoxy properties and get pre-preg layer properties. In this

case, IM7 carbon fibers properties are used along with RS-47 toughened epoxy matrix

properties. The neat epoxy properties were taken from experiments.

Step 2: The nanocomposite properties are calculated from Mori-Tanaka method of

micromechanics using orientation averaging to get properties for randomly oriented

nanotubes.

Step 3: Find layer stiffness referred to principal material axes, which is equivalent
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to transformed stiffness as the local layer axes and global laminate axes coincide.

Perform the process for three layer composite then replace single layer properties in

the final ten layer composites such that each single layer represents combination of

three layers.

Step 4: Calculate A, B, D matrix considering individual pre-preg layer thickness.

Step 5: Calculate laminate engineering constants i.e. transverse, shear and longitu-

dinal modulus in terms of A-B-D matrix components.

The details of the overall process of classical laminate analysis are presented in Ap-

pendix B.

C. Results and Discussion

The functionalization of nanotubes results in better dispersion of nanotubes consisting

of smaller diameter bundles as shown by the TEM images in Fig. 56. In addition

(a) (b)

Fig. 56. TEM micrographs of nanotubes in solvent before spraying on pre-pregs.56(a)

Spraying Technique for UDPP 56(b) UDPP cross-section after spray process.
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to forming better nanotube dispersion, the functional group (amide) is expected to

participate in cross-link formation with epoxide groups, thus becoming integral part

of the network of epoxy. The nanotubes network after spraying on pre-preg layers and

after solvent evaporation is represented in Fig. 57. It is important to note that even

0.5 wt% of nanotubes forms quite dense network on the pre-preg layers as shown by

Fig. 51(c). The interphase layers with 0.5 wt% and 1 wt% of nanotubes is expected

to result in different thickness of the nanotube rich region between the pre-pregs.

(a) (b)

Fig. 57. SEM micrograph of network of nanotubes after spraying on pre-preg layers.

1. Transverse and Longitudinal Properties

The longitudinal and transverse properties of pre-preg laminates, as a result of three

point bending tests, are presented in Table IX and Table X respectively. The longi-

tudinal properties, i.e. and modulus and strength do not show any significant effect

of nanotubes and all values lie within the coefficient of variation. The fiber properties

dominate the longitudinal properties of the laminated composites and accordingly,

extremely small weight percent of nanotubes is not expected to affect properties in
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Table IX. Longitudinal modulus and strength of pre-preg laminates

Panels Modulus (GPa) Strength (MPa)

No SWCNTs 149 ± 3% 2.5 ± 2%

Pristine SWCNTs (0.5 wt%) 154 ± 2% 2.5 ± 3%

Amide functionalized SWCNTs (0.5 wt%) 158 ± 4% 2.3 ± 2%

Amide functionalized SWCNTs (1.0 wt%) 145 ± 6% 2.3 ± 2%

Table X. Transverse modulus and strength of pre-preg laminates

Panels Modulus (GPa) Strength (MPa)

No SWCNTs 8.4 ± 4% 155 ± 8%

Pristine SWCNTs (0.5 wt%) 9.7 ± 2% 136 ± 13%

Amide functionalized SWCNTs (0.5 wt%) 9.4 ± 5% 128 ± 4%

Amide functionalized SWCNTs (1.0 wt%) 10.1 ± 7% 144 ± 11%
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longitudinal direction.

The transverse properties show some significant effect of the addition of nan-

otubes as seen from Table X. The specimens with 0.5 wt% pristine nanotubes show

about 15% increase in the transverse modulus, while the specimens with 0.5 wt%

and 1 wt% amide functionalized nanotubes show about 12% and 20% increase in

the transverse modulus respectively. The transverse strength shows a decrease by

addition of nanotubes. The decrease in strength indicates the possibility of a weaker

interphase surrounding the functionalized nanotubes, resulting in poor load transfer

ability.

2. Mechanisms of Fracture

Three point bending tests were performed until the specimens fractured. Scanning

electron microscopy was used to study the cross-sections of the fractured surfaces of

the above specimens. Differences in failure mechanisms are shown in following figures.

The toughening agent in the epoxy results in flake like fracture surfaces indicating

non-brittle fracture. One important observation from the SEM images, as shown in

Fig. 58, indicates the formation of shear hackles as the energy dissipation mecha-

nisms. In most of the cases with 0.5 wt% pristine or amide functionalized nanotubes,

the size of the shearing region between fibers or laminae seems to be around 5 to 7

microns. This observation is utilized in choosing one of the interphase region thick-

ness for the modeling part. Fig. 59 shows the fracture surfaces of specimens without

nanotubes and with pristine nanotubes. Fig. 59(a) shows presence of shear hack-

les between smooth regions running along the length of carbon fibers. The smooth

regions indicate either fiber-matrix debonding or brittle crack growth along the top

and bottom fiber surface. Fig. 59(b) shows the side view of the hackle formation

between fibers. The size of the shear hackles is found to be in the range of 2.5 µm
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(a) (b)

Fig. 58. Fracture surfaces generated after flexure testing for pre-preg laminates con-

taining amide functionalized nanotubes.

to 4.5 µm in length i.e. distance between two fiber surfaces perpendicular to crack

propagation direction and 0.5 µm to 1.7 µm in width along the crack propagation

direction. Presence of voids (black circles in top left corner of image) can be seen

on the shear hackles area in Fig. 59(c). Figures 59(d) and 59(e) shows suppres-

sion of the shear hackles formation, especially for the regions where pristine CNTs

are prominently visible. Higher magnification image in Fig. 59(f) shows the presence

of network of pristine CNTs on the shear hackles/flakes. Few nanotubes or ropes

of nanotubes are running across the shear hackles. The lower right corner of the

Fig. 59(f) shows suppressed shear hackle (no large flakes) and presence of entangled

pristine nanotubes running across the surface. The lower left corner of the Fig. 59(f)

shows fully developed shear hackle and there are no nanotubes visible on this hackle

or bridging this hackle with another hackle. These observations indicate that the

presence of nanotube network might be suppressing or preventing the formation of

the shear hackle surfaces. Fig. 60 shows the shear hackle formation in specimens with
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(a) Presence of shear hackles on
specimen without CNTs

(b) Presence of large shear hack-
les between debonded fibers on
specimen without CNTs

(c) Holes are observed at some
places on shear hackles

(d) Suppressed shear hackles

(e) Less hackles are observed in
the CNT rich region

(f) Network of pristine nanotubes
on near the flakes fracture surface

Fig. 59. SEM micrographs of fracture surfaces obtained by flexure test.
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(a) (b)

(c) (d)

Fig. 60. SEM micrographs showing morphology of shear hackles in amide CNT mod-

ified specimens. 60(a) Smaller shear hackles and matrix cracking, 60(b) High

magnification image showing network of amide CNTs in the shear hackles,

60(c) Start of scaling in shear hackles, 60(d) Fully developed shear hackle

surfaces showing different length scales of shear hackles.
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amide functionalized CNTs. Fig. 60(a) shows smaller hackle sizes (suppressed behav-

ior) and also a crack developed through the matrix along the direction of the crack

growth. Fig. 60(b) shows higher magnification of the region and presence of network

of amide functionalized CNTs. Fig. 60(c) shows shear hackles but of comparatively

smaller sizes, most likely due to the presence of nanotubes. Fig. 60(d) shows a very

different type of shear hackle formation with different length scales of hackle forma-

tion. Smaller shear hackles can be seen closer to the clean fiber-matrix debonding

surfaces and then scales into larger size shear hackles closer to the center of the area

between two debonded fibers. This scale transition might be an indication of moving

away from the CNT rich region i.e. region of suppressed hackles to fully developed

hackles. Fig. 61 showing hackle surfaces on amide CNT modified specimens further

corroborates the earlier observation of suppression of shear hackles from the speci-

mens with pristine nanotubes. Fig. 61(b) shows reduced sizes of the shear hackles

as compared to the specimens with no nanotubes as shown in Fig. 59(b). Presence

of matrix on the carbon fiber surface (Fig. 61(a)) shows good fiber-matrix bonding.

Fig. 61(c) and Fig. 61(d) shows smaller (suppressed) shear hackle formation at the

locations of dispersed amide functionalized CNTs. Fig. 62 shows formation of scale

like mechanism on some surfaces without shear hackles. Fig. 62(a) shows matrix

cracking leading to scale like mechanism and Fig. 62(c) showing presence of amide

CNT network well embedded in the epoxy matrix. The above images shows that there

is a reduction in the amount of shear hackle formation by addition of both pristine

and functionalized nanotubes. At certain places, suppressed or smaller sized shear

hackles or scaled shear hackles are found. Some images show presence of voids in

specimen with pristine CNTs and presence of matrix cracking instead of shear hack-

les in the specimen with amide CNTs. A decrease in the transverse strength which

is a matrix dominated property might be due to the above mentioned observations.
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(a) (b)

(c) (d)

Fig. 61. SEM micrographs of fracture surfaces for amide CNT modified specimens

post flexure test. 61(a) Presence of matrix on the carbon fiber (side view),

61(b) Reduced shear hackles size from side view, 61(c) Suppressed shear

hackle mechanism, 61(d) Dispersion of amide CNTs in shear hackles.
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(a) (b)

(c)

Fig. 62. SEM micrographs at no shear hackle surfaces for amide CNT modified spec-

imens post flexure test. 62(a) Presence of matrix cracking forming scales like

mechanism, 62(b) Higher magnification view of the scales mechanism, 62(c)

Presence of embedded network of amide CNTs.
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Table XI. In-plane shear properties of pre-preg laminates

Panels Modulus (GPa) Strength (MPa)

No SWCNTs 4.2 58.3

Amide functionalized SWCNTs (0.5 wt%) 1.4 33.4

The suppression of shear hackle mechanism might further lead to a reduction in shear

properties as well as fracture toughness of the laminated composite.

3. In-plane Shear Strength and Modulus

The in-plane shear modulus is a matrix dominated property. The addition of nan-

otubes to the matrix region is expected to improve the shear properties by introducing

nano-scale mechanisms. The in-plane shear properties are presented in Table XI. It

shows that the in-plane shear modulus and in-plane shear strength decreases by ad-

dition of 0.5 wt% amide functionalized nanotubes. The images from previous section

indicating suppression of shear hackle mechanisms seem to be a strong reason for

reduction in shear properties. Another reason for the decrease might be due to insuf-

ficient evaporation of solvent from the pre-preg surfaces resulting in plasticizing effect

of solvent on the matrix. Scanning electron microscopy images of the sheared planes

of specimens after in-plane shear testing are shown Fig. 63. Lot of fiber debonding

(Fig. 63(a)) and shear hackles (Fig. 63(b)) are observed on the surface of lamina with-

out nanotubes. The mechanism of formation of shear hackles seems to be suppressed

on the lamina with amide functionalized nanotubes (Fig. 63(c)). However, CNT

bridging mechanisms were observed at some places as indicated by curled CNTs,most

likely after being pulled out of the matrix (Fig. 63(d)). Certain places on the lamina

showed phase separation of the thermoplastic toughener phase in the form of fibrils
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originating from a single point (Fig. 63(e)). There might be a combination of rea-

sons including suppressed shear hackle formation, toughener phase separation and

presence of solvent, for the suppression of shear properties.

4. Classical Laminate Analysis

Fig. 64, 65 and 66 shows the modeling results from classical laminate theory for

longitudinal, transverse and shear modulus respectively. The IM7/RS-47 system is

chosen for comparative analysis. There are nine horizontal bars in each figure. The

first three results at the bottom are for 10 layer composites without any interphase

layer. First bottom bar is for control laminate without nanotubes and next two cases

are for 0.5 and 1.0 wt% nanotubes distributed randomly throughout the matrix of

the laminate. The next three cases in the middle region of each figure represents

composite laminates with 5 µm interphase layers. The bottom bar in the middle

three bars represent the neat epoxy interphase layer and the upper two bars represent

0.5 and 1.0 wt% pristine nanotubes as labeled on each figure. Top most three bars

are exactly similar to middle three bars with the exception that in this case, each

interphase layers is 50 µm thick.

Fig. 64 shows that there is no effect on the longitudinal modulus as a result of

addition of nanotubes, whether throughout the matrix or in the interphase layer. The

longitudinal modulus of the composite laminate in the direction of the unidirectional

carbon fibers is a fiber dominated property. There is a large difference between the

matrix properties and fiber properties and thus slight improvement in matrix property

has no effect on the overall laminate longitudinal modulus. The results as shown in

Fig. 65 indicate an increase in the transverse modulus by addition of nanotubes. The

higher weight fraction of nanotubes show a greater impact as compared to the lower

weight fraction of pristine nanotubes. The best results are obtained when 1 wt%
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(a) (b)

(c) (d)

(e)

Fig. 63. SEM micrographs of sheared lamina after in-plane shear test. 63(a) Sheared

lamina without CNTs showing fiber matrix debonding, 63(b) Presence of

shear hackles between debonded fibers on lamina without CNTs, 63(c) No

shear hackles on lamina with amide CNTs, 63(d) Curled nanotube ropes

pulled out after bridging cracks, 63(e) Fibrils of thermoplastic phase are

observed in the matrix.
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Fig. 64. Longitudinal modulus of different laminates from classical laminate theory.

Fig. 65. Transverse modulus of different laminates from classical laminate theory.
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Fig. 66. In-plane shear modulus of different laminates from classical laminate theory.

nanotubes are present throughout the matrix, followed by, when 0.5 wt% nanotubes

are present throughout the matrix. The improvement in transverse modulus is about

6% and 12% for specimens with two weight fractions respectively, and is in close

agreement with the experimentally observed increase of 6% for specimens with 0.5

wt% of pristine nanotubes.

The introduction of thin layers of 5 µm thickness does not show significant ef-

fect as compared to the composite containing 5 µm layers of neat epoxy. However,

the presence of 50 µm layers of nanotubes shows significant improvement of about

12% in the transverse modulus (of 1 wt% specimens) over the composite containing

50 µm layers of neat epoxy. The in-plane shear modulus, which is also a matrix

dominated property, shows almost similar behavior as transverse properties(Fig. 66).

The maximum improvement is for the case of 1 wt% nanotubes present throughout

the matrix system instead of just in the interphase layers. In all the modeling cases
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presented here, when the nanotube reinforced epoxy nanocomposite interphase layer

is introduced between pre-preg layers, it does not result in any increase in the matrix

volume fraction and no corresponding decrease in the carbon fiber volume fraction.

The actual experiment also does not involve introduction of additional epoxy, so there

is no change in the total carbon fiber volume fraction. There is a slight decrease in

matrix volume fraction to account for the very small amount of nanotubes added.

5. Interlaminar Fracture Toughness

The delamination extensions were noted from a marked scale on the edge, with 1 mm

markings during various increments of stable delamination growth. The delamination

extension data was taken from the videos of the crack propogation. As observed

from videos, the delamination initiation was followed by a small drop in force. The

delamination growth was visually observed at this point from the edge of the specimen

thus releasing the stored energy to create new fracture surfaces. For all specimens,

the initial small force drop or variation from linearity (i.e. change in slope) was

followed by an increase in force till a peak. The increase in force corresponds to

the presence of fiber bridging, yarn bridging, ply bridging or a combination of these

mechanisms. Similar characteristics were observed in CFRP composites by Paris et

al. [88]. R- Curves for all tested specimens are shown in Fig. 68. These curves show

the change in the strain energy release rate of the specimen as the initial delamination

starts growing from the end of a PTFE insert and propagates through the specimen.

A non-linearity criterion is used to calculate the initiation values for the critical

strain energy release rates which are considered as the interlaminar fracture toughness

values for different laminates. According to the non-linearity criterion [88], force

and displacement values corresponding to first deviation from linearity on the force-

displacement curve is considered as the critical values for initiation of delamination
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growth.

The average values of GIc initiation for three specimens from each panel are

presented in Table XII. The average values of GIc propagation for three specimens

Table XII. Average GIc at delamination initiation for UDPP composites

Panel GIc Initiation

(J/m2)

Drop w.r. to

Base (%)

Drop w.r. to

Control (%)

Base: No SWCNT 456 - -

Control: No SWCNT 359 21% -

Pristine SWCNT 214 53% 40%

Amide Functionalized

SWCNT

209 54% 41%

from each panel are presented in Table XIII. The R-curves for base composite are

Table XIII. Average GIc at delamination propagation for UDPP composites

Panel GIc Initiation

(J/m2)

Drop w.r. to

Base (%)

Drop w.r. to

Control (%)

Base: No SWCNT 1312 - -

Control: No SWCNT 894 32% -

Pristine SWCNT 525 60% 41%

Amide Functionalized

SWCNT

314 76% 65%

shown in Fig. 68(a). The initiation values are taken for 0 mm value of delamination

extension and the propagation values are averaged from 10 mm to 70 mm. Increase

in GIc after initiation of delamination indicates fiber bridging mechanisms. Actually

the GIc should drop as the crack propagates, however, as the fiber bridging devel-

ops i.e. fibers from lower plane bridging with the upper plane, the energy required
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to propagate the delamination increases as additional energy is required to debond

the bridging fibers from one of the planes or ultimate failure of fibers. Ideally after

some initial fiber bridging, the R-curve should show a plateau indicating equilibrium

response for delamination propagation. However, as observed in the specimens from

base laminate, only specimen B4 showed some plateau region, otherwise a continuous

increase in GIc until 70 mm of extension was observed indicating an extensive fiber

bridging. As indicated in Tables XII and XIII, the base laminate has very high

GIc initiation and propagation values indicating highly toughened systems due to the

presence of thermoplastic toughener phase.

Fig. 67 shows load-displacement curves for one representative specimen from each

Fig. 67. Load-displacement response of the representative specimens from the unidi-

rectional pre-preg composites.

pre-preg composite panel. It shows that the fiber-bridging mechanism has been

greatly suppressed in specimens with amide functionalized nanotubes. Also the area

under the curves has been reduced for the pristine and the amide functionalized nan-

otubes indicating reduced energy dissipation.

Fig. 68(b) shows R-curve for control specimens. Control specimens were prepared
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(a) (b)

(c) (d)

Fig. 68. R-Curves from DCB test of unidirectional pre-preg composites. 68(a) Base

composite without CNTs, 68(b) Control composite without nanotubes (sol-

vent evaporated), 68(c) Composite modified with pristine CNTs, 68(d) Com-

posite modified with amide functionalized CNTs.
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to separate the effect of solvent spraying and evaporation from the effect of purely

nanotube modification. This will also help in finding if the solvent reacts with the

toughener phase or has some kind of plasticizing effect on the composite toughness.

As seen from Fig. 68(b), all curves showed plateau behaviour after about 20 mm

of delamination extension. This indicates reduced fiber bridging as compared with

the base composites. Also the GIc initiation decreased by 21% and GIc propagation

decreased by 32% as seen from Tables XII and XIII.

Fig. 68(c) shows R-curve response for composite with pristine nanotubes in the

middle three planes. The plateau regions are not observed as compared to control

specimens indicating continuous fiber bridging until 70 mm of delamination extension.

However, the GIc initiation decreased by 40% and 53% compared to control and base

specimens and GIc propagation decreased by 41% and 60% compared to control and

base specimens respectively as seen from Tables XII and XIII. This is a large drop in

fracture toughness even after considering large variation in results. Microstructural

investigation is needed to find the reasons for this large decrease.

Fig. 68(d) shows R-curve response for composite with amide functionalized nan-

otubes modifying the middle three planes. These are very different curves from the

previous R-curves. Two of the specimens, N3 and N5 showed total suppression of

fiber bridging mechanisms. There is almost no increase in GIc after the delamination

is initiated and the crack propagated through the specimen showing plateau regions

in these R-curves. Only specimen N4 showed some fiber bridging until 50 mm of

delamination extension. The GIc initiation decreased by 41% and 65% compared to

control and base specimens and GIc propagation decreased by 54% and 76% com-

pared to control and base specimens respectively as seen from Tables XII and XIII.

The drop in GIc initiation is comparable to composite with pristine nanotubes, how-

ever, the drop in GIc propagation is very high even after considering large variation
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in results. It is extremely important to study the delamination fracture surfaces to

get an insight into such reduction in fracture toughness results.

6. Mechanisms of Delamination

Fig. 69 shows SEM micrographs of delamination surfaces of base composite speci-

mens. The presence of debonded fibers, most likely, after fiber bridging can be seen

from low magnification images. Also the main mechanism of toughness seems to be

the formation of shear hackles in these specimens. The shear deformation of matrix in

the form of shear hackles is the contributor for the high interlaminar fracture tough-

ness of the base composites. The dimensions of the shear hackles are noted from the

high magnification images. The fiber-matrix bonding also seems to be good as pre-

sented in Fig. 69(e), due to the presence of sizing on the carbon fibers. As seen from

Fig. 70 for control specimens, the delamination fracture surfaces are almost similar

to base composites. Presence of debonded fibers can be seen on the delamination

plane, however, the size of the flakes in the shear hackles seems to be reduced along

with reduced amount of shear hackle zones. This can possibly explain the reduction

in GIc for control specimens. Fig.71 shows delamination fracture surfaces for pris-

tine CNT modified mid-planes. The low magnification images show suppression of

shear hackle formation as well as reduced flake sizes in the shear hackles. The higher

magnification images in Fig.72 show presence of entangled network of pristine nan-

otubes. Again suppression of shear hackle mechanism can be seen, however, a new

mechanism of CNT stretching is noticed in these images. The entangled network of

pristine nanotubes seems to be stretched in shearing direction i.e. 45◦ to the direction

of the crack propagation. The formation of shear hackles seems to be a major con-

tributor in toughness improvement compared to the CNT stretching mechanism. The

observed decrease in GIc is somewhat explained from the mechanisms observed from
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(a) Delamination surface showing
debonded (or post bridging) fibers

(b) Debonding and hackles

(c) Substantial shear hackle formation (d) Large shear hackles

(e) Matrix bonding to fiber (f) Presence of voids on the delamina-
tion plane

Fig. 69. Delamination fracture surfaces of base UDPP composites.
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(a) (b)

(c) (d)

Fig. 70. Delamination fracture surfaces of control UDPP composites. 70(a) Delam-

ination surface at initiation site showing debonded (or post bridging) fibers,

70(b) Delamination surface along crack propagation path, 70(c) Lower mag-

nification showing shear hackle formation, 70(d) Higher magnification of the

shear hackles.
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these images. Although more investigation is necessary to pin point the details of

the toughness decrease. Fig. 73 indicates spherulite formation in the specimen with

amide functionalized nanotubes. Higher magnification images shows the fibrils in the

spherulites and some of such surfaces seems to be flat compared to the surrounding

matrix deformation. These images are peculiar to only specimens with functionalized

CNTs, indicating some reaction of toughener phase with the amide reactive group re-

sulting in phase separation in the composites. Such spherulite formation can hinder

the formation of shear hackles. Fig. 74 shows presence of white spots/regions on the

delamination surfaces. These white regions are observed in only the specimens with

amide functionalized CNTs. Such white regions are also an indication of chemical

reaction of the amide reactive group with the toughened RS-47 matrix. The matrix

consists of two epoxies (DGEBA and TGDDM), curing agent (DDS) and a thermo-

plastic toughener phase (most likely PES). However, it is not clear at this point about

which phase reacts with the functional group on the nanotubes.

The higher magnification images show suppression of matrix deformation in these

white regions. This will contribute to a reduction in fracture toughness, as matrix

deformation is extremely important mechanism for providing toughness to the com-

posite material.

Fig. 75 shows higher magnification images to further investigate the fracture

mechanisms. First observation is that the network of nanotubes is quite extensive

and the local volume fraction of CNTs seems to be much higher than global volume

fraction. The main reason for this is due to the localization of the CNT rich area

in the interphase region between two pre-pregs. Second observation is the formation

of voids and break down of matrix in the form of fibrils indicating crazing/croiding

like mechanism. Third observation is the stretching of nanotube bundles at 45◦ di-

rection indicating shearing forces on this surface. The most important observation is
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(a) (b)

(c) (d)

Fig. 71. Delamination fracture surfaces of pristine CNT modified UDPP composites.

71(a) Delamination surface showing suppressed matrix deformation, 71(b)

Presence of voids at few spots, 71(c) Comparatively clean delamination sur-

face (suppressed shear), 71(d) Reduced sizes of the shear hackles.
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(a) (b)

(c)

Fig. 72. Higher magnification of delamination fracture surfaces of pristine CNT modi-

fied UDPP composites. 72(a) Suppressed shear hackles and stretched pristine

CNT ropes, 72(b) Higher magnification of extended (stretched) ropes in the

shearing direction (45◦ to crack propagation direction), 72(c) Presence of

entangled network of pristine CNTs.
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(a) (b)

(c) (d)

Fig. 73. Spherulites on amide functionalized CNT modified UDPP composites. 73(a)

Presence of spherulites on the delamination fracture surface, 73(b) Higher

magnification image showing fibrils of spherulites, 73(c) Flat surfaces in

the spherulites region, 73(d) Higher magnification of the flat surfaces in

spherulitic region.
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the large suppression of shear hackle mechanism and presence of undeformed matrix

regions on the delamination plane. These observations strongly support the observa-

tion of reduced shear properties and reduced fracture toughness of composites with

amide functionalized nanotubes. This research provided some initial assessments for

the reduction in fracture toughness by addition of pristine or amide functionalized

nanotubes. It is extremely important to continue this study for better explanation of

toughening mechanisms and to prevent fracture toughness reduction in composites.

7. Electrical Conductivity

The electrical conductivity of unidirectional pre-preg composites is very high because

of the high volume fraction of carbon fibers which are very conductive 103 S/cm.

These carbon fibers form conducting percolation network due to contact and thus

are already percolated systems as shown in Fig. 76. No improvement has been ob-

served by introducing carbon nanotubes in all layers of the pre-preg composites. Thus

the electrical conductivity improvement of the matrix has not be transferred to such

systems at laminate scale. The electrical conductivity of laminates containing low

conductivity fibers (glass, silicon carbide, etc.) might be an area of impact for trans-

ferring matrix conductivity at the laminate scale.

D. Summary

The main contributions presented in this chapter are summarized as follows:

1. A new material system is produced by introduction of pristine and amide function-

alized single wall carbon nanotubes in unidirectional carbon fiber reinforced tough-

ened epoxy matrix composite laminates.

2. About 20% improvement is found in the transverse modulus by adding just 1.0 wt%
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(a) (b)

(c) (d)

Fig. 74. Delamination fracture surfaces of amide functionalized CNT modified UDPP

composites. 74(a) Presence of white spots on the delamination fracture sur-

face, 74(b) Large white regions near initiation site, 74(c) Higher magnifica-

tion of the white region, 74(d) Higher magnification shows flat surfaces in

white region.
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(a) White spots on the delamination
fracture surface

(b) Magnified white spots

(c) Presence of voids in the white re-
gion

(d) Voids and extended CNT ropes

(e) Voids and extended (stretched
ropes) in shearing direction

(f) Presence of entangled and embed-
ded network of amide functionalized
CNTs

Fig. 75. Higher magnification of delamination fracture surfaces of amide functional-

ized CNT modified UDPP composites.
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Fig. 76. Formation of percolation network in unidirectional fiber composite laminate.

of amide functionalized nanotubes. However, the in-plane shear modulus is found to

be decreased due to functionalized nanotubes.

3. The transverse strength and the shear strength are found to be reduced by addition

of functionalized nanotubes.

4. Possible reason for reduction in strength is due to insufficient evaporation of solvent

after spraying process or due to modified stoichiometric proportion of amine group

in the epoxy system resulting in additional amine group from functionalization that

can act as plasticizing agent.

5. Classical laminate analysis is used to model a representative laminate system con-

sisting of interphase layers of nanocomposites.

6. The predictions from the model are somewhat comparable with experimental mea-

surements, except for the case of in-plane shear modulus. However, much more work

needs to be done in modeling part to be able predict the response of these complex

systems.

7. There is a large reduction in interlaminar fracture toughness of composites with
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pristine and amide functionalized nanotubes. Some of the mechanisms that might be

responsible for this behavior have been identified in this research.

8. Formation of shear hackles is seen to be the main contributor of toughness in RS-47

matrix based composites and suppression of this mechanism along with suppressed

fiber bridging resulted in reduction of initiation and propagation fracture toughness

in these composites.

The research topic of toughening laminated composites using carbon nanotubes

is still very new and the concepts of toughening process are still unclear in such com-

posites. The understanding of the exact role played by the nanotube reinforcement in

the toughening process requires much more work and only some initial understanding

has been provided based on the observations from the current work.
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CHAPTER VI

SUMMARY AND FUTURE CHALLENGES

A. Summary and Significance of Present Work

The key outcomes from the present research are the development of processing meth-

ods and characterization methodology for multi-scale multi-functional composites

based on the epoxy resin. The research objectives lead to setting up of process-

ing methods for nanocomposites using cast molding method, vacuum assisted resin

tranfer molding method for woven carbon fiber composites with spraying technique

for selective placement of nanotubes and hot press method for unidirectional carbon

fiber pre-preg based composites. Good quality nanocomposites, woven fabric com-

posite laminates and unidirectional fiber composite laminates are obtained by way of

this research.

After establishing processing technique, a characterization methodology is es-

tablished for investigating multi-functional properties of such composites. Nanocom-

posites are tested to investigate the interaction of various types of carbon nanotubes

(pristine SW, functionalized SW, XD) with the epoxy resin. Fracture mechanisms

are identified based on high resolution fractography of such nanocomposites. The ob-

served mechanisms are important to identify plausible contribution by introduction

of carbon nanotubes in the brittle epoxy matrix.

The effect of carbon nanotubes on the interlaminar fracture of traditional ad-

vanced composites for aerospace applications containing woven as well as unidirec-

tional fibers are evaluated through multi-scale characterization and testing. In this

process, some of the structure-property relationships are identified in such material

systems, providing a physical understanding of the mechanisms introduced due to
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localized dispersion of carbon nanotubes by selective placement into the compos-

ites. Microscopic investigation played an important role in explaining the mechanical

testing results for the interlaminar fracture toughness and the interlaminar shear

strength. The fundamental understanding of the exact role of the dispersed nano-

phase and contribution to the macro-scale properties is still mostly unclear and more

work is needed for providing such an understanding. The present research work shows

a small attempt in that direction.

In addition to establishing a methodology for processing and characterization

of multi-scale multi-functional composites, the generated data can be used across a

range of length scales to validate micromechanics, fracture or damage mechanics based

models along with computational chemistry based molecular dynamics simulations for

multi-scale modeling of the proposed system.

B. Future Challenges

The understanding of the exact role of the nano/micro dispersed phases in the tough-

ening process of advanced composites is an open question. More experimental work

is needed to establish better structure-property relationships and improve the un-

derstanding of fracture processes at the nanoscale. In addition, significant modeling

efforts are needed to understand the behavior of fracture processes at the nanoscale

and its impact on the macroscale properties.
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APPENDIX A

FRACTURE TOUGHNESS OF NANOCOMPOSITES

Nanocomposite Fracture Toughness

Mechanical properties from Gojny et al. [18]

Mechanical properties from Sue et al. [134]

The above tables show improvement in fracture toughness for epoxy based nanocom-

posites.
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APPENDIX B

DETAILS OF CLASSICAL LAMINATE THEORY MODEL

The following flow chart represents the calculation of elastic constants using clas-

sical laminate theory model. This flow chart has been taken from Issac Daniel and

Ori Ishai Book on Engineering Mechanics of Composite Materials. The nanocom-

posite properties were calculated by using Mori-Tanaka micromechanics method and

the carbon nanotubes were randomly oriented using orientation averaging method

proposed by Entchev-Lagoudas Method.

The local volume fraction of the carbon nanotubes in the nanocomposite layer

and the thickness of nanocomposite layer was calculated based on fiber areal weight

and density of carbon fibers and carbon nanotubes.

The case for incorporating nanocomposite interleaf between the pre-pregs and

the resulting laminate properties have been presented as follows. Edge view and

cross-section view of a nanocomposites layer between two unidirectional pre-pregs.

Longitudinal modulus of different laminates from classical laminate theory.

Transverse modulus of different laminates from classical laminate theory.

In-plane shear modulus of different laminates from classical laminate theory

Figures shows the modeling results from classical laminate theory for longitudinal

and transverse modulus. The HM Graphite/Epoxy system is chosen for comparative

analysis. There are nine horizontal bars in each figure. The first three results are

for 10 layer composites only. First one is for control laminate without nanotubes

and next two cases are for 10 layer pre-preg laminates modified with nanotube rein-

forced epoxy. Thus nanotubes exist throughout the matrix. The next six cases are

for 22 layer composites by introduction of thin layers of epoxy or nanocomposites
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between alternate layers of pre-pregs. When nanocomposite layers are introduced,

it is represented by HM Graphite/Mod-Epoxy-NC-PSW for nanocomposite contain-

ing pristine nanotubes and HM Graphite/Mod-Epoxy-NC-FSW for nanocomposite

containing functionalized nanotubes. The layer thickness is represented by 5 µm or

50 µm. The nanocomposite layer properties are taken from the dynamic mechani-

cal analysis tests on randomly oriented nanotubes reinforced epoxy matrix. There

was a 6% and 20% improvement in isotropic elastic modulus of the pristine and the

functionalized single wall nanotubes embedded in toughened RS-47 epoxy matrix

respectively.

Fig. B shows that there is no effect on the longitudinal modulus as a result

of addition of nanotubes. The base laminate longitudinal modulus is higher than

the experimental value because high modulus graphite fibers are used for modeling

purpose instead of IM7 carbon fibers used for experimental investigation. When the
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neat epoxy or nanocomposite interphase layer is introduced, it reduces the original

volume fraction (60%) of the carbon fibers. Thus we see a decrease in longitudinal

modulus, however, the decrease is consistent for laminates with or without nanotubes.

Increasing the interphase layer thickness results in further decrease in longitudinal

modulus, as there is a further decrease in the carbon fiber volume matrix. So there are

two important observations from Fig. B. First, there is no effect on the longitudinal

modulus due to the presence of nanotubes, whether throughout the matrix or in

the interphase layer. Secondly, addition of the interphase layer and increasing its
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thickness results in reducing the longitudinal modulus.

The results as shown in Fig. B indicate an increase in the transverse modulus by

addition of nanotubes. The functionalized nanotubes show a greater impact as com-

pared to the pristine nanotubes. The best results are obtained when functionalized

nanotubes are present throughout the matrix, followed by, when pristine nanotubes

are present throughout the matrix. The improvement in transverse modulus of about

6% and 11% for specimens with pristine and functionalized nanotubes respectively,

is in close agreement with the experimentally observed increase of 6% and 12% for

specimens with 0.5 wt% of pristine and functionalized nanotubes respectively.

The introduction of thin layers of 5 micron thickness does not show significant

effect as compared to the composite containing 5 micron layers of neat epoxy. How-

ever, the presence of 50 micron layers of functionalized nanotubes shows significant

improvement of about 12% (in the transverse modulus) over the composite containing

50 micron layers of neat epoxy.

The in-plane shear modulus, which is also a matrix dominated property, shows

almost similar behavior as transverse properties(Fig. B). The maximum improvement

is for the case of functionalized nanotubes present throughout the matrix system

instead of just in the interphase layers. In all the modeling cases presented here, when

the nanotube reinforced epoxy nanocomposite layer is introduced between pre-preg

layers, it results in increased matrix volume fraction and corresponding decrease in the

carbon fiber volume fraction. The actual experiment does not involve introduction

of additional epoxy, so there is no change in the total carbon fiber volume fraction.

This case has been discussed in the modeling section of Chapter V.
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